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Preface

A promising approach and ongoing challenge in macromolecular science exploits
the formation of complex ordered structures by (macro)molecular self-assembly.
The various examples of biomacromolecules in nature impressively demonstrate
how a well-defined primary molecular structure can lead to a rich complexity of
structure and function on a hierarchy of different length scales. Our growing ability
to control molecular structures in synthetic macromolecules opens new pathways to-
ward novel complex macromolecular architectures, where hierarchical organization
and long-range interactions enable to design new functions and tailor physical and
chemical properties. The combination and interplay of these well-balanced “internal
fields” with “external fields” such as mechanical, electrical, magnetic, electromag-
netic, and/or the interactions with surfaces are a powerful tool to create defect-free
and perfectly ordered macromolecular structures on a macroscopic scale, leading to
new material properties, processes, and applications.

Therefore, the scientific understanding, control and manipulation of macro-
molecules, and the implementation in devices and applications of higher complexity
are of critical importance for advances and breakthroughs of emerging technolo-
gies. Complex macromolecular systems play a key role in technology areas such as
the generation, conversion, storage, and conservation of energy, organic electronics,
photonics, information storage, and communication and display technology.

Within this context, the German Research Foundation (Deutsche Forschungs-
gemeinschaft) established in 1998 at the University of Bayreuth the Collaborative
Research Centre (Sonderforschungsbereich) SFB 481 on Complex Macromolecular
and Hybrid Systems in Internal and External Fields. The basis for this Collaborative
Research Centre was the long-term interdisciplinary research focus on “Macro-
molecular and Colloid Research” at the University of Bayreuth. This focus included
research groups from macromolecular chemistry, physical chemistry, experimental
physics, theoretical physics, and materials science & engineering. After a maximal
funding period of 12 years, members of SFB 481 now present highlights of their
scientific achievements in the form of review articles in Volumes 227 and 228 of
Advances in Polymer Science.

The first volume contains review articles on electric field-induced effects on
block copolymer microdomains (by H. Schoberth, V. Olszowka, K. Schmidt, and
A. Böker); on experiments and simulations of the nanopattern evolution in block
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copolymer thin films (by L. Tsarkova, G.J.A. Sevink, and G. Krausch); on non-
lithographic approaches for topographical structuring of polymer surfaces utilizing
external mechanical fields and buckling instabilities (by A. Schweikart, A. Horn,
A. Böker, and A. Fery); on a generalization of the usual hydrodynamic descrip-
tion of destabilization and reorientation of layered systems under shear flow (by
D. Svenšek and H.R. Brand); on the thermal diffusion in polymer blends, focusing
on experimental and theoretical investigations on the patterning and structure forma-
tion processes (by W. Köhler, W. Zimmermann, and A. Krekhov); and on foaming
of polymer blends, microstructured and nanostructured by triblock terpolymers (by
H. Ruckdäschel, P. Gutmann, V. Altstädt, H. Schmalz, and A.H.E. Müller).

The second volume provides review articles on recent advances in polyelectrolyte
stars and cylindrical brushes (by Y. Xu, F. Plamper, M. Ballauff, and A.H.E. Müller);
on various aspects of interfacial self-assembly of nanoparticles in liquid–liquid
interfaces and in block copolymers (by N. Popp, S. Kutuzov, and A. Böker);
on the materials development and photophysics of azobenzene-containing block
copolymers as potential media for reversible volume holographic data storage and
azobenzene-containing molecular glasses for the controlled formation of surface
relief gratings (by H. Audorff, K. Kreger, R. Walker, D. Haarer, L. Kador, and
H.-W. Schmidt); on donor–acceptor block copolymers with nanoscale morphology
for photovoltaic applications (by M. Sommer, S. Hüttner, and M. Thelakkat); and
on recent advances in the improvement of polymer electret films with potential ap-
plications in microphones, sensor devices, electret filters, and in energy-harvesting
devices (by D.P. Erhard, D. Lovera, C. von Salis-Soglio, R. Giesa, V. Altstädt, and
H.-W. Schmidt).

On behalf of all members of the Collaborative Research Centre 481 on Com-
plex Macromolecular and Hybrid Systems in Internal and External Fields, we
wish to thank the Deutsche Forschungsgemeinschaft for financial and administra-
tive support, the voluntary reviewers of the proposals for their invaluable judgment
and advice, the Bavarian State Ministry of Sciences, Research and the Arts, and
the University of Bayreuth for their ongoing support to continuously develop and
strengthen the interdisciplinary research focus on “Macromolecular and Colloid Re-
search” at the University of Bayreuth. Undoubtedly, all of these measures helped to
advance the impact and international visibility.

Bayreuth, April 2010 Hans-Werner Schmidt
Axel Müller

The authors would like to dedicate these two volumes of Advances in Polymer
Science to their colleagues and friends, Prof. Raimund Stadler and Prof. Lorenz
Kramer, members of this Collaborative Research Centre, who passed away much too
early. Their scientific vision and inspiring research had a great impact on progress
and success of this Collaborative Research Centre.
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Effects of Electric Fields on Block Copolymer
Nanostructures

Heiko G. Schoberth, Violetta Olszowka, Kristin Schmidt,
and Alexander Böker

Abstract In this chapter we overview electric-field-induced effects on block
copolymer microdomains. First, we will consider the thin film behavior and elu-
cidate the parameters governing electric-field-induced alignment. We describe the
structural evolution of the alignment in an electric field via quasi in situ scanning
force microscopy (SFM) using a newly developed SFM setup that allows solvent
vapor treatment in the presence of high electric fields. Second, we will turn to bulk
structures and show novel effects of high field strengths on the block copolymer
phase behavior. We will describe a procedure that allows tuning the morphology
and size of the nanoscopic patterns by application of high electric fields and present
experimental evidence for the electric-field-induced decrease of the order–disorder
transition temperature in a block copolymer.

Keywords Electric field · Block copolymers · Microdomain orientation · In situ
SFM · Orientation mechanism
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Abbreviations

1D One-dimensional
2D Two-dimensional
CCD Charge-coupled device
E Electric field
F Free energy
Mn Number-average molecular weight
Mw Weight-average molecular weight
ODT Order–disorder transition
P2 Orientational order parameter
PHEMA Poly(2-hydroxyethyl methacrylate)
PI Polyisoprene
PMMA Poly(methyl methacrylate)
PS Polystyrene
PVP Poly(2-vinyl pyridine)
S47H10M43

82 Polystyrene-block-poly (2-hydroxyethyl
methacrylate)-block-poly(methyl methacrylate)

S50V50
78 Polystyrene-block-poly(2-vinyl pyridine)

SAXS Small-angle X-ray scattering
SFM Scanning force microscopy
SI Polystyrene-block-polyisoprene diblock copolymer
TEM Transmission electron microscopy
THF Tetrahydrofuran
TODT Order–disorder transition temperature

1 Introduction

Block copolymers are ideal candidates for the structuring of surfaces on the
nanometer scale because they form highly regular microdomain structures via
self-assembly (in the order of some tens of nanometers) both in bulk as well as
in thin films. Unfortunately, these microdomains only exhibit short-range order
within a grain and it is still a challenge to align the microdomains in such a way
as to yield macroscopic orientation or even a single domain structure. Various
methods have been devised to induce long-range orientation and order in thin block
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copolymer films. External fields such as shear fields [1, 2], temperature gradients
[3], selective solvent evaporation [4], directional solidification [5], or graphoepitaxy
[6] have been employed successfully. In addition, the large potential of electric
fields for the generation of in-plane and out-of-plane alignment of block copolymer
microdomains has been shown [7–10].

This chapter deals with the behavior of block copolymer nanostructures sub-
jected to electric fields. We will consider the thin film behavior, elucidate the
parameters governing the electric-field-induced alignment, and finally turn to bulk
structures and show novel effects of high field strengths on block copolymer
phase behavior.

2 Control of Orientational Order in Thin Films

First, we turn to the electric field strength at which interfacial interactions are over-
come, allowing the microdomains to orient along the electric field vector [11–15].
This field strength is known as the threshold electric field strength, Ethresh, and can
be described with respect to the difference between the interfacial energy of each
block with the substrate, Δγ , the static dielectric constants of the respective blocks,
εA and εB, and the film thickness, d [15, 16]:

Ethresh = Δγ1/2 2(εA + εB)1/2

εA − εB
d−1/2. (1)

From (1) it can be seen that a small film thickness, a large Δγ and a small dielectric
contrast between the blocks, Δε (given by εA − εB), lead to an increase of Ethresh.
In order to decide whether a given block copolymer system can be aligned using an
electric field, many tedious and time-consuming experiments are usually required
to determine a minimum field strength at which the nanostructure orients in the
applied field. The same holds true for the maximum possible degree of order in
the aligned thin films. In this chapter, we demonstrate a combinatorial approach
allowing the simultaneous determination of the above-described parameters in one
experiment under constant environmental conditions (e.g., temperature, solvent va-
por) by a fixed voltage as a function of the electrode distance.

Two lamellar block copolymers will now be discussed. Polystyrene-block-
poly(2-hydroxyethylmethacrylate)-block-poly(methylmethacrylate) [S47H10M43

82;
consisting of 47 wt% polystyrene (PS), 10 wt% poly(2-hydroxyethyl methacrylate)
(PHEMA) and 43 wt% poly(methyl methacrylate) (PMMA) with a total number-
average molecular weight (Mn) of 82 kg/mol] and polystyrene-block-poly(2-vinyl
pyridine) (S50V50

78; consisting of 50% PS and 50% PVP with Mn of 78 kg/mol)
were synthesized by sequential living anionic polymerization as described in detail
elsewhere [9, 12, 17]. The static dielectric constants of the PS, PMMA, and PVP
were 2.4, 3.6, and 7.5, respectively [18]. Thus, the dielectric contrast Δε between
the respective blocks yields 1.2 for PS/PMMA and 5.1 for PS/PVP. For the electric
field studies, films of the respective block copolymers with lamellar orientations
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perpendicular to the substrate were prepared as reported earlier. This resulted in
film thicknesses (d) of 37± 2nm for S47H10M43

82 and 745± 2nm for S50V50
78

[9, 17, 19].
In order to study the influence of the electric field strength on the degree of align-

ment, ex situ experiments with gradient gold electrodes on a glass substrate were
performed. The electrode distance was chosen as a linear gradient ranging from
5 to 50μm. The height of the electrodes was around 55 nm (this height corresponds
to the film thickness of the S47H10M43

82 block copolymer film swollen during the
solvent vapor treatment) [9]. The limited electrode height does not influence the
electric-field-induced ordering process due to the dominating in-plane component
of the electric field on and between the electrodes, even in the case of films that are
significantly thicker than those used here. A schematic of the electrode geometry
is shown in Fig. 1. Due to the very small aspect ratio between electrode spacing
and the electrode length (6 mm), the electric field can be considered homogeneous.
A voltage of either 75 or 150 V was applied, resulting in a field strength gradient of
1.5–30V/μm.

The microdomain orientation as a function of the electric field strength was mon-
itored by a series of scanning force microscopy (SFM) images taken in the center
between the electrodes. The entire electrode length of 6 mm was screened in steps
of a few tens of microns. From the azimuthal intensity distribution of the 2D Fourier
transformations of the SFM images, the orientational order parameter P2 was calcu-
lated according to:

P2 =
3 < cos2 φ > −1

2
(2)

with

< cos2 φ >=

∫ 2π

0
dφ

(
Iq(φ) · cos2 φ · |sin (φ)|)

∫ 2π

0
dφ (Iq(φ) · |sin(φ)|)

. (3)

Fig. 1 Top view of gradient electrodes on a glass substrate. The height of the electrodes is 55 nm.
The electrode gap is not true to scale and the gradient (5–50μm) has been exaggerated for clarity.
The dotted line shows the axis along which the SFM images were taken. Reprinted with permission
from Macromolecules [20]. Copyright 2008 American Chemical Society
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The angle ϕ quantifies the in-plane direction, with ϕ = 0◦ corresponding to the
direction along the stripe-like electrodes. For an alignment of the lamellae along
the field direction (maximum azimuthal intensity distribution of the 2D Fourier
transform intensity at ϕ = 90◦), P2 ranges from 0 to −0.5 with P2 = −0.5 corre-
sponding to the fully oriented case.

To achieve in-plane alignment in a lamellar block copolymer thin film, the
lamellae have to be oriented perpendicular to the plane of the film in the first
place. As we have shown earlier, in the block copolymer system S47H10M43

82

perpendicular alignment of the lamellae is achieved spontaneously at zero elec-
tric field [9, 17]. In short, a thin brush layer of the block copolymer is adsorbed
onto the (polar) substrate via the PHEMA middle block, resulting in a stripe pat-
tern of the two majority components PS and PMMA. In thicker films, this brush
layer seems to serve as a template for perpendicular lamellae [21, 22]. This can be
seen in Fig. 2a, which shows SFM images of a thin S47H10M43

82 film annealed for

Fig. 2 (a–i) Series of SFM phase images (z-range: 0◦–10◦) of a 39-nm thick S47H10M43
82 film

after annealing for 6.5 h in saturated toluene vapor in the gradient electrode setup. The arrow in
(a) indicate the direction of the electric field vector. Scale bar: 500 nm. Reprinted with permission
from Macromolecules [20]. Copyright 2008 American Chemical Society
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6.5 h in saturated toluene vapor at a position between the gradient electrodes with an
electric field strength of 2.5V/μm. The image exhibits a striped surface structure,
which can be interpreted as upstanding lamellae. The characteristic lateral spacing
amounts to some 55±8nm, in reasonable agreement with the spacing of 49±6nm
for the dried bulk material [17]. However, the stripe pattern exhibits a large num-
ber of defects and does not show any long-range order. Increasing the electric field
strength E from 5.1 to 5.2V/μm yields some grains with a preferred orientation of
the lamellae parallel to the electric field vector.

This onset of alignment is not markedly reflected in a decrease of the order pa-
rameter, which yields P2 = −0.11 for the image in Fig. 2b and P2 = −0.12 for the
image in Fig. 2c (P2 data are shown in Fig. 3). At a slightly larger electric field
strength of 5.3V/μm (Fig. 2d) the predominant alignment of the lamellae parallel
to the electric field vector is found to be more pronounced, which is also reflected
in the decrease of P2 to −0.16, which is about 50% of the value finally achieved
in this experiment. Thus, from the SFM images and the onset of the ordering
process, the threshold field (Ethresh) that is required for parallel alignment of the
lamellae of the polymer S47H10M43

82 with respect to the electric field lines (under
the given environmental conditions and in the time frame of our experiment) is
5.2− 5.3V/μm. For electric field strengths less than 5.2V/μm, an alignment of
the lamellae parallel to the electric field lines cannot be achieved, even after longer
annealing times. Increasing the electric field strength further from 7.2 to 15V/μm
(as shown in Fig. 2e–g), leads to a structure with a rather limited number of de-
fects and a predominant alignment parallel to the electric field lines. This is also
reflected in a continuing decrease of P2 from −0.20 (Fig. 2e and Fig. 3) to −0.31
(Fig. 2g and Fig. 3). We note here that even longer annealing times at E = 15V/μm

Fig. 3 Evolution of orientational order parameter P2 at different electrode distances plotted versus
the electric field strength E. The letters next to the marked values correspond to the SFM images
in Fig. 2a–h. The error of P2 due to inhomogeneities in the film and the phase contrast can be
estimated to be about ±0.02. Reprinted with permission from Macromolecules [20]. Copyright
2008 American Chemical Society
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did not improve the orientational order significantly. The block copolymer film was
therefore subjected to higher field strengths; however, 20V/μm and more lead to a
decrease in P2 to −0.15 (Fig. 2h and Fig. 3).

From the SFM image in Fig. 2h, it is found that the intensity of the phase signal
strongly decreases, pointing to changes in the polymeric structure. This observa-
tion is supported by the SFM image of the film at 30V/μm, where severe damage
to the film can be seen (Fig. 2i). Moreover, a significant decrease in film thickness
is observed with time. In this high voltage range, the electric breakdown voltage
has been reached, leading to ionization of the surrounding gas atmosphere, which
finally results in the formation of a gas plasma. Thus, we can deduce that the film
is ablated by a plasma etching process. As a result, besides the threshold field, an
upper limit of the field strengths in the range of 20–30V/μm can also be identi-
fied. The fact that the ideal value of P2 = −0.5, describing perfect alignment, is not
reached during the experiments can be explained as follows: From a technical point
of view, the low contrast ratio between the different polymer phases in the raw data
leads to a rather noisy Fourier spectrum, which deteriorates the numerical value of
P2. In addition, we note that the value of P2 is similar to those determined for bulk
solutions of the same polymer via real-time small-angle X-ray scattering (SAXS)
measurements [11]. This finding points towards a more fundamental reason. Since
the electrodynamic driving force scales with cos2 θ , where θ is the tilt angle of the
lamellar normal vector with respect to the electric field vector, the energy gain for
improved alignment is expected to continuously decrease as the angle between the
lamellae and the electric field direction approaches zero [23]. Therefore, within fi-
nite annealing times, no “perfect alignment” is to be expected. The observed limiting
value for P2 is likely to be determined by a combination of the above reasons.

The evolution of the order parameter as a function of the electric field strength
(as plotted in Fig. 3) shows a linear dependence up to the onset of polymer decom-
position. With increasing electric field strengths the order parameter decreases, i.e.,
the lamellar structure increasingly aligns parallel to the electric field vector. The dif-
ference in the free energy between the aligned and nonaligned state, ΔF , is predicted
to be proportional to [(εA − εB)2/(εA + εB)]E2 [23, 24]. However, there is no direct
link to the expected degree of order, especially as the electric-field-induced driving
force strongly depends on the tilt angle of the lamellar normal vector with respect
to the electric field vector, as pointed out above.

In order to demonstrate the applicability of our method to other block copolymer
systems, we exposed a thick diblock copolymer film of S50V50

78 with upstanding
lamellae (generated by selective solvent vapor treatment in toluene [19]) to an
electric field in the same gradient electrode geometry as described above. As the di-
electric contrast between the PS and the PVP is larger than that for PS and PMMA,
if we consider the dielectric term in (1), a threshold field for S50V50

78 would be
expected that is about three times lower than for S47H10M43

82. In addition, accord-
ing to the larger dielectric contrast between the blocks in S50V50

78 compared to
S47H10M43

82, the gain in free energy and thus the electrodynamic driving force is
about an order of magnitude larger for the PVP-based block copolymer. Figure 4
shows a series of SFM phase images of a 745± 2− nm thick S50V50

78 film after
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Fig. 4 (a–d) Series of SFM phase images (z-range: 0–20◦) of a 745± 2-nm thick S50V50
78 film

after annealing for 20 h in saturated toluene vapor in the gradient electrode setup. The arrow in
(a) indicate the direction of the electric field vector. Scale bar: 500 nm. Reprinted with permission
from Macromolecules [20]. Copyright 2008 American Chemical Society

20 h of annealing with saturated toluene vapor under a gradient electric field. All
images reveal a stripe pattern of upstanding lamellae. Even at the largest electrode
spacing of the gradient electrode (which corresponds to an electric field strength
of 2.5V/μm) a preferential orientation of the lamellae parallel to the electric field
lines is observed (Fig. 4a). Therefore, the threshold electric field strength for the
alignment of the lamellae of S50V50

78 is smaller than 2.5V/μm. Larger field
strengths lead to a significant increase of the degree of orientation (Fig. 4b–d). At
E = 15V/μm, an almost defect-free structure is found (Fig. 4d). These observations
are in good agreement with the predictions from theory [15, 23]. Unfortunately,
due to the low contrast between the different polymer phases in the raw data of
the SFM images, leading to a Fourier spectrum with a low signal-to-noise ratio, a
reliable order parameter P2 could not be determined from the images. However, our
data clearly show that by increasing the dielectric contrast of the polymer blocks,
a reduced threshold field strength and an improved orientation of the lamellae
can be achieved. This valuable information was gained in a single combinatorial
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experiment using a gradient electric field setup under constant environmental
conditions, thereby establishing an efficient testing method for the processability
of various polymer systems with electric fields and their applicability for electric-
field-based surface patterning procedures.

3 In Situ Observation of Domain Orientation

The key to an understanding of the orientation behavior of block copolymer
microdomains in thin films is knowledge of the underlying microscopic mechanisms
that contribute to the rearrangement of domains. Although shear and electric field
alignment of block copolymers in bulk have been studied by a variety of different
techniques such as in situ birefringence [25], in situ small angle neutron scattering
[26], ex situ [27–29] and in situ small-angle scattering (SAXS) [12, 30, 31], little
is known about the relevant processes of block copolymer alignment under electric
fields in thin films.

We observed the structural evolution of the alignment in an electric field via
quasi in situ SFM using a newly developed SFM setup that allows solvent vapor
treatment in the presence of high electric fields. Quasi in situ SFM imaging, firstly
demonstrated by successive plasma etching of thin polymer films [32], provides
the possibility to reposition the SFM probe on a specific sample spot after ex situ
treatment with high accuracy with respect to the lateral displacement between tip
and sample. This technique allows straightforward examination of the same sample
spot prior to and after treatment. Using the above approach, we compared the density
of two particular defect types with the evolution of the orientational order parameter
during the alignment process. This revealed the essential role of tori defects for
the lamella-reorientation mechanism. Further, the quasi in situ technique allowed
elucidation of the influence of the electric field strength on the propagation velocity
of the topological defects.

For the alignment experiments, gold electrodes were evaporated onto a glass sub-
strate. The electrode distance was chosen as 10μm. The height of the electrodes was
around 55 nm to compensate for swelling of the film in the presence of solvent vapor,
allowing the thin film treatment under a homogeneous electric field. A schematic of
the electrode geometry is shown in Fig. 5.

The quasi in situ SFM setup utilizes a modified commercial SFM (Dimension
3100 equipped with a NanoScope IV SPM controller and a XY closed-loop scan-
ner, all from Veeco Instruments.). A detailed description of the setup is reported
elsewhere [9, 32, 34]. Si3N4 cantilevers from Olympus were used (OMCL-AC160TS,
spring constant ∼40N/m, resonance frequency 200–300 kHz). All measurements
were performed at free amplitudes of about 30–50 nm and a relative set point of
about 0.95.

Figure 6 shows a schematic setup and a photograph of the SFM setup. The orig-
inal sample holder system of the SFM (chuck and chuck-base) was replaced by
a special air bearing table, which can be controlled by an external vacuum pump
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Fig. 5 Schematic of electrodes on a glass substrate. The thickness of the chrome and gold layer
(5 + 50nm) and the gap between the electrodes (10μm) are not true to scale. The size of the
arrangement (sample size) is about 6×6×1mm3. The electric field is homogeneous between the
electrodes. Reprinted with permission from [33]. Copyright 2009 American Chemical Society

Fig. 6 (a) Schematic and (b) photograph of the quasi in situ SFM setup. Adapted with permission
from Soft Matter [9]. Copyright 2006 Royal Society of Chemistry

in order to fix the table during the experiment. The air bearing table holds a reac-
tor chamber module made of machinable ceramics. The top opening of the reactor
chamber can be closed by a moveable lid.

The sample treatment is executed as follows: The sample is located inside
the chamber. The SFM scanner is retracted by about 8 mm from the sample. Then the
chamber is closed by the lid. In order to anneal the sample successfully, we per-
form the treatment in a hermetically sealed reactor chamber. The sample is exposed
to chloroform vapor while a voltage is applied across the electrodes on the glass
substrate. The gas flow rate through the system is controlled by mass flow controllers
and additionally checked by a flow meter installed at the outlet of the chamber. After
a certain annealing time, the solvent is removed with a flow of pure argon while the
voltage is still applied in order to quench the structure in the presence of the elec-
tric field. Subsequently the lid is opened, the voltage is switched off, and the SFM
scanner is moved towards the sample. This procedure is repeated several times. The
accomplishable position stability as a key performance feature of the quasi in situ
SFM amounts to almost the same value as reported in [32] (low pressure plasma
treatments). The increase in lateral drift is only about 23 nm per process step. The
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technical details will be published elsewhere. The SFM tip can easily and reliably
be repositioned on a specific sample spot. The scan area (3×3μm2) was kept con-
stant during the experiment. In a first post-processing step the remaining lateral
offsets between successive SFM images were corrected by maximization of the
cross correlation between the images. To reduce nonlinear image distortions the
images were then subsequently registered following the method described in [35].
After registration, a smaller detail of each SFM image was cut out to provide a series
of images taken at exactly the same spot of the sample (see later for an example).
For further details on the experimental setup, refer to [34].

Figure 7a displays a SFM phase image of a spin-coated S47H10M43
82 film that

has a disordered surface structure. The ordering effect of the simultaneous solvent
vapor annealing and application of a voltage between the electrodes is shown in
Fig. 7b. After 6.5 h of treatment the stripe pattern appears highly ordered parallel to
the electric field vector. Importantly, during the swelling of the film, the polar middle
PHEMA block remains anchored to the substrate. This preserves the self-assembled
stripe pattern of the two major PS and PMMA blocks (Fig. 7c).

3.1 Quasi In Situ Imaging

In order to elucidate the mechanism of microdomain alignment, we used the newly
developed quasi in situ SFM. Due to the high electric field strength and the sharp
SFM tip it is impossible to perform in situ scanning in the presence of the electric
field. The electric field would produce SFM artifacts due to additional electrostatic
forces between tip and sample. Moreover, the applied voltage can easily damage
the piezoelectric scanner by flashovers. Performing ex situ sample treatments with
the aim of imaging the same spot on the sample prior to and after annealing would
require time-consuming repositioning protocols. This might not be feasible because
of rather abrupt changes in the structure during the snapshot treatment in the electric
field [36]. With the experimental setup used here we managed to overcome these
problems [9].

Our approach is validated by comparison of the treatment time when the sample
is treated continuously and step-wise for snapshot imaging. Since in both cases the
complete orientation of the stripe pattern along the electric field vector is achieved
within 6–7 h, we concluded that the quasi in situ treatment has no significant effect
on the mechanism of the microdomain alignment and ordering.

In Fig. 8, the evolution of the initially disordered structure (Fig. 8a) into a highly
ordered, defect-free lamellar array (Fig. 8i) is shown as a function of the treatment
time. The most representative defects at different time-scales of the structure evo-
lution were identified and quantitatively analyzed. Ring-like defects (tori defects),
as well as defect configurations with interrupted continuity of a lamella domain
(open-end defects) dominate at the early stage of the orientation process, while only
classical topological defects (disclinations and dislocations) are observed at the
late stages of the long-range ordering, in agreement with recent observations [37].
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Fig. 7 SFM phase
(Δϕ = 0–20◦) images
of a 39-nm thick
S47H10M43

82 film: (a) after
spin coating and (b) after
annealing for 6.5 h in
saturated toluene vapor at
15V/μm. The arrow in
(b) indicate the direction of
the electric field vector.
(c) Microphase-separated
structure in an ultrathin ABC
block copolymer film with
the short middle block
selectively anchored to the
substrate (adapted from [17]).
Reprinted with permission
from ACS [33]. Copyright
2009 American Chemical
Society

In SFM phase images, the tori are represented by the harder PMMA phase, which
thus appears brighter than the PS phase.

Snapshot imaging of the same spot revealed that the lamella alignment proceeds
via creation, opening, and joining of tori structures (Fig. 8a–i). When the initially
disordered pattern in Fig. 8a is subjected to a 30-min treatment, the tori defects
become clearly visible (Fig. 8b). During the next treatment steps, the tori break
and open (Fig. 8c–f), and finally merge into straight lamellae (Fig. 8g–i). On the
one hand, merged tori form lamellae with the orientation parallel to the electric field
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Fig. 8 (a–i) Crops (150×150nm2) from registered SFM phase images illustrating the transition
from the disordered structure (a) to highly ordered striped pattern (i). The arrow in (a) indicate the
direction of the electric field vector. Scale bar: 500 nm. The film was annealed in saturated chloro-
form vapor under an electric field of 15V/μm in the quasi in situ SFM chamber. The PMMA phase
appears brighter in the images than the PS phase. The raw data were acquired by scanning areas of
3×3μm2, with 1024×1024 pixels, using TappingMode imaging. Reprinted with permission from
ACS [33]. Copyright 2009 American Chemical Society

vector, while on the other hand the merging of tori connects neighboring lamellae
that are already oriented along the electric field via bridges (necks) (see for exam-
ple Fig. 8g). Such bridges allow chain transport in the direction orthogonal to the
PS–PMMA interface without crossing it. This kind of point defect was observed in
the lyotropic lamellar liquid crystal phase [38, 39], and very recently in cylinder-
forming block copolymer films with sufficient chain mobility [37]. After further
annealing, the bridges between ordered lamella are annihilated (Fig. 8h).

At the late stage of lamella orientation, classical topological defects (dislocations
and disclinations) dominate [40, 41] (Fig. 8h and Fig. 9), and their movement and
annihilation can be followed in Fig. 8h–i and Fig. 9. The latter presents an example
of the apparent topological defect interactions and their transformations. Displayed
are two dislocations of PMMA, which have an attractive interaction due to their
opposite core sign. Therefore, in the next annealing step the dislocation is shifted
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Fig. 9 Details from quasi in situ SFM images showing the interaction of a (−)- and (+)-
dislocation of PMMA under an electric field of 15V/μm. The lower images illustrate the
movement of the defects visible in the upper images. The propagation velocity amounts to
192 ± 5nm/h. Reprinted with permission from ACS [33]. Copyright 2009 American Chemical
Society

one lamella up. The fact that the defects, after the applied snapshot treatment, be-
have and interact in agreement with what is known about typical defects in block
copolymers and in other kinds of soft and solid matter [42, 43] is an additional
confirmation that the step-wise annealing does not affect the ordering mechanism.

Important quantitative information regarding the alignment process was gained
through detailed analysis of the defect density and of the structure order parameter.
Figure 10 shows the defect density of tori and of the open-end defects as a
function of time. The data was collected from 3 × 3μm2 SFM images. After
short-term annealing of about 5 min, a similar density of tori and of open-end
defects (ca. 60 defects/μm2) was measured. With further treatment, the number of
open-end defects decreased exponentially until they vanished after ∼370min of the
film treatment. In contrast, new tori defects were formed after further annealing,
with the density reaching its maximum value of about 110 defects/μm2 after about
80 min of film treatment. With further annealing and corresponding ordering, the
number of tori constantly decreased, and after ∼410 min all tori were annihilated.

The orientational order parameter P2 was calculated according to (2) and (3) and
plotted as a function of time in Fig. 10. The plot shows an almost linear dependence
and reaches a constant value of P2 = −0.21 after approximately 320 min of film
treatment. Comparison of the time-evolution of the defect density with the evolution
of P2, suggests that open-end defects are quickly annihilated during the alignment
process, whereas tori defects are generated to support the orientation process during
its early stage. We note that open-end defects are generated as a result of the fast
freezing of the structure during sample preparation by spin-coating, and that they
are energetically highly unfavorable due to the high local curvature of the interface.
As a consequence, in the course of annealing, their density is always smaller than
the density of the tori.
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Fig. 10 Time evolution of the defect density (left-hand axis) and of the orientational order param-
eter P2 (right-hand axis) during combined treatment with an electric field and solvent annealing.
The lines are drawn as guides to the eye. The data was collected from 3× 3μm2 SFM images.
Reprinted with permission from ACS [33]. Copyright 2009 American Chemical Society

The creation of the tori has the advantage that the polymer chains are able to
diffuse along the A–B–C interface. If an electric field is applied, breaking of the tori
along the electric field vector is favorable. In order to form a perfectly aligned struc-
ture, no translational movement of the center of mass of the tori is required. Simply
breaking and merging the tori is sufficient. Thus, such a ring-like structure is an
ideal transition state during the reorientation process. Interestingly, similar ring-like
defects were previously found in dynamic density functional theory simulations and
transmission electron microscopy images of bulk PS-b-PHEMA-b-PMMA samples
oriented from a concentrated solution under an electric field [44, 45]. In addition,
the creation of tori was also described in the smectic phase of liquid crystals [46]
and in the cylinder phase of block copolymers [37, 47] as a transient excited state.

Finally, we analyzed the velocities of the topological defects during annealing at
zero electric field and in the presence of an electric field. Figure 11a, b shows two
examples of the propagation of dislocations after annealing in chloroform vapor at
zero electric field and subsequent quenching with argon. The defect velocities (ν)
were calculated via the changes in the xy-positions of the white points (marked in the
images), and amount to 15±5nm/h. We note that the displayed dislocations are not
surrounded by other defects and therefore any interaction forces can be excluded.
When similar isolated defects are subjected to an electric field with a strength of
15V/μm (Fig. 11c–d), a distinct increase in defect velocity is detected. The dislo-
cations in Fig. 11c–d propagate at a velocity of 93± 5nm/h. For comparison, we
evaluated the propagation velocity of two dislocations with an opposite sign under
an applied electric field of 15V/μm (Fig. 9). Here, the two defects are found to
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Fig. 11 Propagation of
classical defects at zero
electric field (a, b), and at an
electric field strength of
15V/μm (c, d). The
velocities were calculated via
the change in the xy-positions
of the white points and
amount to 15±5nm/h
(a, b) and 93±5nm/h (c, d).
Reprinted with permission
from ACS [33]. Copyright
2009 American Chemical
Society

approach one another with an average velocity of 192± 5nm/h. In this case, the
velocity of a dislocation in the vicinity of another dislocation with an opposite sign,
and thus with an attractive interaction, is about twice as high as the defect velocity
of an isolated dislocation.

4 Reversible Tuning of the Domain Spacings

We will now turn to the bulk behavior of block copolymers. In this respect, we
will concentrate on the phase behavior of the systems under high electric fields.
First, we describe a procedure that allows tuning of the morphology and size of
the nanoscopic patterns. In the past, this was typically achieved by changing the
molecular weights or the block ratios of the polymers used. However, this only al-
lows control of the characteristic spacing on a coarse scale and precise adjustment
of the spacing is impossible. The addition of homopolymer corresponding to one
or both of the polymer blocks or the addition of a nonselective solvent have suc-
cessfully been used to fine-tune block copolymer nanostructures [48–51]. However,
exact adjustment to within a percent or so of the characteristic spacing seems barely
possible. Moreover, this approach is not reversible.

We have studied three different lamellar polystyrene-block-polyisoprene (SI)
diblock copolymers (see Table 1) with molecular weights of around 50 kg/mol using
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Table 1 Composition
and molecular weight of the
studied polystyrene-block-
polyisoprene (SI)
copolymers

Isoprene volume Molecular weight
Polymer fraction (%) (kg/mol)

SI51 48 51
SI48 45 48
SI47 39 47

SAXS at the ID2 beamline at the European Synchrotron Radiation Facility (ESRF,
Grenoble, France). The static dielectric constants of the PS and polyisoprene (PI) are
2.4 and 2.1, respectively. The polymers were dissolved in toluene or tetrahydrofuran
(THF) with concentrations of 50–57 wt%. The experiments were performed at room
temperature in a home-built capacitor with electrode spacing of 1 mm (see Fig. 12).
A direct current voltage of up to 10 kV was applied across the electrodes and re-
sulted in a homogeneous electric field, pointing perpendicular to the direction of
the X-ray beam, with a maximum strength of 10 kV/mm. The diameter of the X-ray
beam was 100μm. The photon energy was set to 12.5 keV. SAXS patterns were
recorded with a 2D camera located at a distance of 10 m from the sample within
an evacuated flight tube. The charge-coupled device (CCD) detector can monitor up
to 300 frames (1024×256pixels) at a rate of 22 frames/s. The highest resolution of
the camera is 2048× 2048pixels. Before data analysis, background scattering was
subtracted from the data and corrections were made for spatial distortions and for
the detector efficiency.

To exclude effects that might arise from the reorientation process itself, all
samples were prealigned; therefore most of the lamellae were oriented along the
electric field lines. Figure 13a shows the scattering patterns for different electric field
strengths. We observed highly anisotropic SAXS patterns at higher electric fields.
The position of the first-order Bragg peak is different for lamellae aligned in the
field direction and for those perpendicular to the field direction. Figure 13b shows
the effect of the electric field strength on the lamellar spacing calculated from the
position of the first-order Bragg peak for the lamellae aligned in the field direction
(filled circles) and the lamellae aligned perpendicular to the field (open circles).
The lamellar distance for the lamellae oriented along the field lines decreases rapidly

Fig. 12 Experimental setup
for the in situ SAXS
measurements. Depending
on the type of experiments
the capacitor, represented
by two electrodes, can be
temperature-controlled.
The X-ray beam penetrates
the sample perpendicular
to the electric field vector
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Fig. 13 Effect of an electric field on the lamellar distance of a block copolymer solution. (a) 2D
scattering pattern of a 50 wt% solution of SI51 dissolved in THF for different electric field strengths.
(b) Dependence of the lamellar distance d of parallel ( filled circles) and perpendicular (open cir-
cles) aligned lamellae, with respect to the electric field lines, on the electric field strength for the
same solution. (c) Proposed chain stretching effect for lamellae aligned parallel to the field lines.
Adapted with permission from Nature Materials [57]. Copyright (2008) Nature Publishing Group

with increasing electric field strength, whereas the lamellar distance for the lamel-
lae oriented perpendicular to the field increases only slightly. This behavior could
be explained by stretching of the polymer chains. The only theoretical prediction
of chain stretching of block copolymers under the influence of an electric field was
described by Gurovich [52, 53]. His results, based on self-consistent field theory
calculations, indicate that the electric field polarizes the monomers, interacts with
the induced polar moments, and eventually orients them. In consequence, chains are
elongated parallel or perpendicular to an applied field depending on the anisotropic
polarizability of the monomers.

The equilibrium microphase structures of block copolymers result from a
competition between entropic and enthalpic contributions to the free energy. The
former accounts for the entropic losses due to stretching or compression of the
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polymer chains. The latter accounts for the interfacial energy (Finterfacial), which
depends on the segregation power. Whereas the interfacial energy favors large
lamellar spacings, the entropic stretching prefers smaller ones where the chain is
in its most probable conformation [54]. The interfacial energy of a phase-separated
block copolymer solution can be estimated by considering the polymer concentra-
tion, polymer composition, interaction parameter of the blocks with each other, and
the interaction parameter between the blocks and the solvent [55]. It is given as:

1
kBT

F interfacial = χAB fA fB + χAS fA fS + χBS fB fS, (4)

where kB is Boltzmann’s constant, T is the temperature, χ is the interaction parame-
ter and f is the volume fraction of A-block, B-block and solvent. For a 50 wt% solu-
tion of SI51 in THF, F interfacial = 245.58J/mol, corresponding to a lamellar distance
of 26.7 nm that was determined experimentally. For a 57 wt% solution, we can
determine Finterfacial = 251.74J/mol, corresponding to a lamellar distance of
27.8 nm. It was shown earlier that the lamellar distance is proportional to the
concentration of polymer solution in the concentration range 35–70 wt% [12].
Therefore, for the relatively small changes observed here (namely about 6% change
in lamellar spacing, corresponding to concentrations of 50 and 57 wt%), we can
use a linear approximation for the relationship between lamellar distance and
interfacial energy. Hence, we can estimate the reduction of the interfacial en-
ergy due to the electric field. For 50 wt% solution of SI51 in THF, we observed
a decrease of the lamellar distance from 26.7 nm without field to 25.6 nm under
an electric field of 12 kV/mm, corresponding to Finterfacial = 245.58J/mol and
Finterfacial = 239.35J/mol respectively. Thus, the interfacial energy is reduced by
6.23 J/mol owing to the electric field.

If a lamella is aligned parallel to the field direction (Fig. 13c), we expect the fol-
lowing effect: the chains will be stretched along the field direction, that is, parallel
to the phase boundary. Therefore, to a small extent, the electric field counteracts
the stretching induced by the microphase separation. In consequence, the chain
conformation entropy increases and the lamellar distance decreases. On the other
hand, if the lamellae are oriented perpendicular to the electric field direction, the
chain stretching induced by the electric field acts perpendicular to the lamellar
plane and therefore adds to the stretching already induced by the microphase separa-
tion. In consequence, the lamellar spacing increases and the conformational entropy
decreases further. Owing to the associated entropic penalty, this effect is indeed ex-
pected to be weaker than in the other direction, in agreement with the experimental
observation (Fig. 13b). Such a chain stretching is associated with a reorientation of
the monomeric units of the polymer chain. For the overall process to be energetically
favorable, the decrease in the electric energy associated with the monomer reorien-
tation has to compensate the energetic penalty for the chain stretching. The electric
energy could be decreased by two different effects: anisotropic polarizability of the
polymer and reorientation of permanent dipole moments of the chain monomers.
Owing to its symmetry and rotational freedom, we do not expect the phenyl side
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group to have a net influence on the chain orientation. Hence, we expect a stronger
response of the PI chains because of the high polarizability and dipole moment of
the 1,4-polyisoprene backbone C = C double bonds [56].

We next consider the gain in electric energy that compensates the energetic
penalty for the resulting chain stretching. We observe a decrease of the lamella thick-
ness by 1.1 nm due to the electric field. The length of one PI monomer is 6.8 Å [58].
As the monomers can be reoriented from two different orientations perpendicular to
the electric field lines (in-plane and out-of-plane with respect to the interface), we
can estimate that four PI monomers have to change their orientation from perpen-
dicular to parallel to the field lines to cause the observed decrease in the lamellae
thickness. The change of electric energy associated with this reorientation is given
by the gain in polarizability. Per PI chain, we have:

w =
1
2

nα E2 (5)

where w is the electric energy and α is the difference in polarizability of the PI
monomer in the directions parallel and perpendicular to the backbone. It amounts
to 2.42 × 10−40 cm2/V [59]. With our effective experimental electric field of
Eeffective = E/ε = 2.28× 106/Vm and the four monomers calculated above, we
get w = 0.0015J/mol. If the chains are stretched because of different polarizabili-
ties along and perpendicular to the backbone of the chain as described by Gurovich,
the gain in energy from reorientation is about three orders of magnitude too small to
solely induce the observed effect. However, when considering the electric energy
due to reorientation of the permanent dipole moment of the PI monomers, it is
adequate to account for our experimental observations. For this, we calculate per PI
chain:

w = n pparallel ×E. (6)

With pparallel = 10× 10−31 cm, we get w = 5.49J/mol, which is in the right order
of magnitude and would yield a sufficient driving force for the observed effect [56].

To assess the influence of incompatibility, composition, and different solvents we
quantify the relative change in the lamellar distance as follows:

Δd =
dperpendicular −dparallel

dwithout field
. (7)

For all solutions, we find a linear dependence of Δd on the electric field strength.
However, we observe a different behavior for different degrees of phase separation,
for different solvents, and for different compositions. Comparing 50 wt% SI51 and
57 wt% SI51 solutions in THF (Fig. 14a), the chain stretching effect is stronger for
systems with a lower concentration, that is, a lower degree of phase separation.
As mentioned above, the lamellar distance is determined by the balancing of the
interfacial energy and the entropic energy. The degree of phase separation has an
influence only on the interfacial energy, that is, a lower degree of phase separation
leads to a lower interfacial energy. Thus, as the electrical energy of the field is the
same, the entropic energy has a stronger influence at lower concentrations and the
relative change is higher for solutions with lower interfacial energy.
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Fig. 14 Dependence of the relative change in the lamellar distance Δd = (dperpendicular −
dparallel)/d0 on the electric field strength E. (a) Dependence on the degree of phase separation:
50 wt% (open diamonds) and 57 wt% ( filled diamonds) SI51 in THF. (b) Dependence on the sol-
vent type: 50 wt% SI51 in THF (open diamonds) and 50 wt% SI51 in toluene (filled diamonds).
(c) Dependence on the composition: SI51 (PI volume fraction 48%) (diamonds), SI48 (PI volume
fraction 45%) (circles), and SI47 (PI volume fraction 39%) (triangles); all 50 wt% solutions in
THF. Adapted with permission from Nature Materials [57]. Copyright (2008) Nature Publishing
Group
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Furthermore, we also show that the solvent has an influence by comparing the
copolymer SI51 dissolved in toluene and in THF (Fig. 14b). The THF solution is
more strongly influenced by the electric field than the toluene solution. Both THF
and toluene are good solvents for PI (χPI-toluene = χPI-THF = 0.40) and PS; however,
the solubility of PS is slightly higher in THF than in toluene (χPS-toluene = 0.44,
χPS-THF = 0.32) [60]. Thus, the interfacial energy is lower for the THF solutions.
Because the same arguments as noted above can be applied to this case, the THF
solutions are more affected.

In addition, we also find a significant influence of the block copolymer compo-
sition on the magnitude of the chain stretching effect. This is illustrated in Fig. 14c,
where we compare three different block copolymers with varying PI content (all
50 wt% solutions in THF) but nearly the same molecular weight. As mentioned
above, we expect that the effect is mainly induced by the stretching of the PI chains.
Indeed, the polymer systems with a higher PI content show a stronger response to
the electric field.

As the change in the characteristic spacing of the microdomain structure can be
highly useful with respect to possible technological applications, it is of great in-
terest to quantify the kinetics and the reversibility of this process. Therefore, we
followed the time evolution of the lamellar distance on application of the electric
field. To be able to monitor the time dependence of this process, we used the lowest
possible resolution of the CCD detector that allows images with the highest possi-
ble time resolution to be taken, that is, 45 ms per image. Figure 15a shows a plot
of the time dependence of the lamellar distance for lamellae oriented in the field
direction when the electric field is switched on. As soon as the electric field is ap-
plied, the copolymer structure responds and the periodicity of the lamellae decreases
immediately. This process is faster than the time resolution of the detector, that is,
the process has a time constant considerably smaller than 45 ms. To assure that the
process is reversible, we followed the relaxation of the domain spacing after the
applied field was switched off. Figure 15b shows the time evolution of the lamel-
lar distance of the aligned lamellae when the field strength is decreased (owing to
the high voltage applied, it takes several seconds for the capacitor to unload). The
domain size closely follows the decreasing electric field strength.

Fig. 15 Time dependence of the lamellar distance d of aligned lamellae (diamonds). (a) Time
dependence with increasing electric field strength (E; solid line) for a 50 wt% solution of SI51

dissolved in toluene. (b) Time dependence with decreasing electric field strength for the same
solution. Adapted with permission from Nature [57]. Copyright (2008) Nature Publishing Group
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This very rapid response of the concentrated solutions suggests a reasonable
kinetic behavior in the melt. However, for future applications, there is also the possi-
bility of quickly quenching the solutions under an applied electric field. This would
freeze the structure at any desired microdomain spacing.

5 Influence of a High Electric Field on the Order–Disorder
Transition

After reading Sect. 4, one may anticipate that sufficiently high electric fields not only
deform the polymer coils in solution, but also have a strong impact on the phase
behavior at the order–disorder transition (ODT). Earlier experiments by Debye
and Kleboth in 1965 showed that the phase behavior of binary mixtures can be
influenced by external electric fields. They found that a moderate electric field
lowers the critical point of a mixture of low molecular weight components [61].
In 1993, Wirtz et al. proved the same for polymer solutions of homopolymers [62].
However, the behavior of block copolymer systems in melt and solution is still under
debate because different theoretical approaches predict opposite effects of an elec-
tric field on different binary systems (polymer–solvent or polymer–polymer). On
one hand, the electric field favors mixing and reduces the order–disorder transition
temperature (TODT) [63, 64]. On the other hand, the electric field should suppress
composition fluctuations and weaken the phase transition, thus causing TODT to
shift to higher temperatures [65]. So far, theory only agrees that the observed effect
should increase with increasing electric field strength [52, 62, 66–69]. However, in
the past, it was anticipated that experimentally accessible electric fields would not
be of sufficient strength to induce a measurable effect [63].

Next, we present experimental evidence for the electric-field-induced decrease
of TODT in a block copolymer. Because of the high melt viscosities, temperatures
close to the decomposition temperature and extremely high electric field strengths
are required to achieve a measurable effect. In recent studies, we have demonstrated
that concentrated block copolymer solutions in a neutral solvent act like a melt,
thereby effectively circumventing the above-mentioned limitations [31, 57, 70].

For the experiments, a lamella-forming SI copolymer consisting of 46 wt% PS
and 54 wt% PI with a total number-average molecular weight of 108 kg/mol and a
polydispersity (Mw/Mn) of 1.05 was used. The polymer was dissolved in toluene
at a concentration of 32.5 wt%. The temperature-controlled experiments were per-
formed in a home-built cubic capacitor designed for square (2×2mm2) glass tubes,
which fit between the electrode spacing of 2 mm. The whole capacitor is filled with
insulating oil, which is also used to heat the sample. The oil temperature can be
adjusted by an external temperature control system to within ±0.05K. The X-ray
beam penetrates the sample in the center of the capacitor through two small tubes
with diamond windows to reduce the background scattering from the oil.

A direct current voltage of up to 20 kV was applied across the electrodes, result-
ing in a homogeneous electric field pointing perpendicular to the direction of the



24 H.G. Schoberth et al.

X-ray beam, with a maximum strength of 10 kV/mm. The basic layout of the setup
is shown in Fig. 12. Synchrotron SAXS measurements were performed at the ID2
beamline at the European Synchrotron Radiation Facility (ESRF, Grenoble, France).
The diameter of the X-ray beam was 150μm. The photon energy was set to 12.5 keV.
SAXS patterns were recorded with a 2D camera located at a distance of 5 m from
the sample within an evacuated flight tube. An image intensified CCD detector was
used, which can handle the full X-ray flux. The CCD detector is capable of acquir-
ing continuously high resolution images of 2048× 2048 pixels every 5 s. Prior to
data analysis, background scattering was subtracted from the data and corrections
were made for spatial distortions and for the detector efficiency.

In order to determine TODT, the solution of SI was filled into the glass tube and
sealed to avoid solvent evaporation. As the volume of the glass tube is small com-
pared to the volume of the surrounding oil, the oil temperature in the capacitor cube
was taken as the actual temperature of the sample. Next, we applied a constant
heating rate of 1.25◦C/min starting below TODT at 45◦C. At 62◦C, above TODT, the
temperature was kept constant for a few minutes in order to equilibrate the system.
Subsequently, the cooling cycle was started with a rate of −1.25◦C/min until 45◦C
was reached. Again, we kept the temperature constant, followed by the application
of an electric field of 3 kV/mm. With the electric field we oriented the lamellae par-
allel to the electric field vector as reported earlier [12]. After complete orientation,
we applied a different electric field strength and proceeded with the next heating and
cooling cycle [31, 70]. Notice that we always oriented and equilibrated the sample at
3 kV/mm and 45◦C before each cycle to have the same starting conditions. To avoid
systematic errors, we used a random sequence of electric field strengths. In addi-
tion, we repeated the measurements for different electric field strengths to ensure
reproducibility.

To define general criteria for TODT we looked at changes in the patterns of the 2D
SAXS images. The 2D scattering patterns show typical corrugated peaks for ori-
ented lamellae as long as the system is in the phase-separated regime (see Fig. 16a).
Heating the sample above TODT results in an isotropic intensity distribution. The
azimuthal scattering reflects this behavior, as can be seen in Fig. 16b. For oriented
lamellae parallel to the electric field vector, the maximum intensity can be found
at ϕ = 0◦ and ϕ = 180◦, whereas for an isotropic disordered state a uniform dis-
tribution is obtained. Therefore, we propose the orientational order parameter P2

as a good indicator for the ODT. It is calculated according to (2) and (3). As an
additional indicator for the ODT, the characteristics of the 1D scattering profile can
be used [71]. Besides a narrow first-order peak, additional peaks of higher orders
are visible below TODT. Above TODT, all higher order peaks vanish and a broad first-
order peak remains, which arises from the correlation hole scattering and does not
change during further heating (see Fig. 17).

During the heating and cooling cycles, we took SAXS images every 5 s to
document the evolution of the system. In Fig. 16a we show four exemplary 2D
SAXS patterns around the ODT during a heating cycle. The electric field strength
was set to 3 kV/mm. A significant difference between the scattering patterns is
clearly observed. While heating the polymer solution, the scattering becomes more
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Fig. 16 (a) 2D-SAXS images of a 32.5 wt% solution of SI in toluene under an electric field of
3 kV/mm at different temperatures. The arrow in the first image indicates the direction of the elec-
tric field vector. (b) Azimuthal scattering intensity after background subtraction and normalization.
The curves correspond to the sequence of images in (a). (c) Order parameter P2 ( filled circles) and
temperature (solid line) as functions of time. Numbers 1–4 correspond to scattering patterns shown
in (a) and (b). Adapted with permission from Macromolecules [72]. Copyright 2009 American
Chemical Society

and more isotropic, i.e., the degree of order decreases until a completely uniform
intensity distribution is found. Fig. 16b shows the corresponding azimuthal distri-
bution of the scattering intensity. The time dependence of P2 and the corresponding
temperature of the sample are shown in Fig. 16c. Starting with P2 = −0.22, the or-
der parameter increases during the heating cycle and reaches ∼0 at 53.3◦C, which
we determine as T ODT

h (3 kV/mm) according to the conditions defined above. The
points corresponding to the SAXS pattern in Fig. 16a, b are marked in Fig. 16c.
P2 remains constant until the temperature falls below T ODT

c (3 kV/mm) during
the cooling cycle. We can verify the TODT by analyzing the 1D SAXS profile for
the appearance of higher order peaks and the correlation hole scattering. Figure 17
presents a series of measurements starting at 52.0◦C. The higher order peaks van-
ish prior to the transition, while the azimuthal scattering distribution at 53.0◦C is
still slightly anisotropic. Reaching 53.3◦C, the shape of the first-order peak does
not change anymore and the azimuthal scattering intensity distribution becomes
isotropic.

By performing the described analysis for every heating and cooling cycle for dif-
ferent electric field strengths, in random order to exclude any possible effects of the
sample history, we derived the dependence of TODT on the electric field strength,
which is shown in Fig. 18. We find a clear decrease of the TODT with increasing
electric field strength for the heating cycles. During cooling, the transition always
occurs at the same temperature, independently of the applied field. One would
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Fig. 17 Time evolution of the SAXS spectra of a 32.5 wt% solution of SI in toluene exposed to an
electric field of 3 kV/mm during heating cycle. The order–disorder temperature (TODT) was 53.3◦C.
The dashed lines correspond to temperature above the TODT and the solid lines to temperatures
below TODT. Data in black correspond to the pattern shown in Fig. 16. Reprinted with permission
from Macromolecules [72]. Copyright 2009 American Chemical Society

Fig. 18 Order–disorder
transition temperature (TODT)
as a function of the electric
field strength E of a 32.5 wt%
solution of SI in toluene. The
temperatures have been
obtained during cooling
(open circles) and heating
cycles (solid circles) of the
solution. The dashed line at
53.0◦C refers to the constant
temperature experiment in
Fig. 19. Reprinted with
permission from
Macromolecules [72].
Copyright 2009 American
Chemical Society
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expect the same influence for both heating and cooling cycles. This discrepancy can
be explained as follows: As we pre-align the lamellae in the microphase-separated
regime, the system exhibits well-ordered and large domains. Therefore, the electric
field can act on these domains and induce their melting during the heating pro-
cess. In the case of cooling of the system, a kinetic effect comes into play. As long
as the temperature is above T ODT

c = 53.8± 0.2◦C the system is disordered, i.e.,
there are no lamellar domains for the electric field to act on. As soon as the sys-
tem starts to microphase separate, very small domains are generated that are too
small to couple effectively to the electric field [23]. Because the cooling rate is
too large, the temperature of the system is already below T ODT

h before the elec-
tric field can act on the growing domains and suppresses the microphase separation.
Hence, the system remains microphase-separated. Therefore, this behavior depends
strongly on the chosen cooling rate and follows T ODT

h dependence only for very
small cooling rates.

To verify this assumption, we changed the procedure in order to exclude kinetic
effects. We heated the system to 10 K above TODT without an electric field un-
til it was completely disordered. In the disordered state we applied an electric
field of 7 kV/mm. Cooling very slowly down to 53.0◦C with a rate lower than
−0.1◦C/min allowed the sample to remain in the disordered state. The correspond-
ing SAXS spectra are shown in Fig. 19. Switching off the electric field at the same
temperature resulted in microphase separation of the sample. The influence of the
electric field could be considered as crossing the horizontal line of transition in
the phase diagram. This transition is fully reversible because switching the elec-
tric field on and off toggles disordering and microphase separation of the sample.

Fig. 19 SAXS spectra of a 32.5 wt% solution of SI in toluene at a constant temperature of
53.0◦C. The electric field strength was switched between 7 kV/mm (disordered, dashed lines) and
0 kV/mm (microphase separated, solid lines). Reprinted with permission from Macromolecules
[72]. Copyright 2009 American Chemical Society
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Further decreasing the temperature with an applied field of 7 kV/mm again induces
microphase separation. This behavior confirms the general result that the electric
field lowers the TODT, as found during the heating cycle.

6 Conclusion

In conclusion, we have given an overview on the parameters governing the electric-
field-induced orientation of block copolymer microdomains. A new method for
determination of the threshold field strengths for thin films has been presented. In
addition, we have demonstrated the power of quasi in situ SFM imaging to reveal
typical intermediate structures during thin film orientation, and identified the cre-
ation of ring-like defects as an important step during microdomain alignment.

When turning to bulk samples, we have presented first experimental results on
the influence of high electric fields (E > 5kV/mm) on the microdomain struc-
tures. On one hand, chain deformation was shown to be the reason for the change
in domain spacing at sufficiently high electric fields, which allows tuning the mi-
crodomain spacing on the order of a few nanometers. On the other hand, large field
strengths also show an effect on the TODT. For fields of about 8.5 kV/mm we find
a decrease in the TODT of more than 1.5 K. This could be used to tailor samples by
locally melting specific spots with spatially confined electric fields.

All the above-described effects show the high potential of the application of elec-
tric fields to block copolymer systems and also encourage the design of additional
experiments aiming to find novel effects that might broaden the range of potential
applications for block copolymer-based systems.
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Nanopattern Evolution in Block Copolymer
Films: Experiment, Simulations and Challenges

Larisa Tsarkova, G.J. Agur Sevink, and Georg Krausch

Abstract The present contribution reviews novel insights into block copolymer
phase behavior and nanostructure formation in confined geometries. We focus on
state-of-the-art experimental and theoretical progress in this area, with an emphasis
on characterization methods and techniques that provide a quantitative framework
for fundamental analysis. We discuss and compare basic system parameters that are
readily controlled in simulations and in experiments, and present comparative stud-
ies of increasing degree of complexity concerning the phase behavior and ordering
dynamics of cylinder- and lamella-forming block copolymers in thin films.
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1 Introduction

Thin block copolymer films have been the subject of intensive research over the last
few decades, using both experimental and theoretical means. This interest is primar-
ily due to the high potential of block copolymers in (nano)technological applications
(see [1–5] for comprehensive reviews) and stems from their intrinsic ability to
phase-separate and (self-)assemble into uniform microdomains with tunable dimen-
sions, as well as on the unlimited number of pathways for introducing nanostructure
functionality. Applications of block copolymer thin films in nanotechnology range
from masks for nanolithography [6, 7], templates for controlled arrangement of
nanoparticles [8, 9] and fabrication of nanoporous films [10], photonic band-gap
materials [3, 9], high-density information storage media [11, 12], and many other
more intricate yet fascinating applications.

The recent success in control and optimization of block copolymer patterns as
well as block copolymer-based hybrid structures has been enabled by significant
advances in thin film modeling and characterization. In particular, the rather recent
developments of realistic models and atomic imaging techniques has been key to
the determination of fundamentals underlying structure formation and ordering in
block-copolymer thin films [13–22]. Surface fields effects (i.e., modification of the
interfacial interactions at the surfaces of the film) as well as constraints caused by
the confinement (i.e., control over the substrate topography and/or film thickness)
have proved to be effective in manipulating phase behavior (microphase separation
and structure orientation) both at the film surface and in the interior of the film.
Control of the above parameters is often referred to as the “bottom-up” approach,
in order to emphasize the fundamental role of the confined geometry on structure
formation.

Uniform orientation and long-range lateral order of the microdomains with low
or even vanishing densities of defects are a prerequisite for applications in nan-
otechnology. The standard experimental routine, consisting of equilibration of block
copolymers under elevated temperature or in a solvent vapor, has had limited success
in this respect, despite considerable research efforts. Several alternative strategies
utilizing external stimuli were developed to overcome this functional limitation of
block copolymer patterns [19, 21, 23, 24]. Variation of the solvent quality and of the
velocity of the solvent evaporation during preparation, for example, provide rather
flexible means of controlling the resulting structures and their orientation relative to
the film plane, but are prone to many undefined variables. Theoretical studies have
guided experimentalists into the rationalization of microdomain ordering mecha-
nisms upon application of external electric fields [25, 26], through utilization of
graphoepitaxy (chemically or topographically patterned surfaces) [23, 27, 28], or by
quenching thick films at temperatures close to the order–disorder transition (ODT)
temperature [29].

The present paper focuses on recent progress in experimental, theoretical, and
experimental-simulational comparative studies of nanostructure formation in con-
fined geometries that have led to the disclosure of novel fundamental insights.
We review in particular the detailed results for the phase behavior and ordering



36 L. Tsarkova et al.

dynamics in thin films of cylinder- and lamella-forming block copolymers. The
emphasis lies on the characterization methods and techniques that provide quan-
titative information for analytical and simulational methodology. This new under-
standing is further used to analyze particular experimental conditions, which have
to be varied in order to target specific applications of nanopatterns. Along with map-
ping phase behavior of swollen and molten block copolymers in thin films, we focus
on issues that are seldom discussed in the literature: molecular architecture effects,
including complex ABC terpolymers; collective defect dynamics; swelling under
confinement; analysis of the microdomain dimensions and of structure in the inte-
rior of the films.

1.1 Block Copolymers

Block copolymers consist of two or more covalently bounded immiscible compo-
nents (blocks) and belong to the class of ordered fluids that display crystal-like order
on a mesoscopic length scale and fluid-like order at a microscopic scale. The meso-
scopic structure formation in such systems is governed by competing interactions.
The incompatibility of the monomers of different blocks provides the short range
repulsion, which drives the phase segregation of the blocks into microdomains with
mesoscopic length scales of 10–100 nm (microphase separation). A macroscopic
phase separation is prohibited due to the covalent bond between the blocks.

In mean field theory, two parameters control the phase behavior of diblock
copolymers: the volume fraction of the A block fA, and the combined interaction
parameter χABN, where χAB is the Flory–Huggins parameter that quantifies the in-
teraction between the A and B monomers and N is the polymerization index [30].
The block copolymer composition determines the microphase morphology to a great
extent. For example, comparable volume fractions of block copolymer components
result in lamella structure. Increasing the degree of compositional asymmetry leads
to the gyroid, cylindrical, and finally, spherical phases [31].

If there are no strong specific interactions between A and B monomers like
hydrogen bonding or charges, the interaction parameter χAB is usually a positive
value and is small compared to unity. Positive values of χAB indicate a net en-
thalpic repulsion of the monomers. If χABN is large enough, the system minimizes
the non-favorable contacts between A and B monomers by microphase separation
(strong segregation). The induced order incorporates some loss of translational and
configurational entropy. χAB is inversely proportional to the temperature of the sys-
tem. Therefore, mixing of the blocks is typically enhanced at elevated temperatures.
When the temperature of the system increases (χAB decreases), the entropic fac-
tors eventually dominate and the system becomes disordered. This process is called
ODT. Since the enthalpic and entropic contributions scale as χAB and N−1, respec-
tively, the product χABN controls the phase state of the polymer [31].



Nanopattern Evolution in Block Copolymer Thin Films 37

1.2 Physics of Block Copolymers in Thin Films

A block copolymer in a confined environment exhibits certain properties that can
be characterized as thin film behavior. This behavior is primarily dictated by the
enhanced role of surface/interfacial energetics, as well as by the interplay between
the characteristic block copolymer spacings and the film thickness.

1.2.1 Surface Fields

Surface fields are defined as differences in the surface/interfacial energies between
A and B blocks of the copolymer at the film surfaces. They determine to a great
extent the film composition near the surfaces, i.e., the wetting conditions. The in-
terfacial energetics and related wetting conditions for lamella-forming systems are
explicitly delivered in the review by Fasolka et al. [32]. Symmetric wetting occurs
when the same block is located at both interfaces. Alternatively, block copolymer
films with different blocks at each surface, termed antisymmetric films in the case
of lamella systems, exhibit asymmetric wetting conditions.

1.2.2 Surface Relief Structures

Preferential attraction of one of the blocks to the surface brakes the symmetry of
the structure and results in layering of microdomains parallel to the surface plane
through the entire film thickness. The energetically favored film thicknesses are then
quantinized with the characteristic structure period in the bulk through the forma-
tion of surface relief structures, also called terrace formation. These structures were
established initially for lamella systems [37–39] and later for cylinder- [40–43] and
sphere-forming block copolymers.

Experimentally, nucleation and subsequent growth of surface relief structures
have been investigated as a function of surface fields [44–46], molecular archi-
tecture [37], film thickness [39, 47, 48], and annealing conditions [37–40, 49].
A more detailed summary of the experimental studies can be found in recent re-
views [15, 19, 50, 51]; theoretical work on this issue is summarized in [41, 42].

The spontaneous development of the macroscopic topographic features in spin-
coated samples, or in samples prepared by a gradient combinatorial approach
[52, 53], has been fruitfully used for the analysis of thickness-dependent morpholog-
ical behavior by constructing phase diagrams of surface structures [43, 49, 53, 54].

An interesting, but little-exploited, strategy is to use a regular thickness gradient
created by patterned substrates in order to achieve complex sequenced microphase-
separated structures within macroscopic topographic patterns [55, 56].
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1.2.3 Deviations from the Bulk Morphology

The intrinsic 3D interfacial curvature in compositionally asymmetric block copoly-
mers provides extra degrees of freedom for the phase behavior in hexagonally
structured microdomains. It is now well established that confinement of a cylinder-
forming block copolymer to a thickness other than the characteristic structure
dimension in bulk, together with surface fields, can cause the microstructure to de-
viate from that of the corresponding bulk material. Surface structures in Fig. 1 are
examples of simulated [57–59] and experimentally observed morphologies [40, 49,
60–62] that are formed in thin films of bulk cylinder-forming block copolymers.

ABC terblock copolymers in confined geometries exhibit a higher versatility and
complexity of phase behavior than do binary block copolymers, and this has only
been partly explored so far [4, 18, 63].

With advanced knowledge of the underlying physics, the structure formation in
block copolymer films can be guided to achieve the most desirable large-domain
ordered surface patterns: striped patterns can be produced by aligning the lying
cylinder phase or the up-standing lamella phase; dot-like patterns originate from
the up-standing hexagonally ordered cylinders or body-centered cubic (BCC) sphere
phases, as well as from the perforated lamella phase [21]. Complex gyroid structures
have a narrow stability range, and are produced by ABC terblock copolymers [18].
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2 Modeling with Computer Simulations

During the last two decades, block copolymer self-assembly in 1D confinement has
been studied in great detail by a number of analytical and computational methods.
In spite of the peculiarities of these methods (i.e., benefits and limitations), all of
them apply some form of averaging over degrees of freedom in order to remain
computationally tractable and all provide a coarse-grained description of phenom-
ena in the mesoscopic regime (1–1000 nm). The purpose of this review is to list the
fundamental insights obtained during a decade of collaboration between our com-
putational and experimental groups using a very successful synergetic approach that
enabled us to unravel several generic and essentially dynamical aspects of structure
formation in cylinder-forming block copolymer thin films. It is not our intention to
provide a complete overview of all theoretical efforts in this field or to give an exten-
sive introduction into dynamic density functional theory (DDFT), the theory used
in this review. For these aspects, the interested reader is referred to several existing
reviews (e.g., [5, 15, 64]) and to the collected work on thin films of the Leiden
group, in which the computational results are discussed in detail in relation to other
experimental and theoretical findings. Here, we only briefly sketch the main direc-
tions in modeling structure formation in thin block copolymer films and emphasize
the specific benefits of DDFT.

Before setting our modeling approach in context, we will focus on some general
aspects of thin block copolymer film modeling. The majority of modeling stud-
ies so far have considered either coarse-grained particle-based Monte-Carlo (MC)
computer simulations or field-based numerical calculations. Despite their relative
success, a generic drawback of particle-based methods is that they, except in rare
instances, are less capable of equilibrating sufficiently large systems of block poly-
mers at realistic densities to extract meaningful information about structure and
thermodynamics. For this reason, the parameter space in these studies is often rather
limited. Few studies have used particle-based models that include a realistic kinetic
description, e.g., dissipative particle dynamics (see, for instance, Kong et al. [65]).

Field-based models use a free energy that is either phenomenological or stems
from an underlying coarse-grained molecular description, like in self-consistent
field theory (SCFT) or DDFT [34, 35, 66]. These models overcome some of the
drawbacks by further averaging and are clearly advantageous at melt densities and
high molecular weights. The molecular field strategy in mean-field SCFT and DDFT
involves a number of steps: (1) representation of the block copolymer by a suitable
particle-based model, leading to a reduction of the degrees of freedom to particle
coordinates; (2) conversion to a field theory by replacing the variables in the parti-
tion function from particle coordinates to one or more fluctuating potential fields;
(3) discretization on a computational grid; and (4) sampling with the proper statisti-
cal weights.

A hybrid method, particle-based SCFT (SCMF) [67], was formulated as an al-
ternative to mean-field SCFT and was applied to complex phenomena such as
solvent evaporation in thin polymer films and reconstruction of chemically patterned
substrates.
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MC and mean-field SCFT were compared for thin films of lamellae-forming
diblock copolymers [68]. The results showed an underestimation of the segregation
of neutral solvent in SCFT and increasing discrepancy between SCFT and MC
with decreasing chain length and temperature. The effect of composition fluctu-
ations, which becomes particularly important for short chains and close to ODT,
in lamellae-forming system has been studied using a field-theoretic approach that
goes beyond the mean-field approximation [69] and particle-based simulations [70].
The influence of confinement close to ODT was also considered using alternative
field models [71–73]. Other research directions used or adapted these method-
ologies to explore the effect of additional constraints, aimed at structure tailoring
and defect-reduction, or optimized the (bulk) phase properties given desired thin
film structures. Among the first directions were chemical linking of one block to
the substrate [74] and chemical patterning of and/or introducing roughness to the
confining surfaces [27, 45, 67, 75–86]. The second direction explores alternative
molecular architectures, for instance ABC or dendrites, or mixtures of simple/cheap
(di)block copolymers [6, 87–90]. The mechanical properties of such systems was
also considered [91, 92].

In this review we describe on the theoretical results obtained for AB diblock or
ABA triblock copolymer melts confined between two flat, homogeneous hard sur-
faces in the regime where fluctuations can be neglected (sufficiently long chains
well below the ODT). Most studies in this field focused on the phase behavior
of lamellae-forming symmetric diblock copolymers in confinement. Two general
mechanisms were identified [13, 93–97]. For a commensurate film thickness (i.e.,
a film thickness that matches the discrete length scale set by the natural domain
distances), the difference in surface-block interaction (the surface field) determines
whether lamellae orient perpendicular (vanishing) or parallel (above a threshold)
to the confining surface. Incommensurate film thicknesses give rise to stability of
perpendicular lamellae. Confinement was therefore found only to affect the orien-
tation of the (bulk) lamellar structure. In particular, mixed lamellar phases were
found to be metastable by SCFT [13]. Only in the case of dissimilar block–surface
interactions (i.e., different surface fields at each of the confining surfaces), were
stable non-lamellar or hybrid structures identified in very thin films by SCFT [98].
Several studies considered defect dynamics and layer hopping in lamellae-forming
systems [99–101].

Although these mechanisms are clearly general, the situation is considerably dif-
ferent for asymmetric AB or ABA block copolymers. First, confinement-induced
chain deformations have been shown to lead to a stabilization of non-bulk morpholo-
gies in very thin films and parts of thicker films, even for similar interactions [62].
Second, microphase separation in these systems naturally gives rise to a matrix and a
minority phase. Structure evolution and defect dynamics is clearly affected by these
topological constraints and therefore very specific. The anticipated equivalence to
lamella-forming systems is therefore partially lost. For these and other reasons, the
thin film phase behavior of systems that form bicontinuous phases, cylinders, or
spheres in bulk has attracted considerably less theoretical attention, despite their
relevance in nanotechnology. Most studies on sphere-forming systems have focused



Nanopattern Evolution in Block Copolymer Thin Films 41

on packing of spherical domains in thin films, in particular on obtaining neat struc-
tures on a larger scale, and on the nature of the transition from a hexagonal structure
in very thin (2D) films to the 3D (BCC) bulk lattice on increasing the film thick-
ness [48, 102–106]. Only very recently were confinement-induced deviations from
the bulk (sphere) structure studied using DDFT [107]. In cylinder-forming systems,
our detailed DDFT studies for SB and SBS block copolymers are complemented by
static phenomenological and mean-field SCFT calculations as well as by particle-
based MC simulations (see [64, 97, 108–110]). In combination, they provide a
complete and general picture of the fundamental phenomena, reviewed here, of
cylinder-forming block copolymers in thin films.

The often-employed mean-field SCFT is a static theory, based on determining
free energy minima or saddle points using mathematical techniques. SCFT is very
well suited for determining equilibrium phase behavior (away from ODT). It is in-
creasingly recognized, however, that experimentally accessed soft matter structures
are often only metastable, even after very long equilibration, and that the under-
standing of dynamic pathways is therefore crucial for further development of soft
matter material science. Although DDFT and SCFT share the free energy expres-
sion, the dynamic model in DDFT minimizes this free energy following collective
diffusive dynamics, where the gradient of the chemical potential acts as a driving
force. DDFT is therefore able to relate directly to the dynamic pathways and saddle
points that are relevant in experimental systems, in a computationally efficient way.
Despite the fact that some physical phenomena, like fluctuations, viscoelastic and
hydrodynamic effects as well as chain entanglements, are not properly captured in
this model, the work reviewed here shows that these contributions do not play a ma-
jor role in these thin film systems. In addition, we note that the presence of neutral
solvent in the experimental system was only considered as an effective scaling of
the interaction parameters [62]. In particular, the (quasi)equilibrium and dynamic
behavior was captured computationally in great detail (Sect. 4.5). We conclude that
the theoretical approach provides a decisive understanding of the experimental re-
sults as it illustrates detailed microscopic mechanisms and allows for more extensive
variations of the system parameters than one could achieve in experiments. Figure 2
compares the sample dimensions of the experiment with that of the computational
simulation. In experiments, a typical film surface area available for the optical mi-
croscopy or scanning force microscopy (SFM) measurements is about a centimeter

~10�10 mm2

sample

Experiment

4�4 µm
~100�100

domain spacings

Simulation

~18 � 5 domain spacings

128�32 grid units

optical
microscopy SFM DSCFT

Fig. 2 Comparison of typical lateral scales that are covered in experimental measurements (optical
microscopy and SFM) and in a simulation box. DSCFT is sometimes used as an acronym for
DDFT. Reprinted from [41], with permission. Copyright 2007 American Chemical Society
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square with an averaged terrace size of several micrometer square. Typically, in
block copolymer films, each terrace accommodates in the lateral direction up to
several hundred microdomains.

3 Characterization Techniques

The experimental studies on phase behavior and pattern formation reviewed here
have been done on substrate-supported films of cylinder-forming polystyrene-block-
polybutadiene diblock (SB) [36, 43, 51, 111–114] and triblock (SBS) [49, 62,
115–117] copolymers (Table 1), lamella-forming polystyrene-block-poly(2-vinyl
pyridine) diblock copolymers (SV) [118, 119] and ABC block terpolymers of vari-
ous compositions [53, 63, 120–131]. In simulation studies, a spring and bid model
of ABA Gaussian chains has been used (see Sect. 2) [36, 42, 58, 59].

We present a brief summary of the original experimental approaches that allowed
advances in the characterization and understanding of dynamic and equilibrium be-
havior on block copolymers under confinement.

3.1 Scanning Force Microscopy of Polymer Surfaces

The advent of advanced SFM methods facilitated surface studies of soft materials
without causing damage to the sample. Typical problems in imaging polymeric sam-
ples with TappingMode concern the quantitative reproducibility of height and phase
images, the distinction between real surface topography and indentation, and even
the frequently occurring contrast inversion of height and phase images. These prob-
lems have been quantitatively addressed in [132]. In particular, the “real” surface
topography can be distinguished quantitatively from the lateral differences in tip in-
dentation. This approach allowed detection of a 10-nm-thick PB layer covering the
true surface of SBS films [132].

Of particular importance are in situ SFM measurements, which allow real-time
data collection during structure evolution [111, 112, 117, 133–135]. Both con-
centrated block copolymer solutions [117, 136, 137] and block copolymer melts
[111, 112] have been imaged in situ to access the microdomain dynamics. Figure 3

Table 1 Copolymers of polystyrene and polybutadiene blocks

Molecular weight

Label Structure (kg/mol) fPS (wt%) a0 (nm)

SB47 S13B34 47.3 26.1 30
SBS S14B73S15 102.0 26.0 40
SB70 S26B70 96 24.5 64

fPS refers to the fraction of PS in the copolymer, and a0 to the bulk
domain distance
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Fig. 3 Fourier filtered tapping mode SFM phase images of the surface structures in a fluid SB47

film at 105◦C. The scale is 5◦ and bright corresponds to PS microdomains below an ≈10-nm-
thick PB layer [132]. The images are frames from a SFM movie [111, 112] (the corresponding
frame numbers and the elapsed time are shown). White squares highlight the same sample area
that has been cut out for the movie. The arrows by the left image indicate the fast scanning axis,
along which the tip moves with the velocity of 20 μm/s, and the slow scanning axis, along which
the image is completed within ≈46 s. Reprinted from [111], with permission. Copyright 2006
American Chemical Society

shows the first frame, an intermediate frame, and the last frame from the sequence
of continuously scanned SFM images. During the long term in situ measure-
ments, the scanning area (highlighted by white squares) steadily moves due to
thermal drift. We noted considerable changes to the surface structures with anneal-
ing time, making identification of the moving sample area of interest in snap-shot
imaging experiments extremely difficult or even impossible. In Sect. 4.5 we describe
original approaches towards the quantitative evaluation of dynamic SFM measure-
ments [111, 112, 117, 136, 137].

Further challenge in SFM characterization of block copolymer structures is re-
lated to the precise measurements of the lateral dimensions. This analysis is possible
when an SFM instrument meets the tight limits on axis orthogonality, flatness of the
x,y plane, linearity, accuracy, and repeatability of the produced images. Recently, a
home-built software has been used for the digital analysis of SFM Metrology images
to evaluate confinement effects on the lateral dimensions of the microdomains [113].
Figure 4a presents a typical phase image of the cylinder structures aligned parallel
to the film plane. Between two neighboring terraces, the film thickness increases
gradually. The results of the analytical procedure are shown in Fig. 4b where char-
acteristic distances between the cylinders are plotted as a function of the local
thickness of the film (Sect. 4.4) [113, 138].

3.2 High Resolution Volume Imaging

Traditionally, SFM is limited to surface studies and sheds little light on the inner
structure of the material. The nanotomography approach was suggested as a way
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Fig. 4 (a) SFM phase image (3×1.5μm) of the surface structures in SB47 films annealed in vac-
uum at 120◦C. The white contour lines are taken from the height image (not shown) and mark the
borders between the flat regions, as well as the transition region between the indicated terraces.
(b) Spacings of cylindrical microdomains as a function of the local film thickness

Fig. 5 (a) Illustration of the principle of volume reconstruction from a series of scanning probe
microscopy images. (b) 3D image of the isosurface enclosing the volume with normalized Tap-
pingMode phase reconstructed from a series of phase and topography images. An SBS molecule
bridging two PS cylindrical microdomains is sketched. Reprinted from [116], with permission.
Copyright 2002 by the American Physical Society

to overcome the limitations of 2D imaging [115, 116, 139–141]. A key feature of
nanotomography is that both the surface properties under study as well as the actual
(and changing) shape of the surface are measured with SFM after each erosion step,
and as a result a 3D nanostructure is reconstructed (Fig. 5).

The potential of the nanotomographic approach is supported by advances in au-
tomation of SFM imaging. State-of-the-art SFMs have general limits in performing
harsh sample treatments because their design concept is focused on in situ scanning
in a closed environment (liquid/heating cells). Aggressive treatments like plasma
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Fig. 6 Side view of the quasi in situ SFM prototype. The sample treatment and the scanning probe
microscopic examination are temporally and spatially separated from each other. The probe is not
affected by the sample treatment process, and a specific sample spot can be examined without read-
justment. Reprinted from [142], with permission. Copyright 2007 American Institute of Physics

etching or etching in aggressive liquids typically require removing the sample
from the microscope. Recently, a new SFM-based setup with quasi in situ sam-
ple treatment capability has been developed [142] (Fig. 6). Its capabilities have been
demonstrated by successive plasma etching and imaging of lamella polymer films,
which gives access to depth-profiling with high lateral and normal resolution [143].
The new development concerns the possibility of repositioning the SFM tip on a
specific sample spot after successive treatments performed inside the SFM.

3.3 Annealing Under Controlled Conditions

Phase separation in block copolymer films has been shown to be sensitive to the
solvent selectivity and its concentration in the film [49, 51, 114, 120, 123]. We
emphasize the importance of a well-controlled atmosphere of solvent vapor for the
annealing process since even slight changes in the solvent concentration or in the
temperature of the system may induce structural phase transitions.

One of the easy and effective approaches for quantifying the polymer volume
fraction within films in situ is to use in situ spectroscopic ellipsometry (SE) [49, 118,
119, 144]. The measurements should be performed in a thermostated cell (Fig. 7)
with full control over the solvent vapor atmosphere p/p0, where p0 is the solvent
vapor pressure at saturation and p is the actual pressure, which can be adjusted by a
combination of the saturated vapor flow and dry nitrogen flow [118, 119], or by the
difference between the temperature T1 of the polymer sample and the temperature
T2 of the solvent vapor [49, 114, 144].
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Fig. 7 Schematic of the annealing chamber: (1) substrate-supported polymer film; (2) sealed stain-
less steel chamber; (3) glass windows, which are perpendicular to the incident light; (4) temperature
control of the substrate (T 1); (5) input and output for the temperature- and flow-controlled solvent
vapor (T 2). Reprinted from [114], with permission. Copyright 2009 American Chemical Society

a b

Fig. 8 Polymer volume fraction φ = h0/hsw, where h0 is the thickness of the polymer film after
spin-coating and hsw is the thickness of a swollen film, measured by in situ spectroscopic ellip-
sometry as a function of (a) the relative solvent vapor pressure for thin films of homopolymers PS,
PB, and SBS block copolymer. Reprinted from [49], with permission. Copyright 2004 American
Institute of Physics. (b) Polymer volume fraction as a function of the swelling time for PS-b-P2VP
(SV) block copolymer and for homopolymers PS and P2VP at p/p0 = 1.0 [118]. The equilibrium
degree of swelling indicates that toluene is a selective solvent for the PS block, and that SV block
copolymer shows asymmetric swelling under toluene vapor. Reproduced by permission of The
Royal Society of Chemistry (RSC) [118]

Figure 8a displays φpol as a function of the relative chloroform vapor pres-
sure p/p0 in films of PS and PB homopolymers, and in films of SBS block
copolymer [49]. It shows that chloroform is a good solvent for both homopolymers,
exhibiting only a small selectivity to PB. Figure 8b displays kinetic measurements
of the swelling behavior of a symmetric SV block copolymer and of respective ho-
mopolymers at controlled toluene vapor [118]. The comparison of the equilibrium
degree of swelling suggests that toluene is a selective solvent for the PS block. More-
over, the swelling behavior of the symmetric SV block copolymer is dictated by the
P2VP component. Thus, the relative affinity of a solvent towards the block copoly-
mer components can be accessed by well-controlled swelling experiments [144].
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4 Block Copolymer Self-Assembly Under Confinement

The presence of external selective surfaces and confinement, in particular to dimen-
sions comparable with the characteristic structure size, can considerably alter the
microphase separation and stabilize non-bulk morphologies. Confinement effects
on the surface and bulk film structures have been systematically analyzed in ele-
gant experiments by Knoll et al. [49, 62] on thin films of concentrated solutions
of SBS in chloroform. DDFT-based calculations on cylinder-forming ABA chains
revealed stunning agreement in the sequence of stabilized morphologies between
the calculated and the measured phase diagrams [43, 49, 57, 58, 62, 145]. As an
example, Fig. 9 shows a comparison of the experimental results (upper panel) and
the calculations (lower panel) for a given strength of the surface field [62]. A rich
morphological variety is observed as the film thickness increases from left to right:
a featureless wetting layer for the smallest thickness; dot-like pattern of vertically
oriented cylinders C⊥; striped pattern of parallel-oriented cylinders C‖; hexagonally
perforated lamella phase (PL), etc. The phase transitions occur at well-defined film
thicknesses, highlighted by white contour lines, which are calculated from the SFM
height images and represent borders of equal film thickness.

These results represent solid evidence for a general mechanism governing the
phase behavior at surfaces and in thin films of modulated phases: The interplay

Fig. 9 (a, b) TappingMode SFM phase images of thin SBS films on Si substrates after annealing
in chloroform vapor. The surface is covered with an approximately 10-nm-thick PB layer. Bright
(dark) corresponds to PS (PB) microdomains in the top PB layer. Contour lines from the cor-
responding height images are superimposed. (c) Height profile of the thin film shown in (a, b).
(d) Computer simulation of a block copolymer film in one large simulation box with increasing
film thickness (from left to right). The isodensity surface of the density distribution of the A com-
ponent ρA is shown for ρA = 0. Reprinted from [62], with permission. Copyright 2002 by the
American Physical Society
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between the strength of the surface field and the deformability of the bulk structure
determines the system response, either via reorientation or via phase transitions and
surface reconstructions. The stability regions of the different phases are modulated
by the film thickness via interference and confinement effects.

4.1 Surface-Induced Phases in Melts

4.1.1 Simulations

We have used a slightly adapted version of the 3D DDFT implementation that
was commercialized in the late nineties of last century as the MESODYN code.
The adaptation was required to include asymmetric surface interactions. In general
terms, all non-ideal chain interactions are included via a mean field and the strength
of interaction between A and B components or blocks in the coarse-grained molec-
ular chain representation is characterized by the interaction parameter εAB. This
parameter is directly related to the conventional Flory-Huggins parameter χ and
was determined based on a detailed mapping procedure [58]. Interfaces are treated
as hard walls with reflecting boundary conditions, and proper constraints on the
density. The interaction between chain components and interfaces (labeled by M)
is characterized by corresponding mean field. As only the difference between the
interactions of each component with the interfaces is relevant, we worked with ef-
fective interaction parameters εM = εAM − εBM which characterize the strength of
each surface field. By setting εBM = 0, a positive εM parameter corresponds to a
repulsion between component A and the interface.

Variation of the preferential interaction of the block copolymer components with
the substrate has proved to be an important tool for tuning the phase separation near
the surfaces. The results of calculations in Fig. 10 quantify the effects of the surface
fields in a solvent-free-cylinder-layer thick film. The variation of εM at constant

Fig. 10 Simulation results for a cylinder-forming A3B12A3 (εAB = 6.5) in thin films (thickness
= 6nm = a0) with varied strength of the symmetric surface field εM . The isodensity profiles
(ρA = 0.45) are shown for indicated simulation parameters. Reprinted from [58], with permission.
Copyright 2004 American Institute of Physics
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Fig. 11 Effect of the strength of the surface field εM on the phase separation in the interior of
the film and at interfaces. Simulation results for a cylinder-forming A3B12A3 (εAB = 6.5) in thick
films (thickness = 54nm = 9a0) with surfaces at z = 0 and at indicated values of symmetric sur-
face field εM . The isodensity profiles (ρA = 0.45) are shown for indicated simulation parameters.
Reprinted from [58], with permission. Copyright 2004 American Institute of Physics [58]

film thickness induces structures ranging from the non-bulk lamella (at εM = 7) and
perforated lamella (at εM = 6) to a disordered phase (at εM = 2) with no well-defined
microdomain structure, but with the two components A and B being still slightly
segregated [58].

These and other results provide examples of an intriguing surface effect – devi-
ations from the bulk microdomain structure in the vicinity of the interface – which
has been called “surface reconstruction” owing to its analogy to the reconstruction
in crystal surfaces. The effect is especially pronounced in films of relatively large
thickness with nine microdomain layers (h = 54 nm) (Fig. 11). The main difference
between the thin films of Fig. 10 and these thicker films is that in the vicinity of one
film interface the influence of the other one is negligible. In the interior of the film
in most cases the hexagonally ordered cylinders remain aligned parallel to the film
plane. Depending on the strength of the surface field, considerable rearrangements
of microdomains near the interfaces occur.

The calculated phase behavior for asymmetric surface fields, where the interac-
tions between the components and the top (εM1) and bottom (εM2) interface may
vary freely, is even much richer (see Fig. 12 for two layers of structure) than for the
symmetric case. A particular feature is the appearance of hybrid structures, which
are either a coexistence of different surface reconstructions close to each of the in-
terfaces or interconnected structures. Nevertheless, the general features of Fig. 12
can still be explained in terms of surface field and confinement effects, noting that
each of the surface fields now supports its own surface reconstruction, which may
interconnect for combinations of perpendicular and parallel structures. As in the
symmetric case, this behavior is modulated by the film thickness via interference
and confinement effects in a very complicated manner.
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Fig. 12 Diagram of structures for varying interaction of the compounds with the top (εM1) and
bottom (εM2) interface. Symbols denote the structures that are shown as insets. Isodensity profiles
for ρA = 0.45 are shown, and the thickness h is twice the bulk domain distance a0 (c0 in [59]).
Reprinted from [59], with permission. Copyright 2004 American Institute of Physics

4.1.2 Experiment

Various experimental routes towards surface modification have been utilized in or-
der to control the microphase separation in thin films, as well as to achieve large-area
patterns with desirable orientation relative to the film plane [2, 19, 21, 51].

In [43], the phase behavior and interlayer period of cylindrical domains have
been tuned by varying the interactions with the substrate and by varying the related
wetting conditions. Thin films of SB47 (Table 1) have been equilibrated by thermal
annealing on two chemically different substrates and used as models of symmetric
and asymmetric wetting. As seen from the experimentally established phase dia-
gram in Fig. 13, on a neutral substrate (carbon-coated silicon) under asymmetric
wetting conditions, cylinders are aligned parallel to the surface (C‖) both at the
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Fig. 13 Phase diagram of the surface structures on a weakly interacting surface (carbon coating)
and under strong surface field with a preference for the majority component (silicon oxide). Gray
areas mark the borders of the preferred film thickness (data taken from Fig. 14). The SFM phase
images (1× 1μm) present examples of the surface structures on carbon-coated (left) and silicon
oxide (right) substrates at the indicated film thickness. Symbols indicate the following morpholo-
gies: circles the C‖ cylinder phase (a,d,g); squares the PL phase (i); half-filled squares coexisting
C‖/PL structures (e); diamonds the lamella (L) phase; half-filled diamonds coexisting C‖/L patches
(f) or coexisting PL/L microdomains (h); triangles half-cylinder structures C1/2 (b); stars the dis-
ordered phase (c) [43]. Black curves schematically contour the phase boundaries and are drawn as
a guide for the eye in line with the DDFT simulations [58]. Adopted from [43], with permission.
Copyright 2006 American Chemical Society

favored (natural) and at the transition thicknesses. A half-cylinder phase C1/2 forms
in ultrathin films (with h below ao, Fig. 13b) and probably also forms as a bottom
layer in thicker films.

For a strong surface field and symmetric wetting conditions, a perforated lamella
(PL) phase typically develops in up to four layers of structures, with an exception
for the first layer of structures at the favored film thickness. For one layer and all
transition regions between terraces a C‖ phase was found.

The comparison of the surface structures on two substrates suggests strong
surface effects on the microphase separation. For lamella systems, the degree of
interfacial segregation has been shown to be proportional to the surface poten-
tial [146]. The same line of argument can be used to explain the surface field effects
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Fig. 14 Averaged terrace heights plotted versus the number of layers on (a) carbon-coated sub-
strate (circles) at 120◦C and on (b) silicon oxide substrate at 120◦C (blue squares) and at 140◦C
(green squares). The straight lines are linear fits with the slopes corresponding to the mean inter-
layer distance: cca = 27.4±0.2 nm and csi = 31.1±0.2 nm on the carbon-coated and silicon oxide
substrates, respectively, at 120◦C. The intercept on the carbon coating indicates a wetting layer
of 13.4±0.5 nm, which supports the upper layers. Increasing the annealing temperature to 140◦C
results in the phase transition from PL to the bulk cylinder morphology (c). The sketches introduce
the tentative structure throughout the film and the related wetting conditions: symmetric wetting
of the silicon substrate and the free surface by the PB (dark) component, and asymmetric wetting
conditions on the carbon coating

in the cylinder phase: the strongly interacting silicon oxide surface affects the en-
thalpic interactions of the adsorbed monomers and thus increases the incompatibility
of the block copolymer components, which in turn initiates phase transitions to non-
bulk morphologies.

An important insight regarding the bottom-up assisted self-assembly of mi-
crodomains is provided by analysis of the equilibrium terrace heights. Figure 14
summarizes the effect of wetting and segregation conditions on the structure
formation in block copolymer melts. The linear fits at 120◦C for the two sub-
strates differ in the slope and in the offset value at the thickness axis. We note that
on increasing the annealing temperature to 140◦C, the morphological transition to
the bulk cylinder phase (SFM images in Fig. 14c) and the related decrease in the
slope of the linear fit (Fig. 14b) were observed [138].

The interlayer period on the silicon substrate (Fig. 14b) strongly suggests that
under a certain strength of the surface fields, the substrate-induced phase transition
to non-bulk morphology propagates through the entire film thickness (in contrast to
the simulation results in Fig. 11). Direct experimental evidence on the propagation
range of the surface-induced reconstructions can be provided by in-depth profiling
of block copolymer materials (see Sect. 3.2). Here, we emphasize that recent suc-
cess in utilizing chemically and topogaphically patterned substrates confirms the
efficiency of the bottom-up self-assembly approach [2].
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4.2 Phase Diagrams of Surface Structures in Swollen Films

The equilibration of block copolymer films by exposure to solvent vapor is an
alternative to the thermal annealing procedure. The resulting structures are ex-
tremely sensitive to the solvent evaporation rate [147–150] and exhibit structural
polymorphism in the presence of selective solvents [122, 150–157]. Solvent-assisted
fabrication of non-equilibrium highly ordered block copolymer patterns is a rapidly
developing experimental approach that is very promising in terms of fundamen-
tal understanding and practical applications. Here, we focus on the equilibrium
behavior of block copolymer films swollen with a non-selective solvent [49, 51].
A non-selective solvent in a swollen film acts as a plasticizer and effectively low-
ers the glass-transition temperature of the glassy components. As a result, the chain
mobility is considerably enhanced without a significant increase in the processing
temperature.

As established by Knoll et al. [49, 62], exposing thin films to well-controlled
vapor pressure with a subsequent fast quench provides reproducible phase behavior
under variation of the film thickness and of the polymer volume fraction (Fig. 15).
At favored film thicknesses, cylinders orient parallel to the film plane, whereas a
perpendicular orientation dominates at intermediate film thicknesses. In films thin-
ner than 1.5 nm domain spacings and at high polymer concentration, the cylindrical

C⊥

C⊥

C||,1

C||,2

PL||,1

500 nm

a b

Fig. 15 (a) Phase diagram of the surface structures in SBS films (see Table 1) versus the partial
chloroform vapor pressure. Horizontal dashed lines represent the energetically favored terrace
thickness. Data are given for equilibrium film thickness of lying cylinders (circles), disordered
structures (stars), and for upper and lower bounds (open and closed symbols, respectively) of up-
standing cylinders (squares), and the perforated lamella phase (triangles). Reprinted from [62],
with permission. Copyright 2002 by the American Physical Society. (b) Phase SFM images repre-
senting the indicated surface structures along the vertical dashed line in (a)
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Fig. 16 (a) Phase diagram of the surface structures in SB47 films (see Table 1) versus the partial
chloroform vapor pressure. Horizontal dashed lines represent the energetically favored thickness
of the terraces. Data are given for equilibrium film thickness of lying cylinders (circles), disordered
structures (stars), up-standing cylinders (squares), the perforated lamella (triangles), and lamella
(diamonds) phases. (b) Phase SFM images representing the indicated surface structures along the
vertical dashed line in (a)

microdomains reconstruct to the PL structure. These experimental results are in ex-
cellent agreement with model calculations based on the DDFT [58, 59, 62]. We
have used the same experimental approach to study concentrated solutions of SB47

diblock copolymer in thin films. A comparison of the phase diagrams of surface
structures in Figs. 15 and 16 suggests that the general phase behavior of SBS tri-
block copolymer is very similar to that of SB47 diblock copolymer. In particular, the
same sequence of structures with increasing film thickness is observed (Figs. 15b
and 16b), including deviations from the bulk structure, such as the PL and a wetting
layer in ultrathin films. This confirms the universality of the reported phenomena.
However, the phase diagrams differ in details, such as the position of the phase
boundaries, the structure of the steps between the terraces, and the stabilization of
the lamella phase and of vertically oriented cylinders. The established difference
is presumably the consequence of the molecular architecture effects, which origi-
nate from the larger molecular weight of the middle majority block and from the
possible loops- versus-tails chain arrangement in the microphase domains of ABA
triblock copolymers. We note that in a recent theoretical study on the phase behavior
of sphere-forming di- and triblock copolymers, a stabilization of vertically oriented
cylinder phase (a deviation from the bulk morphology) has been reported for ABA
systems [107].
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4.3 Confinement Effects on the Microphase Separation
and Polymer–Solvent Interactions in Swollen Films

The current trend towards miniaturization of functional systems and devices has
driven the study of confinement effects (finite film thickness and the nature of the
binding interfaces) on the fundamental physical properties of soft materials. Rapid
developments of novel sensor and lab-on-chip technologies, and of polymer-based
stimuli-responsive materials, raise the question of changes in solvent–polymer in-
teractions under confinement.

Both, organo- and water-soluble polymers have been subjected to studies of their
swelling dynamics, the distribution of the solvent within thin films, and the diffusion
of the solvent. Furthermore, the distribution of the electron density along the depth
of dried films has been studied using different experimental techniques including
SE [158], optical reflectometry, X-ray or neutron reflectivity [159, 160], grazing
incidence small angle X-ray scattering (GISAXS) [161], quartz crystal microbal-
ance [162], and other complementary techniques.

In contrast to swollen homopolymer films, only a limited number of studies
on thin films of block copolymers have been reported in which the degree of the
film swelling has been directly accessed. In situ SE has been used to evaluate the
polymer–solvent interaction parameters [144], to construct phase diagrams of sur-
face structures [49, 51], and to control the mechanism of lamella reorientation in
thick swollen films [118, 163, 164]. Spectroscopic reflectometry combined with
real-time GISAXS has been used to follow structural instabilities in swollen lamella
films [165]. Recently, it was demonstrated that swelling of diblock copolymer films
in organic selective and non-selective solvents follows the same physical behavior
as in thin films of homopolymers [119].

Up to now, published results contain non-consistent or even contradicting infor-
mation concerning the influence of confinement on solvent absorption and distribu-
tion in a swollen film. In particular, the correlation between the absolute solvent
uptake and the film thickness, as well as the effect of substrate interactions on
the distribution of the solvent within the film, remain unclear. Here, we address
solvent-assisted self-assembly of block copolymers, and present recent studies on
the response of the microphase-separated patterns towards solvent uptake under
controlled variation of the the film thickness, interfacial interactions, and of the
solvent concentration in the atmosphere [114, 166]. This research brings novel in-
sights into the degrees of freedom that govern self-assembly of soft matter in a
confined geometry and indicates new approaches towards fabrication and function-
ing of nanostructured materials.

In our experiments, the quench from a swollen to a glassy state has been achieved
within tens of seconds, and has been shown not to alter the phase separation
in a swollen state[49]. Figure 17 compares surface structures in SB47 films that
have been exposed to a relative vapor pressure p/p0 of 72% and of 80%. With
an increase of the solvent concentration, the in-plane order of the microdomains
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Fig. 17 SFM phase images (scale 10◦) of SB47 films swollen with chlorofrom at (a) p/p0 = 72%
showing lying cylinders with a high degree of a long-range order, and (b) at p/p0 = 80% showing
a phase-separated pattern with a low long-range order (a disordered cylinder phase) [114]. White
lines are guides for the eye and mark the borders of the areas with a constant film thickness

is dramatically reduced, indicating that the system is close to the ODT. In this
segregation regime, the interface between two blocks is subjected to strong com-
position fluctuations [114, 166].

The increase of the solvent concentration in SB47 films on raising the partial pres-
sure of chloroform vapor, and the related loss of long-range order, can be explained
in terms of the so-called “dilution approximation” for the bulk block copolymer
phases [167, 168]. The above results clearly demonstrate the high sensitivity of the
polymer–polymer interactions towards solvent content. Therefore, the microphase-
separated structures in swollen block copolymer films can be used as a qualitative
measure of the degree of swelling of the films [49, 166].

Along with the surface interactions, the chain conformation that is imposed by
the confined geometry and by the film preparation strongly affects the swelling be-
havior of polymer films [119, 169–171].

Figure 18a,b displays SFM images of SV films that have been prepared from
chloroform and from toluene solutions, respectively. The mixed pattern of fea-
tureless areas and round-shaped stripes in Fig. 18a can be identified as in-plane
lamella and perpendicular-oriented lamellae, respectively. The microstructure pre-
pared from toluene solutions (Fig. 18b) is attributed to P2VP micelles surrounded
by the PS shell. The micelle morphology is a result of the SV self-assembly in a
selective solvent [119]. We have made use of this morphological difference to study
the microstructure response to solvent uptake by block copolymer films.

Figure 18c displays swelling kinetics of two SV films with the same initial thick-
ness but different microphase-separated structures. The curves show up to 10%
larger swelling (smaller φpol) of SV films with the initial bulk lamella morphology
as compared to the films with the non-bulk micelle phase [119].

This difference is probably associated with the chain expansion and/or contrac-
tion relative to the interface between the blocks within the particular morphology. In
analogy to solid inorganic materials whose solubility increases under external pres-
sure and to colloid systems where the capillary pressure leads to an increase in the
solubility (Ostwald ripening effect), one would intuitively expect larger swelling of
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Fig. 18 SFM height images (scale 20 nm) of representative surface structures in SV films after
spin-coating from chloroform solution (a), and from toluene solution (b). (c) Comparison of the
swelling kinetics of ≈ 400-nm-thick SV films with starting micelle (triangles) and lamella (circles)
morphologies
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Fig. 19 Polymer volume fraction φ = hdry/hsw in swollen films of two PS-b-PB diblock copoly-
mers (SB47 (circles) and SB70 (squares)) that have been equilibrated at p/p0 = 50% of the partial
chloroform (non-selective solvent) vapor pressure [114], and of SV films (triangles) equilibrated
under p/p0 = 80% of toluene (selective solvent) [119] versus the number of layers (film thickness
normalized by the respective structure dimension in bulk)

the polymer chains that form non-bulk structures due to their stronger perturbation.
However, we observed the opposite effect, which has to be considered in computer
simulations and analytical theories on molecular conformations of block polymer
chains in microdomain space.

Figure 19 summarizes the effect of confinement on the macroscopic swelling of
the studied block copolymer systems. The systems differ in the molecular weight
and composition of the studied block copolymers, in the solvent quality, and in the
experimental conditions (which control the solvent atmosphere; see Sect. 3). At a
constant vapor pressure, the equilibrium φpol for each polymer becomes smaller
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as the film thickness decreases. The decrease of the solvent uptake by relatively
thick SV film excludes a substantial contribution of an excess solvent layer at the
polymer–substrate interface to an enhanced swelling of ultrathin films.

The established thickness-dependent degree of swelling discloses newly ob-
served nanoscale effects of confinement on the chain conformations and on the
polymer–solvent interactions in thin films. In particular, an easy and effective ap-
proach towards multilevel control over lamella orientation and order in thick diblock
copolymer films has been demonstrated. The novel finding concerns the reorienta-
tion of lamella domains relative to the substrate upon equilibration under selective
solvent [118]. The lamellar orientation perpendicular to the film plane on long-term
selective solvent annealing was detected only in a narrow window of film thickness
(between 19 and 22 characteristic lamella spacings in bulk L0), and was confirmed
by combined SFM, GISAXS, and TEM measurements (Fig. 20). Otherwise, lamel-
lae were perfectly aligned parallel to the film plane due to surface field effects. The
reorientation of lamella domains is attributed to the thickness-dependent degree of
swelling when the concentration fluctuations in the interior of the film due to chain
stretching overcome the suppression by the surface fields, which decline in strength
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Fig. 20 Cross-sectional TEM images of equilibrated SV films within the respective thicknesses
regions (a, b, c). The dark regions represent the stained P2VP microdomains. Schematic presents a
qualitative analysis of the two contributions to the total free energy density of the system, Esurf and
Eelast. Eelast. Ea is the activation energy for the reorientation of lying lamella to upstanding lamella
[118]. L0, lamella spacing in bulk. The sketches indicate that the chain conformation in regions II
and III
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with increasing distance from the boundary surfaces. We note that the combination
of multiple fields based on solvent annealing and electric field yields an excellent
control over the 3D orientation and order of lamellar microdomains [118].

4.4 Scaling of Cylinder Spacings in Thin Films

For an in-depth understanding of the self-assembly process in block copolymer
films, a quantitative measure of the characteristic distances and their dependence on
relevant physical parameters (temperature, chain length, etc.) is essential. In bulk,
such measurements have typically been done by small angle X-ray scattering
(SAXS) and the results are broadly in line with the theoretical predictions [172].
In thin films, however, the situation is considerably more difficult because con-
ventional scattering experiments are barely possible due to the insufficient amount
of material. In lamellar-forming block copolymers, neutron reflection experiments
have successfully been used to determine the characteristic lamellar spacing in thin
films [173, 174]. We present here quantitative experiments on characteristic lengths
for compositionally asymmetrical block copolymers. The algorithm to quantify the
characteristic lateral spacings in thin films of cylinder block copolymers is described
in [113].

The results of the analytical procedure are shown in Fig. 21 where characteristic
distances between the cylinders are plotted as a function of the local thickness of
the film. Quite strikingly, we observed a systematic variation of the lateral spacing
between the cylinders as the film thickness increases from n to n+1 layers of cylin-
ders. Moreover, the characteristic spacings in the lower terrace was systematically
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Fig. 21 Absolute microdomain spacings and reduced spacings versus the thickness hdry of
quenched films. Different symbols correspond to different measurements and experiments. The
vertical dashed lines indicate the energetically favored film thicknesses at terraces. The straight
gray lines emphasize different slopes of spacing relaxation on accommodation of the next layer
of cylinders. Two dotted lines follow the minimum and maximum deviations of the macrodomain
spacings from ao, where ao is the spacing in the bulk. (Left) Unit cells in thin films used for the
strong-segregation theory calculation in [113]. The dotted lines denote the actual calculated ge-
ometries. Reprinted from [113], with permission. Copyright 2007 American Chemical Society
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0.5–1 nm smaller than that in the neighboring higher terrace (Figs. 21 and 4). The
differences in the lateral spacings in the adjacent terraces vanish in the fourth
layer [113]. The effect is clearly measurable and points to 1D stretching of a unit
cell in thin block copolymer films.

The digital spacing analysis and its applications present a novel type of quanti-
tative characterization of thin structured films. In particular, changes to the cylinder
spacings in thermally annealed films with the variation of the annealing temperature
suggested stronger segregation under confinement relative to the bulk melt at the
same temperature [51, 138]. Also, accumulation of spacings data during the devel-
opment of a dewetting rim can be used for quantitative analysis of stress distribution
within the moving front, which may bring insights into the rheological properties of
polymer films on a mesoscale [51].

4.5 Microdomain Dynamics

The growing number of applications of nanopatterns in technology is a strong in-
centive to develop an improved understanding of ordering dynamics with the aim of
controlling the resulting nanopatterned surfaces. The high degree of order relative
to the film surfaces, as well as long-range in-plane order of the film, are imperative
to applications of nanopatterned surfaces [2, 3, 19].

Common, though for many applications undesired, features in block copolymer
nanostructures are point and line defects, grain boundaries, metastable phases, as
well as distortions in microdomains orientation. The key role of the generation and
annihilation of topological defects was emphasized in the studies on structural phase
transitions, long range alignment, and reorientation of microdomains under shear
and under electric fields. However, all these studies relied on indirect experimental
evidence from scattering and other spatially averaging techniques.

In this section, we review our research on structural defects and their short- to
long-term dynamics in block copolymer films using in situ SFM measurements at
elevated temperatures, and DDFT-based simulations. The strength of our approach
is that structures visualized with SFM 2D are directly compared with computa-
tional structures that provide access to the structure away from the surface of
imaging, in the interior of the film. We focus on specific defects in the cylinder
phase that are kinetically trapped in thermal equilibrium during the lateral ordering
of lying microdomains. While topological defects in polymer thin films resem-
ble those commonly observed in other forms of ordered matter, block copolymers
exhibit morphological and dynamic properties that are specific to their polymeric
nature [175–180].

4.5.1 Classification of Characteristic Defects

We distinguish between classical, modified, specific, and grain boundary defect
configurations. Figure 22 presents examples of simulated and measured classical
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Fig. 22 Simulated images (upper panel) and SFM phase images (300 × 300 nm) (lower panel)
presenting classical topological defect configurations in lying cylinders: (a, e) cyl-dislocation; (b, f)
m-dislocation; (c, g) +1/2 cyl-disclination; and (d, h) +1/2 m-disclination. SB films were annealed
under 70% of the saturated vapor pressure of chloroform. Reprinted from [36], with permission.
Copyright 2008 American Chemical Society

defects in triblock and diblock copolymers. Purely topological arguments are suffi-
cient to describe defects in films with upstanding lamella, since a topological defect
always implies the abruption of one component. In contrast, in cylindrical phases
the major dark-colored matrix (PB phase) is always interconnected, but the 2D rep-
resentation of topological defects conceals this important property.

In order to account for the real 3D structure of cylindrical microdomains, we
denote the configurations in Fig. 22a, e and c, g as cylinder-phase defects (cyl-
dislocation and +1/2 cyl-disclination), and the configurations in Fig. 22b,f and
d,h as matrix defects (m-dislocation and m-disclination). In our systems, cyl-
dislocations generally develop during the early stages of film annealing when the
overall defect density is high. In well-equilibrated films, cyl-dislocations are less
frequent as compared to m-dislocations.

Modified Classical Defects

The rich phase behavior of cylinder-forming block copolymers is reflected in
the modification of classical defects by incorporation of elements of non-bulk
structures such as +1/2 disclination with incorporated PL ring (Fig. 23a, d) or
white dot (b, e); and −1/2 disclination with incorporated PL domain (Fig. 23c, f).
Defects Fig. 23a and b are topologically equivalent, but functionally different. Their
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Fig. 23 Simulated images (upper panel) and SFM phase images (300 × 300 nm) (lower panel)
presenting specific defect configurations: +1/2 disclination (a, d) and −1/2 disclination (c, f) with
incorporated PL fragment; (b, e) +1/2 dot-disclination. SB films were annealed under 50% of the
saturated vapor pressure of chloroform. Reprinted from [36], with permission. Copyright 2008
American Chemical Society

temporal stability and role in the overall structure evolution are discussed in detail
in [36]. In particular, the PL phase lacks the axial symmetry; therefore it effectively
compensates large disorientations of cylinder grains.

Specific Defects

Figure 24 presents specific neck defects, which can be viewed as a closely in-
teracting pair of m-dislocations (Fig. 24a and related sketch). Such necks provide
connectivity of the minority phase and thereby facilitate material transport without
crossing the PS–PB interface. Interestingly, in DDFT simulations neck defects are
not seen in the ordered cylinder phase. This fact probably indicates a small energy
difference between the neck defect and the defect-free cylinders. Considering the
experimental conditions when the necks between cylinders form, we conclude that
their origin is driven by local concentration fluctuations.
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Fig. 24 SFM phase images of surface structures in SB films, which were equilibrated under
70% of the chloroform-saturated atmosphere, showing specific neck defects (a) highlighted by
dashed circles; interaction of neck-defects with m-dislocations (b, c), and with a single PL ring
(d). Reprinted from [36], with permission. Copyright 2008 American Chemical Society

Detailed analysis of defect configurations in the cylinder phase and of their
evolution allowed us to conclude that representative defect configurations provide
connectivity of the minority phase in the form of dislocations with a closed cylinder
end or of classical disclinations with incorporated alternative, non-bulk structures
with planar symmetry. Further, block copolymers show a strong correlation between
the defect structure and chain mobility on both short- and long-term time scales.

We note that earlier research focused on the similarities of defect interaction and
their motion in block copolymers and thermotropic nematics or smectics [181, 182].
Thermotropic liquid crystals, however, are one-component homogeneous systems
and are characterized by a non-conserved orientational order parameter. In contrast,
in block copolymers the local concentration difference between two components
is essentially conserved. In this respect, the microphase-separated structures in
block copolymers are anticipated to have close similarities to lyotropic systems,
which are composed of a polar medium (water) and a non-polar medium (surfac-
tant structure). The phases of the lyotropic systems (such as lamella, cylinder, or
micellar phases) are determined by the surfactant concentration. Similarly to ly-
otropic phases, the morphology in block copolymers is ascertained by the volume
fraction of the components and their interaction. Therefore, in lyotropic systems
and in block copolymers, the dynamics and annihilation of structural defects re-
quire a change in the local concentration difference between components as well as
a change in the orientational order. Consequently, if single defect transformations
could be monitored in real time and space, block copolymers could be considered
as suitable model systems for studying transport mechanisms and phase transitions
in 2D fluid materials such as membranes [183], lyotropic liquid crystals [184], and
microemulsions [185].
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4.5.2 Phase Transitions and Defect Evolution in Dynamic SFM
Measurements and DDFT Simulations

Using the calculational method based on DDFT, deviations from the cylinder bulk
morphology have been identified as surface reconstructions [58, 62]. The con-
structed structure or phase diagrams allowed surface field and confinement effects
to be distinguished [57–59, 107, 145, 186]. The comparative analysis of defect
types and dynamics disclosed annihilation pathways via temporal phase transi-
tions [36, 111]. Further, a quantitative analysis of defect motion led to an estimate
of the interfacial energy between the cylinder and the PL phases [117]. A DDFT-
based model was effectively used to simulate a block copolymer film with a free
surface and to study the dynamics of terrace development [41, 42]. We showed how
our computational method and an advanced dynamic SFM can be exploited in a
synergetic fashion to extend the information about the elementary steps in structural
transitions at the mesoscopic level. In particular, the experiments validate the dy-
namic DDFT method, and the DDFT calculations rationalize the characterization of
the film surface in the interior of the film [187].

In situ dynamic measurements and DDFT simulations to non-bulk PL and
lamella morphologies (Figs. 25 and 26) demonstrate that annihilation of topological

Fig. 25 SFM phase images showing the transient PL phase at the boundary between the cylinder
grains. In Frame 48, an array of PL rings is aligned along the grain boundary and grouped around
a “horse-shoe” defect (arrow). In Frame 249 the transient phase is annihilated into the +1/2 discli-
nation. The total evolution of the PL phase is about 4 h. The frame number and the elapsed time
of the measurement are shown. Reprinted from [111], with permission. Copyright 2006 American
Chemical Society
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Fig. 26 Snapshots of DDFT calculations, modeling a thin supported film of A3B12A3 cylinder-
forming block copolymer in a 128 × 32× 26 bit volume. Crops of the middle layer, visualizing
the reorientation of cylinders via the transient PL phase are shown after (a) 56,000, (b) 57,200,
(c) 58,400, and (d) 59,600 time steps. The thin film morphology is shown by the isodensity sur-
face of A component for a threshold value of εA = 0.33. Reprinted from [111], with permission.
Copyright 2006 American Chemical Society

defects in the cylinder phase in many instances proceeds via local temporal phase
transitions. The low interfacial tension of ∼2.5μNm−1 between the cylinder and the
PL phases probably accounts for the energetically favorable pathway of structural
rearrangements via phase transitions [117].

4.5.3 Evaluation of the Dynamic SFM Measurements

The high temporal resolution of SFM imaging uncovered elementary dynamic
processes of structural rearrangements. We observed short-term interfacial undu-
lations [111], fast repetitive transitions between distinct defect configurations [112],
their spatio-temporal correlations on a length scale of several microdomains [112],
and unexpected defect annihilation pathways via formation of temporal excited
states [51, 111].

To analyze the temporal evolution of the microdomain oscillations between cer-
tain defect configurations, we associate the configurational energy of defects 1–2
and A–F in Fig. 27a with the number of open ends in the structures, and in Fig. 27b
plot their temporal evolution. The thick gray curves highlight the periods of pre-
vailing appearance of configurations with one open end and with two open ends.
Within each of these periods there are short-time transitions into other configu-
ration. The similarity of the averaging curves suggests that the events at the two
neighboring sites are correlated on the scale of at least several domain spacings and
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Fig. 27 (a) Crops (250 × 250 nm) from selected frames of the SFM movie showing the oscilla-
tions between distinct defect configurations. Circled dot and crossed circle mark the open ends of
the cylinders. The structure marked with the circled dot fluctuates mainly between the configu-
ration with three “open ends” (1) and the configuration with two “open ends” (2). The structure
marked with the crossed circle fluctuates between configurations with one (A, F) or two “open
ends” (B,C, D). (b) Temporal evolution of the defect configurations displayed in Fig. 27a. The
configurations are sorted and grouped along the configuration coordinate according to their num-
ber of “open ends”. The gray curves suggest correlations of defect dynamics. (c) Histogram of the
time between two successive transitions shown in (b). Reproduced with permission from [112].
Copyright 2006 American Chemical Society

on a time scale of seconds. Moreover, we estimated the relaxation times involved
and proposed possible molecular mechanisms that could account for these dynamics
(Fig. 27c) [112]. Comparison of typical transition time with characteristic diffusion
coefficients suggests that the motion proceeds via correlated movement of clusters
of chains.
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An original approach to the reduction and visualization of large sets of temporal
evolution data has been recently presented [136]. Microdomains are reduced to thin
smooth lines with colored branching points and visualized with a tool for protein
visualization.

4.6 Structural Polymorphism of ABC Terpolymers

When a chemical variety of a linear block copolymer is increased to three different
components, an intricate diversity of structures becomes possible [188, 189]. This
is due to considerable increase in the number of involved polymer–polymer and
polymer–surfaces interaction parameters. The studies on thin film behavior of ABC
terpolymers are rare, even though they may potentially be more versatile than binary
block copolymer morphologies due to the increased complexity.

Both theoretical [186, 190–192] and experimental [63, 123, 124, 128, 193] stud-
ies have demonstrated that interaction of the middle B block with a substrate plays
a decisive role in the lamella structure orientation and order in thin films.

In the case of non-symmetrical volume composition, Elbs et al. facili-
tated different phases in polystyrene-block-poly(2-vinylpyridine)-block-poly(tert-
butylmethacrylate) (SVT) films by exposing them to different solvent vapors
(Fig. 28). Further studies indicated a large morphology dependence on the annealing
vapor and drying conditions [4]. Rehse et al. demonstrated the presence of

Fig. 28 SEM images of about 60 nm thick films of SVT block terpolymers along with expected
structural elements of the thin-film structure. (a) Core–shell cylinders; (b) helices wound around a
cylindrical core; (c) (112) plane of an ideal double gyroid structure. Copyright (2002) Wiley. Used
with permission from [18]
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non-bulk surface-reconstruction morphologies using ABC terpolymers of different
compositions [126–128]. Ludwigs et al. systematically studied the phase behavior
of SVT thin films [53, 63, 129, 130] and could match these results to DDFT calcu-
lations [186]. These studies demonstrated that confined systems are very sensitive
to small changes in the energetic interaction between the different components,
leading to a wide variety of possible surface reconstructed morphologies. Amongst
other morphologies, a stable and highly ordered PL phase has been found, which
could find use in membrane applications [63, 131]. The high order of the PL phase
over macroscopically large areas was presumably caused by the bicontinuous nature
of the morphology. Studies by other groups have been recently reviewed in [4].

5 Perspectives and Challenges

With advanced physical characterization techniques and theoretical analyses, the
scientific understanding of the structure, dynamics, and thin film behavior of both
compositionally simple and complex block copolymer architectures is rapidly ex-
panding. The interest is supported, above all, by their growing importance in
nanotechnology. The development is possible due to conjugation of new synthetic
capabilities, processing methods, and self-assembly paradigms. Currently, attention
is shifting towards new structural motifs for designing systems capable of hierarchi-
cal self-assembly into complex, well ordered, functional mesostructures.

Recent remarkable progress in polymerization techniques allows the prepara-
tion of well-defined tailor-made macromolecules, with precise control over the
molecular weight, structure, architecture, and placement of functional groups [194].
A comprehensive review by Granick et al. [195] describes recommended synthetic
directions and approaches, including the creation of organo-polymeric composites
(light-emitting devices) and bio-related hybrid materials.

Increasing the structural complexity and functionality of new block copolymer
materials while introducing additional hierarchy into self-assembly inevitably im-
plies more complex dynamic routes for achieving the desired order on mesoscopic
and macrososcopic scales. A detailed comparison between morphological studies
and theoretical predictions will develop better understanding and control over the
structure of functionalized block copolymers and will allow the tailoring of optical,
mechanical, conducting, and other functional properties.

However, with the expanding spectrum of complexity and functionality of new
polymer-based hybrid materials, no general routes and recipes for processing
polymer-assisted materials should be expected. The effort to establish new ap-
proaches for guiding self-assembly of complex functional materials is the key to
further technological application.
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Controlled Wrinkling as a Novel Method
for the Fabrication of Patterned Surfaces

Alexandra Schweikart, Anne Horn, Alexander Böker, and Andreas Fery

Abstract This contribution reviews recent findings on nonlithographic approaches
for topographical structuring of polymeric surfaces and application of the result-
ing surfaces for creating hierarchical structures. External mechanical fields are used
to induce a so-called buckling instability, which causes the formation of wrinkles
with well-defined wavelength. We introduce the theoretical foundations of the phe-
nomenon. The universality of the principle and the range of wavelengths between
fractions of a micrometer and hundreds of microns that can be achieved are dis-
cussed. In the following we focus on the application of these surfaces as templates
for the deposition of colloidal particles such as artificial particles (polystyrene beads,
gold-nanoparticles or polymeric core-shell particles) and bionanoparticles (tobacco
mosaic virus). We demonstrate how patterns can be transferred from the supporting
wrinkled surfaces onto a broad variety of flat surfaces like glass or silicon wafers
by stamping, where the complex colloidal patterns are accessible for studying their
optical, electronic or other physical properties.
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Patterns · Deformation · Surfaces · Self-assembly · Polyelectrolyte multilayer films ·
Thin-films · Polymer brushes · Colloidal crystallization · Mechanical-properties
· Assembled monolayers · Buckling instability · Elastomeric polymer · Tobacco-
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1 Introduction

Periodically patterned surfaces are used as functional building blocks in many
devices; periodic patterning can also cause special surface properties. Spatial period-
icity causes unique optical, electronic or acoustic properties due to wave interference
phenomena. Thus optical elements like lenses, grids, or bandgap materials based on
periodically micro-structured surfaces are feasible. Many applications in modern
micro fluidics, microelectronics, or combinatorial chemistry for sensing, analysis,
or synthesis require array-type structures as building blocks. Periodic patterns can
serve as templates for the assembly of more complex hierarchical structures like
3-D colloidal crystals [1–7]. In particular, biological examples show that periodicity
can cause special hydrodynamic or aerodynamic properties, like reduction of turbu-
lent drag/hydrodynamic friction [8–10] as found with sharkskin or dragonfly wings.
Patterning is essential for special wetting/self-cleaning properties like the celebrated
lotus effect [11–13].

Consequently a huge variety of approaches for the fabrication of such structures
has been developed in the past. A recent review on various patterning approaches
can be found [14]. So far, strategies are generally divided into bottom-up and top-
down approaches. In the first approach, structure formation is achieved by using
(typically molecular scale) building blocks that tend to self-assemble; prominent ex-
amples are amphiphilic lipids, surfactants, block-copolymers, or colloidal particles.
In the second, originally homogenous materials are shaped by means of invasive
techniques like lithography. Both approaches have their specific benefits and draw-
backs. While bottom-up approaches allow reaching small periodicities, they are
more vulnerable to defects and limited in the degree of pattern control. They also
require the synthesis of tailor-made compounds if certain periodicities are desired.
Top-down approaches are unparalleled in terms of versatility and fidelity, but they
face intrinsic limits concerning lateral periodicities that can be reached and typi-
cally are rather expensive. Both approaches face serious difficulties for upscaling
to macroscopic dimensions. In this review we focus on a novel approach for sur-
face patterning based on controlled wrinkling, which belongs to neither of the two
categories. Interestingly, it allows creating topographical surface patterns with peri-
odicities between few 100 nm and many tens of microns and has few restrictions in
terms of upscaling.
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2 Theoretical Foundations of Wrinkling

Wrinkles are encountered in many everyday life situations. If a thin membrane is
exposed to a compressive in-plane strain, the system responds at low deforma-
tions by a so-called buckling instability. The membrane bends out of plane and
a wrinkle develops, as can be frequently observed for cloth, skin, or paper. In
spite of its mundane character, wrinkling has only recently found applications as a
method for topographical patterning. This is mainly due to the fact that the buckling
process underlying wrinkle formation is highly nonlinear in nature and, therefore,
reproducibility is often low and wrinkle formation suffers in many situations from
defects. The fact that has fascinated painters for ages (that a piece of cloth will never
wrinkle in precisely the same fashion) is undesirable for patterning, where con-
trol and uniformity are desired. Recent developments have introduced experimental
solutions under which this restriction is greatly diminished. Wrinkle periodicity
becomes highly uniform and controllable by external parameters. Topographically
structured surfaces such as those shown in Fig. 1 become accessible. The approach
to “tame” wrinkles is to use membranes that are not freely suspended but attached
to an elastomeric substrate, as schematically depicted in Fig. 2 [15–20].

In the situation depicted in Fig. 2, the film on the elastomeric substrate under-
goes a buckling transition in order to relieve stress upon compression. In contrast

Fig. 1 SEM image of sub-micron periodicity wrinkles created by plasma oxidation of strained
polydimethylsiloxane and subsequent stress release
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Fig. 2 Schematic depiction of wrinkle formation of a hard film in adhesive contact with a softer
elastomeric substrate. The wavelength λ is mainly determined by film thickness h and elastic
properties of film and substrate. The amplitude A can be controlled by the strain

to a free membrane, however, the wavelength of wrinkles is influenced by the fact
that the film is coupled to the elastomer. While the minimal elastic energy con-
formation of the film is a single fold, this situation is highly unfavorable for the
elastomeric substrate for which out-of-plane deformations are linked to an energy
penalty. As a consequence, a well-defined wavelength, which minimizes elastic de-
formations of film and substrate, develops. This phenomenon is of broad interest and
has motivated recent theoretical studies of the mechanics and kinetics of the wrinkle-
formation [15, 19–30]. Mechanical buckling instability of thin coatings deposited
on soft polymeric substrates has been described by Volynskii and coworkers [20]
who considered the stability of a surface layer to follow buckling theories of Biot
[31, 32] and Euler [33]. For the dominant wavelength λ , the following expression is
given where h is the thickness of the coating, E and v are the Young’s Modulus and
Poisson’s Ratio of substrate (s) and film ( f ):

λ = 2πh

⎡
⎣

(
1− v2

S

)
E f

3
(

1− v2
f

)
ES

⎤
⎦

1/3

. (1)

In the situation of uniaxial strain, this equation predicts the direct proportionality
between the wavelength λ and the thickness of the coating, and an increase in λ
with the decrease in substrate rigidity (described by the Young’s Modulus Es). The
critical buckling stress in the coating σ is [20]
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[
9E f Es
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Neglecting the Poisson’s coefficient, the buckling strain is

ε =
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. (3)
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Sridhar and coworkers studied the kinetics of a compressed film on a viscous sub-
strate [30]. They performed linear-stability analysis to determine the onset and
maximally unstable mode of this mechanical instability as a function of misfit strain,
viscous layer thickness, and viscosity.

3 Experimental Approaches to Wrinkle Formation

The theoretical concept explained above is rather universal. It has few restrictions
in terms of materials used for wrinkle formation. The main requirement is that
the Young’s modulus of the film is large as compared to the substrate elastomer.
In addition, if micron- and sub-micron wavelengths are desired, the film thickness
should be controllable on the nanoscale. In most of the work, polydimethylsiloxane
(PDMS) was used as elastomeric substrate. Experimentally, both transient wrinkles,
which only exist when macroscopic strains are applied, and “permanent” wrinkles,
which remain in the absence of macroscopic strains, can be produced. Both cases
are illustrated in Figs. 3 and 4 for the simplest situation of a uniaxial deformation.

In Fig. 3 the sheet is macroscopically stretched as indicated by the arrows. As
a consequence, transversal contraction takes place perpendicular to the stretching
direction. Wrinkles will appear in the macroscopically stretched state and – provided
the system is linearly elastic and no plastic deformations occur – disappear upon
relaxation [22].

In Fig. 4 the film was wrinkle-free in the macroscopically stretched state (e.g.,
it could be prepared on a stretched substrate, as in some of the cases explained
below). Now wrinkles are formed as the macroscopic tension is relaxed and remain

1.

2.

Fig. 3 A typical situation in which wrinkles occur in the presence of a macroscopic stress is
schematically depicted: A thin sheet is exposed to a uniaxial macroscopic deformation (1). As a
consequence, the sheet is compressed in the direction perpendicular to the elongation axis and the
reacts by a buckling instability. Wrinkles are formed, which however relax as the macroscopic
strain is released (2), unless plastic deformations occur in the macroscopically stressed state
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Fig. 4 In order to obtain wrinkles that are stable in the absence of macroscopic stresses, a macro-
scopic substrate of large thickness has to be modified in stressed state as explained below. While
the substrate does not react to compressive strains by wrinkling (1), the thin membrane that was
created in the stressed state wrinkles when the substrate is relaxed (2). While the system is still un-
der tension microscopically, no macroscopic stress is necessary to maintain the wrinkle structure
and long-term stable wrinkles can be created

permanent. In fact, on a microscopic level, the system is not tension-free and long
term-relaxation might take place.

Recent experiments were carried out for more complex strain situations. Biaxial
or multiaxial strain on films which were deposited on compliant substrates has been
described by Chen [24] and coworkers as well as by Lin [28] and coworkers. Films
that are prepatterned with a circular depression (representing a multiaxial or circular
strain) showed herringbone buckling patterns. This type of buckling instability was
found to be the most suitable buckling mode to reduce the overall in-plane stress
in the film in all directions. In the case of biaxial mechanical stretching, Lin and
coworkers found consistent structures. They presented perfect herringbone buckling
patterns if the biaxial strain is released sequentially in the x- and y-directions.

A possibility for the formation of more complex patterns is the use of prepat-
terned substrates as presented by several authors by either masking the surface
partially to avoid the formation of a hard layer in the masked regions [19] or to-
pographical prepatterning, where a relief structure is modified in order to wrinkle
[15–17, 34]. Periodic porous structures have been reported to undergo pattern trans-
formation due to buckling instabilities when external forces are applied. This results
in more complex hierarchical structures [35–37].

We have recently introduced embossing as a possibility to generate circular
wrinkled patters [38]. Here, the substrate is uniform, but in the embossing pro-
cess, stresses vary locally. Thus, complex patterns like those depicted in Fig. 5 are
feasible.

For the hard film, a variety of realizations like metal films, inorganic layers,
or polymeric layers have been demonstrated. Figure 6 provides an overview of the
range of achievable wavelengths for the various approaches, which will be discussed
in detail below.
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Fig. 5 AFM images of
wrinkled substrates embossed
by 10μm (a) overview, (b)
magnified detail-sized pillar
patterns. Height scales
ΔZ = 150nm [38]

Fig. 6 Overview of the wavelength ranges that can be routinely achieved using the various
modification techniques of PDMS surfaces. The inset displays a 3-D AFM height-image of a
plasma-modified surfaces

3.1 Evaporation/Sputtering and Thin Metal Films

Historically, wrinkles on PDMS were first observed upon metal evaporation. Martin
and coworkers reported wrinkle formation by evaporation of aluminum onto PDMS
[39], which was first not followed further. The potential of metal evaporation onto
PDMS for structuring purposes was recognized only 17 years later by Bowden [15].
In these experiments, the metal was coated onto thermally expanded PDMS. Re-
turning the sample to room temperature causes thermal shrinkage of the PDMS
and consequently wrinkling of the top layer. Chen and coworkers have theoret-
ically shown that the herringbone-type pattern observed under these conditions
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constitutes a minimum energy conformation of the system [24]. Huck and coworker
used a gold coating instead of aluminum and – more importantly – demonstrated
that more complex wrinkle patterns can be achieved by using PDMS which is pat-
terned in its mechanical properties [19]: They exposed the PDMS prior to metal
evaporation to UV light through a mask. This is well known to generate surface
radicals which recombine to form various types of networks [40] and increase
the Young’s modulus of the topmost layer of PDMS [19] in the illuminated area
relative to the nonilluminated areas. This influences the wrinkle wavelengths and
patterning thus provides a means of gaining control over more complex wrin-
kle geometries. Volynskii and coworkers showed similar effects as Bowden for
gold and platinum coatings of poly(ethylene terephthalate) [20]. Recently, Khang
and coworkers identified mechanical buckling of Si-membranes coupled to PDMS
substrates to serve as so-called “stretchable electronics” in organic transistors or
photovoltaic [41, 42].

3.2 Plasma Oxidation and Thin Silica Layers

A significant number of papers take advantage of the fact that oxidation of PDMS
(either by exposure to UV-ozone or to oxygen plasma) can create a stiff silica-like
material [17, 40, 43]. During the oxidation process, up to 50% of PDMS in the
topmost layer is converted into silica [40]. Oxygen plasma treatment was first ap-
plied by Bowden and coworkers [16] to create such a surface layer and use a thermal
shrinkage process to create wrinkles. They found patterns with wavelengths between
fractions of a micron and 10μm. They also reported the appearance of cracks which
arise due to the brittle nature of the silica material.

These patterns were found to be locally ordered but macroscopically disordered.
Genzer and coworkers presented the first effort to align the wrinkles by the use
of a custom-built stretch-apparatus [44, 45]. In this experimental setup a clamped
PDMS slab was uniaxially stretched to a length of 30–50% relative to its original
length. PDMS, that was subsequently oxidized in this prestrained state, formed pe-
riodic wrinkles perpendicular to the applied direction of stretching once the strain
was released. Given the case that strain is well controlled and homogenous, wrinkle
patterns are highly regular as shown in Fig. 7. Detailed investigations concerning the
effect of the strain-removal rate on the buckle morphology was done by Efimenko
and coworkers [46]. They reported the development of structural defects ( junctions
marked with arrow in Fig. 7) which decrease dramatically with decreasing veloc-
ity of stain-removal from the specimen. During the relaxation process cracks form
parallel to the strain [47]. Since SiO2 is rather brittle, it can crack as the strain is
released because of lateral elongation of the rubber (PDMS). Contrary to expecta-
tions, more cracks develop if the strain is released slowly compared to releasing the
strain instantaneously.

For the case of uniaxial strain and the surface oxidation mechanism, quantitative
evaluations of wavelength and amplitude reported by us [48] and also by Chiche and
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Fig. 7 Atomic force microscopy image illustrating defect structures in wrinkled surfaces prepared
by plasma treatment of stretched PDMS and subsequent relaxation

Fig. 8 Increase of
wavelength (filled triangles)
and amplitude (open circles)
of the wrinkles with
increasing plasma dose
(oxygen plasma exposure
time multiplied by plasma
power). The values were
evaluated by quantitative
FFT-analysis applied to AFM
height-images
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coworkers [49] indicate that a single “dose” parameter (oxygen plasma exposure
time multiplied by plasma power) characterizes the surface conversion of PDMS, as
shown in Fig. 8.

The amplitude of the wrinkling pattern in particular was quantitatively evaluated
for the first time by [50, 51] and follows the equation
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A = h

[
ε
εc

−1

]1/2

. (4)

where εc is the threshold value for buckling and has to be exceeded for obtaining a
wrinkled pattern [50, 52].

3.3 Polymeric Films and Coatings

Different approaches to obtain wrinkles in thin polymer sheets were presented by
Harrison and Stafford [53, 54]. Thin polyethylene (PE) sheets were first spin-coated
onto silicon wafers and subsequently transferred to a relatively thick slab of PDMS
by releasing the film in water. This technique takes advantage of the tunable film
thickness by the spin-coating process (spin velocity, concentration of polymer solu-
tion) as well as the water-insoluble nature of PE. Wrinkles were induced by either
compressing the PDMS-PE-bilayer setup [54] or depositing the PE-sheet onto a
prestrained PDMS slab and releasing the strain afterwards [53].

Polyelectrolyte multilayer offer an interesting alternative to classic spin-cast
polymeric films, since their thickness can be controlled on the nanometer scale and
they allow the achieving of a broad range of elastic constants. The layer-by-layer de-
position, in which polyanions and polycations are deposited on charged substrates
by alternating adsorption from aqueous solution, was introduced by Decher and
coworkers [55–57]. Depending on the type of polyelectrolyte used for the layer-
buildup, elastic constants can vary greatly [58], but especially multilayer-films that
show a linear thickness increase as a function of deposition steps are promising
candidates for wrinkle formation, as their Young’s modulus is typically large as
compared to PDMS and at the same time their thickness can be controlled precisely.
Several groups used wrinkling as a means for estimating the Young’s modulus
of multilayer of various composition including gold-nanoparticle-containing multi-
layer [59]. This so-called “strain induced elastic buckling instability for mechanical
measurements” (SIEBIMM) was developed by Stafford and coworkers [54]. Rear-
rangement of (1) can be used to solve the elastic modulus E f of thin films on top of
a compliant substrate:

E f =
3Es

(
1−ν2

f

)

(1−ν2
s )

(
λ

2πh

)3

. (5)

This solution predicts the film’s properties depending on the buckling wavelength
λ and the material properties of the substrate Es. The solution is reported to be
valid in the limit of low strain (ε << 10%), E f/Es >> 1, the substrate being much
thicker than the film and the amplitude of the wrinkles is much smaller than their
wavelength. Other examples of systems investigated by SIEBIMM are protein films
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Fig. 9 Buckling wavelength
(filled squares, left axis) and
estimated Young’s modulus
based on film thickness
measurements and the
observed wavelength as well
as elastic properties of the
substrate (filled circles, right
axis) for (NDR/Au-NP)n

films for different number of
assembly cycles n [59]
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based on silk fibroins [60], polymer-brush films [61], ion-irradiated PS surfaces
[62], and composites of polyelectrolyte multilayers and encapsulated nanoparticles
[63]. Figure 9 displays the thickness dependency of multilayer formed from Nitro-
diazoresin (NDR) and gold nanoparticles [59]. The buckling wavelength is found
to depend linearly on the film thickness and the elastic modulus of the multilayer
film can be estimated from the data. At low film thicknesses, Young’s moduli de-
viate from the values found at higher film thickness because the PDMS has to be
plasma modified in order to render it hydrophilic. Thus, at low film thickness, the
silica layer influences the wavelength, while at larger film thicknesses, the effective
modulus approaches a value characteristic of the polyelectrolyte multilayer.

We used SIEBIMM to explore the influence of linear charge density and
state of hydration on the ealstic properties of polyelectrolyte multilayers [64].
Multilayers were prepared from polystyrenesulfonate (PSS) and various statistical
random copolymers made from diallyldimethyl-ammoniumchlorid (DADMAC)
and N-methyl-N-vinylacetamid (NMVA) monomers [65]. While the DADMAC
and NMVA monomers are comparable concerning their hydrophilicity, DADMAC
is charged while NMVA is uncharged. Thus variation of the DADMAC-content
allows for controlling the linear charge density of the polycation. Figure 10 displays
the elastic constants obtained for multilayers using polycations of 100, 89, and
75% DADMAC content as a function of humidity at room temperature. The results
clearly indicate that the elastic modulus (and consequently the wrinkle wavelength
at fixed film thickness) strongly depends on humidity and that water acts as a plas-
ticizer for the multilayers. Variation of linear charge density also allows fine-tuning
elastic constants and wavelengths.
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Fig. 10 Young’s modulus for multilayer of PSS/(DADMAC/NMVA) random copolymers as a
function of ambient humidity at room temperature. The DADMAC-content of the copolymer is
varied between 75 and 100% (75%: filled triangles, 89%: filled circles, 100%: filled squares and
filled inverted triangles), indicating a clear dependency of the mechanical properties of the multi-
layer on the linear charge density. In all cases, a plasticizing effect of water is evident

4 Wrinkling as Strategy for Building Lithography-Free
Hierarchical Structures

A variety of interesting applications takes advantage of the periodic nature provided
by highly ordered wrinkling patterns, which were used as building blocks for hierar-
chical structures. This includes the utilization of wrinkled substrates as micro fluidic
sieves [46] or diffraction gratings [16, 53]. Several authors have described laser
diffraction measurements for determining the dominant wavelength of a wrinkling
pattern as a suitable method [54, 57, 66, 67]. Utilizing tunable wrinkled surfaces
as optical phase gratings is therefore a promising direction. Bowden and coworkers
introduced optical gratings created by tunable buckled surfaces [16]. They reported
the angular displacement of the first order diffraction spot to increase linearly with
increasing compressive strain. As mentioned in the theoretical description of the
wrinkle formation, it is proven that compressive strain mainly affects the ampli-
tude of wrinkles. This dependency had also been confirmed later by Harrison and
coworkers [53]. They sent coherent light through a wrinkled surface and observed a
local phase shift that was imparted with a magnitude proportional to the wrinkled
amplitude. The diffraction pattern from a coherent beam normal to a transparent
surface with a sinusoidal topography can be calculated in the Fraunhofer limit.
Wrinkled substrates were used as templates for guiding cell proliferation [68, 69]
and for patterned assembly of colloidal particles [70]. We focus in the following
on the latter aspect and show how wrinkles can be used as templates for particle
assembly on the micron and sub-micron scale.
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4.1 Template-Assisted Self-Assembly of Colloidal Particles
by Wrinkled Surfaces

Ordered arrays made from colloidal particles have various applications such as op-
tical bandgap materials, triggering the epitactic growth of 3-D crystals [1–7]. If the
assembled colloidal particles are of nanoscale dimensions, they can serve as optical,
electronic functional units, sensors, or for data storage. The preparation of defect-
free alignments of colloidal particles, however, remains challenging. Much research
has been directed towards investigating templates and procedures to guide the self
assembly into either topographically [1, 71–80] or chemically [75, 81–83] structured
surfaces. Such template-assisted assembly reduces the number of defects and allows
defining the regions in which colloids are assembled. Conventionally, lithography is
used to fabricate periodically structured surfaces. Downsizing the features’ struc-
ture requires electron-beam lithographic techniques and includes environmentally
harmful etching steps. There is no doubt that mass production and upscaling is
unfavorable. Different authors predicted that controlled wrinkling provides an al-
ternative solution to structure templates which can be used in a template-assisted
self-assembly (TASA) process.

We demonstrated how ordered lines of colloidal polystyrene particles can be
achieved by a simple dip coating process [70]. We used wrinkles produced via a
stretch retraction process of a glassy polyelectrolyte multilayer film mounted on a
PDMS substrate. Here, the template was dipped into a colloidal particle suspen-
sion with the orientation of the wrinkle’s grooves with the withdrawing direction of
dipping as the sketch in Fig. 11 indicates.

Fig. 11 Template-assisted
deposition of particles on
wrinkled films. For successful
assembly, the surface charge
of the particles has to be of
like sign as the surface charge
of the wrinkled film to avoid
adhesion of the particles
towards the film surface
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Successful assembly requires matching features of the template, meaning that
wavelength and height have to be of the same dimensions. Additionally, adhesion
of particles and surface must be avoided by weak repulsive forces. In this context,
polyelectrolyte multilayer-wrinkles are particularly useful, as the wettability of the
multilayer is determined by the part of the layer adjacent to the film/solution or
film/air interface respectively, while the elastic properties are determined by the
total film [84]. Thus, elastic constants can be adjusted largely independent from
wettability properties.

We used polyelectrolyte multilayer formed from polyallylamine hydrochloride
(PAH) and PSS successfully for templating deposition of colloidal particles, as dis-
played in Fig. 12. The wavelength of the wrinkles was adjusted by the number of
polyelectrolyte deposition cycles and, accordingly, single lines of particles or dou-
ble lines, as well as other geometries, could be achieved [70].

An interesting aspect of the use of polyelectrolyte multilayer for this structuring
approach is the fact that the mobility of polyelectrolytes in the multilayer critically
depends on humidity. As the wrinkle structure is still under tension microscopically,
plasticizing due to humidity increase (as evident from Fig. 10) allows for relaxing
these internal tensions. The wrinkles smoothen as a consequence. Thus a remov-
able template is available and quantitative studies on the relaxation processes are
currently on the way. Figure 13 displays a scheme of the total process: In the first
step, the multilayer is plastically deformed, relaxation wrinkles are created, and the
thin polymer layer is strained (depicted by the red color). Particles can be aligned
on those wrinkles in the second step. In the final step the whole sample can be an-
nealed, resulting in a relaxation process of the wrinkles, which does not destroy the
order of the particles, as their mobility is negligible.

Recently we were able to expand this approach to the fabrication of patterned
arrays of bionanoparticles [85]. The tobacco mosaic virus (TMV) is particularly

Fig. 12 AFM images of selective deposition of 380 nm-sized colloidal particles on (PAH–PSS)n
wrinkled films with different number of bilayer: n = 30 (left), 40 (right). Scale bars = 2μm; height
scales ΔZ = 910nm (left), 860 nm (right) [70]
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Fig. 13 Scheme of the
proposed application of
polyelectrolyte multilayer as
removable templates. First
wrinkles are formed by
plastic deformation of the
multilayer. The particles are
deposited while the
multilayer is in a glassy state
and subsequently the
multilayer is annealed

suited for this approach, since it is highly anisotropic in shape. The virus is 300 nm
long and 18 nm in width. As a biological nanoparticle, it is not only of excep-
tional monodispersity, but also offers a well-defined chemical composition down
to molecular dimensions. Wrinkles generated by plasma oxidation of PDMS have
periodicities in the range of and below the length of the TMV and are thus ide-
ally suited for guiding patterning of the virus. It turns out that viruses can even by
aligned on these substrates by means of a spin-coating process. Figure 14 displays
an AFM image (left) of TMVs on a wrinkled surface that were assembled using this
process. The inset displays a cross-section of the image, in which the topographical
features of the virus particles can be investigated. We frequently find that viruses
form not only single lines (marked by a full arrow) but also double lines formed by
two parallel virus particles, which can be distinguished by a larger width (marked
by broken arrow). An alternative technique for studying the patterning of the virus
particles is scanning electron microscopy, which does not provide topographical in-
formation but is particularly suited for studying larger areas due to the pronounced
contrast between virus particles and template (Fig. 14 right).

The efficiency of the alignment process depends critically on concentration and
rotation frequency in the spin-coating process. The impact of both parameters can
be quantified using scanning electron microscopy. The occupancy of the grooves
can be quantified by normalizing the total length of virus-filled grooves by the total
length of grooves of the sample. In a similar fashion, a virus deviator parameter
can be determined that normalizes the total length of viruses that do not follow the
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Fig. 14 AFM height-image of selective deposition of TMV virus particles onto wrinkles created
by plasma oxidation of PDMS and corresponding height profile showing single ( full arrow) and
multiple adsorption (broken arrow) of the virus in the grooves (left). SEM image of TMVs aligned
in the grooves showing lines of viruses over several micrometers (right) [85]

template pattern by the total length of viruses which follow the pattern. Taking the
sample areas into account as well, we define

Ω =
1

Atot

4

∑
k=1

Ak
Vk

Wk
(6)

and

Φ =
1

Atot

4

∑
k=1

Ak
Ok

fk Vk + Ok
(7)

for the occupancy parameter Ω and the deviator parameter Φ . Figure 15 shows a
graphical summary of optimum conditions and the dependency on both parameters:
concentration and spin speed.

TMVs offer exciting perspectives for further chemical processing as they are
not only monodisperse in size but also offer a well defined surface chemistry down
to molecular scale. This has already been used by several groups for further chemical
modification of TMVs like metallization and mineralization [86–92]. In particular,
metal wires could be created by controlled metallization of the viruses. This line of
research is currently being pursued.

Another possible application using the hierarchical nature of the wrinkles has
been discussed by Efimenko and coworkers [46]. They treated a mechanically
stretched PDMS sheet with UV-ozone in order to create a stiff surface layer. A
detailed analysis with AFM and profilometry of the wrinkles after releasing the
strain showed that the wrinkling patterns are hierarchical themselves. They ob-
served up to five “generations” of different wavelengths with different periodicities.
These features made so structured surfaces valuable candidates for separate col-
loidal particles of different sizes by acting as a micro fluidic sieve. A suspension
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of particles of different sizes (large silica particles (10μm) and small polystyrene
particles (67 nm)) was pumped past the wrinkled surface with a constant flow rate
perpendicular to the to the buckles’ orientation. Smaller particles seemed to align
themselves in smaller grooves and bigger particles resided predominantly in the
grooves of wrinkles with larger periodicity. Lines of particles could be observed that
were separated according to their size. Recently, Chung and coworkers investigated
wrinkled substrates to serve as nanochannels for protein preconcentration [93].

4.2 Pattern Transfer from Wrinkled to Planar Surfaces
by Stamping

In many cases, transfer of patterns from wrinkled surfaces to planar substrates is
desirable, since PDMS has poor optical properties and particles are not as accessible
to characterization techniques or to further modifications when they are “buried”
in the wrinkles. Here, stamping approaches that build up on the so-called micro
contact-printing technique (μCP) [94–96] provide a convenient pathway for pattern
transfer. μCP uses the relief patterns on a structured PDMS stamp to form patterns of
self-assembled monolayer of inks onto the surface of a substrate through mechanical
contact. Structured stamps were traditionally fabricated by molding PDMS against
a prestructured silicone master which was fabricated by photolithography [96]. If
this silicone master is structured on the sub-micron scale, expensive electron beam
lithography has to be implemented [97, 98].

We have recently discussed the application of wrinkled PDMS serving as a stamp
for μCP and showed that flat surfaces can be chemically structured by mechanical
contact of polyelectrolyte-covered wrinkles [48]. The transfer of the structure was
enhanced by chemical modification of the substrate with polyelectrolyte multilayer,
as shown schematically in Fig. 16.

Fig. 15 Occupancy parameter (Ω ) and deviation parameter (Φ) as a function of spin speed (a)
and concentration (b) of TMV solution for spin-assisted assembly of TMV particles on wrinkled
surfaces [85]



92 A. Schweikart et al.

Fig. 16 Top: Summary of the μCP process using wrinkled stamps. Bottom: AFM height-images
5×5μm (height scale ΔZ = 15nm) of surfaces, which are patterned via μCP by the use of wrinkled
stamps with different periodicities and heights. With increasing features of the stamp, the stripes of
the pattern broaden and separate. (a) A/λ : 25/302 nm, (b) A/λ : 40/355 nm, (c) A/λ : 60/426 nm,
(d) A/λ : 100/603 nm, (e) A/λ : 150/743 nm, (f) A/λ : 200/931 nm) [48]

The patterns obtained were reported to be highly regular, having periodicities
below 1μm as can be seen in Fig. 16a–f. The striped pattern represents the negative
of the wrinkled stamp with different wavelengths and amplitudes.

Stamping can also be used to transfer colloidal particles from wrinkled substrates
to planar substrates. We have explored this possibility, especially for the case of
TMV assemblies in wrinkles. After TMVs were assembled in the wrinkles as de-
scribed above, the PDMS structures were brought in direct contact with hydrophilic
surfaces like silicon wafer or glass substrates, while microscopic amounts of water
were still present on the PDMS structure. Under these conditions, capillary forces
can cause transfer of the TMVs from the PDMS wrinkles onto the substrate. Subse-
quently, the surfaces were investigated using imaging AFM and SEM. Figure 17
displays an AFM image, in which the transferred TMVs can be clearly distin-
guished in the topography. The periodicity of the TMV stripes corresponds to the
wrinkle periodicity and the height of the TMVs is within the accuracy of the AFM
measurement, in agreement with the expected value for lines consisting of single
TMV particles.
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Fig. 17 Left: AFM-image of TMV particles after transfer onto a silicon wafer surface. Right:
A cross-section perpendicular to the stripe direction, indicating that the periodicity of the wrinkle-
template was preserved in the stamping process. In addition, the height of the TMV particles is
compatible with the assumption that individual particles were transferred in the stamping process

Fig. 18 Scanning electron microscopy image indicating that long-range order is preserved in the
stamping process and those mesoscale dimensions can be approached using stamping

Scanning electron microscopy was used, to investigate the long range order
of transferred patterns. As evident from Fig. 18, which displays an electron mi-
croscopy image of an arbitrarily selected region of the wafer after the stamping
process, the transfer process is not limited to micron-range, but rather allows ac-
cessing mesoscale dimensions. Thus, properties linked to nanoscale anisotropy of
the particles like anisotropic electronic or optical properties could be preserved in
the resulting structures. These aspects will be investigated in future work in detail.

Another interesting aspect of the stamping transfer is the fact that the same sub-
strate can be stamped multiple times, creating cross-patterns.
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5 Conclusions

In conclusion, we have summarized a novel approach for using external mechanical
fields for creating topographically and chemically structured polymeric surfaces.
The underlying process in structure formation is a controlled buckling instability
of a thin elastic layer which is in adhesive contact with an elastic substrate. We
reviewed the theoretical background of the process as well as the materials and
methods that are available. In particular, it turns out that, depending on the film
composition and thickness, periodic patterns with wavelengths between 150 nm and
hundreds of microns are feasible. While it is common in our and others’ work to use
PDMS as elastomeric substrate, a rich choice of materials for the film is available in-
cluding metallic-, inorganic insulator- (e.g., silica), and polymeric layers of different
composition. We discuss the range of wavelengths for which the different film types
are most useful.

In the following, we introduce the buildup of more complex surface patterns by
TASA of colloidal particles on the wrinkled surfaces. We find that the process is
rather versatile and can be applied to various particle types like silica particles, gold
particles, polystyrene particles, and bionanoparticles like TMV particles. For the
latter, we find that even spin-coating of wrinkled substrates results in large range
ordering of TMV particles.

Finally, we show that patterns can be transferred from wrinkled surfaces onto flat
substrates like silicon wafers or glass substrates. We show two examples, which are
both based on a stamping process. Stamping is feasible because the wrinkled sur-
faces are compliant: they can be used as stamps for micro-contact printing, enabling
stamping of patterns with sub-micron periodicity. Although we demonstrated print-
ing only for synthetic polyelectrolyte and proteins, we expect that stamping of low
molecular species forming self-assembled monolayer should be possible. Classical
micro-contact printing is a high-print process – transfer occurs from the elevated
regions of the wrinkled surfaces which are brought in contact with the substrate.
We demonstrate in the second example that low-print transfer of materials from the
“valleys” of the wrinkled surfaces onto flat substrates is also possible. We find that
transfer of ordered particles like TMVs is possible for mesoscale areas, preserving
periodicity and order of the particles.

Wrinkling offers several advantages as compared to state of the art methods
for microstructuring of surfaces. Since the structure formation process is based on
macroscopic strains, upscaling is particularly simple. Requirements in terms of in-
strumentation are also moderate and a large choice of materials for the film-part
of the wrinkled surface is available. TASA allows using wrinkled surfaces for cre-
ating structures of larger complexity and hybrid structures. Finally, the stamping
approaches eliminate the restriction that the patterned substrate is limited to elas-
tomers (or other materials of low elastic modulus). Drawbacks of the approach are
mainly in the intrinsic vulnerability to defects, which are energetically favorable.
Thus defect-free patterns are most likely only achievable by using additional con-
straints. Still, for many applications like surface patterning for controlling optical,
electronic, wetting, or friction properties, defects can be tolerated.
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Layered Systems Under Shear Flow

Daniel Svenšek and Helmut R. Brand

Abstract We discuss and review a generalization of the usual hydrodynamic
description of smectic A liquid crystals motivated by the experimentally observed
shear-induced destabilization and reorientation of smectic A like systems. We in-
clude both the smectic layering (via the layer displacement u and the layer normal p̂)
and the director n̂ of the underlying nematic order in our macroscopic hydrodynamic
description and allow both directions to differ in non equilibrium situations. In a
homeotropically aligned sample the nematic director couples to an applied simple
shear, whereas the smectic layering stays unchanged. This difference leads to a
finite (but usually small) angle between n̂ and p̂, which we find to be equivalent to
an effective dilatation of the layers. This effective dilatation leads, above a certain
threshold, to an undulation instability of the layers with a wave vector parallel to the
vorticity direction of the shear flow. We include the couplings of the velocity field
with the order parameters for orientational and positional order and show how the
order parameters interact with the undulation instability. We explore the influence
of the magnitude of various material parameters on the instability. Comparing our
results to available experimental results and molecular dynamic simulations, we find
good qualitative agreement for the first instability. In addition, we discuss pathways
to higher instabilities leading to the formation of onions (multilamellar vesicles) via
cylindrical structures and/or the break-up of layers via large amplitude undulations.
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1 Introduction

When many complex fluids are submitted to an applied shear flow, they show inter-
esting coupling phenomena between their internal structure and the flow field. For
layered systems of smectic A type (including block copolymers, lyotropic systems,
and side-chain liquid crystalline polymers) this coupling can induce a reorientation
of the layers. Experiments on a large number of systems which differ significantly in
their microscopic details nevertheless show striking similarities in their macroscopic
behavior under shear. The systems under investigation include block copolymers
[1–9], low molecular weight (LMW) liquid crystals [10–12], lyotropic lamellar
phases (both LMW [13–21] and polymeric [22]), and liquid crystalline side-chain
polymers [23–25]. The experiments performed make either use of steady shear
(typically for the low viscosity systems, e.g., in a Couette cell) or large amplitude
oscillatory shear (LAOS, often in the highly viscous polymeric systems, e.g., in a
cone–plate or plate–plate geometry). Due to these experimental differences a direct
comparison between the different systems is not always straightforward. The most
common features of all these experiments can be summarized as follows. Starting
with an aligned sample where the layers are parallel to the planes of constant ve-
locity (“parallel” orientation), the layering is stable up to a certain critical shear
rate [2, 5, 11–13, 17, 22]. At higher shear rates two different situations prevail.
Depending on the system either multi-lamellar vesicles [13, 19–22] (“onions”,
typically in lyotropic systems) or layers perpendicular to the vorticity direction
[1–5, 11, 12, 24] (“perpendicular” orientation, typically in solvent free systems) are
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observed. In a number of systems a third regime is observed at even higher shear
rates with a parallel orientation [5, 13]. If the starting point is rather a randomly
distributed lamellar phase, the first regime is not observed [1, 4, 19, 26]. This last
point illustrates that experiments on layered liquids depend on the pre-history of the
sample. In our further discussion we will concentrate on systems showing a well
aligned parallel orientation before shear is applied.

The experimental similarities between different systems suggest that the theoret-
ical description of these reorientations can be constructed, at least to some extent,
from a common basis independent of the actual system. (On the other hand, a de-
scription including the differences between the systems under investigation must
refer more closely to their microscopic details. In particular single molecule effects
are expected to influence significantly the phenomena observed for polymers and
block-copolymers). When looking for a macroscopic description, the well estab-
lished standard smectic A hydrodynamics [27–30] might appear as a good starting
point for such a theoretical approach. However, using the usual set of hydrodynamic
equations of the smectic A phase [28–30] the observed change of orientation cannot
be explained, because in these models each layer is assumed to be a two dimensional
isotropic fluid. Or to put it differently: no destabilizing mechanism for well aligned
parallel layers is present in the standard smectic A hydrodynamics.

In the framework of irreversible thermodynamics (compare, for example,
[31, 32]) the macroscopic variables of a system can be divided into those due
to conservation laws (here mass density ρ , momentum density g = ρv with the
velocity field v and energy density ε) and those reflecting a spontaneously broken
continuous symmetry (here the layer displacement u characterizes the broken trans-
lational symmetry parallel to the layer normal). For a smectic A liquid crystal the
director n̂ of the underlying nematic order is assumed to be parallel to the layer
normal p̂. So far, only in the vicinity of a nematic–smectic A phase transition has a
finite angle between n̂ and p̂ been shown to be of physical interest [33].

Smectic A liquid crystals are known to be rather sensitive to dilatations of the
layers. As shown in [34, 35], a relative dilatation of less than 10−4 parallel to the
layer normal suffices to cause an undulation instability of the smectic layers. Above
this very small, but finite, critical dilatation the liquid crystal develops undulations
of the layers to reduce the strain locally. Later on Oswald and Ben-Abraham con-
sidered dilated smectic A under shear [36]. When a shear flow is applied (with a
parallel orientation of the layers), the onset for undulations is unchanged only if
the wave vector of the undulations points in the vorticity direction (a similar situa-
tion was later considered in [37]). Whenever this wave vector has a component in
the flow direction, the onset of the undulation instability is increased by a portion
proportional to the applied shear rate.

Over the last decade several explanations have been proposed for specific
systems. In [38] the effect of shear flow on layer fluctuations in lamellar phases
has been considered. The authors found that the lifetime of thermal fluctuations is
significantly influenced by the shear flow and concluded that this can give rise to a
destabilization of the layers. In [39], Williams and MacKintosh calculated the effect
of the tangential strain on each layer in a sheared block copolymer. By minimization
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of the free energy of the system they found a tilt of the polymer chains and a ten-
dency of the layers to reduce their thickness. They interpreted this tendency as
a dilatation and found an undulation instability by similar arguments as those
given in [34, 35]. About a decade ago Zilman and Granek [40] considered short
wavelength fluctuations. In their model these fluctuations are suppressed for en-
ergetic reasons leading to an undulation instability of the layers. More recently
Marlow and Olmsted investigated the importance of the entropic Helfrich inter-
actions [41] for lyotropic systems and found the possibility of an undulational
instability for non-permeable or only slowly permeating membranes.

Throughout this chapter we focus on the extended hydrodynamic description for
smectic A-type systems presented in [42, 43]. We discuss the possibility of an undu-
lation instability of the layers under shear flow keeping the layer thickness and the
total number of layers constant. In contrast to previous approaches, Auernhammer
et al. derived the set of macroscopic dynamic equations within the framework of
irreversible thermodynamics (which allows the inclusion of dissipative as well as
reversible effects) and performed a linear stability analysis of these equations. The
key point in this model is to take into account both the layer displacement u and the
director field n̂. The director n̂ is coupled elastically to the layer normal p̂ = ∇(z−u)

|∇(z−u)|
in such a way that n̂ and p̂ are parallel in equilibrium; z is the coordinate perpendic-
ular to the plates.

This chapter is organized as follows. After a review of the model presenting
the macroscopic equations in Sect. 2.1 and their implementation in Sect. 2.2, we
extend the basic model in the following sections. Especially we include the cross
coupling to the velocity field and the moduli of the nematic and smectic order
parameters. It turns out that the coupling terms to the velocity are important since
they can change the critical parameters significantly. We find that the moduli of the
order parameters also show undulations and, thus, regions with a reduced order pa-
rameter can be identified. The comparison of the different levels of approximations
shows that the basic model is contained in this more general analysis as a special
case. We also compare our results to experiments and molecular dynamic simula-
tions and show that an oscillatory instability is extremely unlikely to occur. In the
last two sections we discuss higher instabilities leading to the formation of onions
(multilamellar vesicles, MLVs) via cylindrical structures and/or the break-up of lay-
ers due to large amplitude undulations, pathways that have also been suggested in
scattering experiments, in particular in Richtering’s group.

2 Model and Technique

In this and the next section we will draw heavily on [43] and we will also make use
of our older work [42].
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2.1 Physical Idea of the Model

In a smectic A liquid crystal one can easily define two directions: the normal to the
layers p̂ and an average over the molecular axes, the director, n̂. In the standard
formulation of smectic A hydrodynamics these two directions are parallel by con-
struction. Only in the vicinity of phase transitions (either the nematic–smectic A or
smectic A–smectic C∗) has it been shown that director fluctuations are of physical
interest [33, 44, 45]. Nevertheless n̂ and p̂ differ significantly in their interaction
with an applied shear flow.

We consider a situation as show in Fig. 1. A well aligned smectic A liquid crys-
tal is placed between two parallel and laterally infinite plates. The upper plate
(located at z = d/2) moves with a constant velocity vu = dγ̇ êx/2 to the right and
the lower plate (at −d/2) moves with the same velocity in the opposite direc-
tion (vl = −dγ̇ êx/2). Thus the sample is submitted to an average shear given by
(vu−vl)/d = γ̇ . As mentioned above, a three dimensional stack of parallel fluid lay-
ers cannot couple directly to an applied shear flow. Neither does the layer normal: it
stays unchanged as long as the flow direction lies within the layers. In contrast, it is

v0

2

v0

2

z

xy

2
d

2
d

Fig. 1 At the level of the approximation we use in this chapter, all experimental shear geometries
are equivalent to a simple steady shear. We choose our system of coordinates such that the normal to
the plates points along the z-axis and the plates are located at z = ± d

2 . Between two parallel plates
we assume a defect-free well aligned lamellar phase. The upper plate moves with the velocity v0

2
in positive x direction, the lower plate moves with the same velocity in negative x direction. The
y-direction points into the xz-plane. We call the plane of the plates (xy-plane) the shear plane, the
x-direction the flow direction, and the y-direction the vorticity direction
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well known from nematodynamics that the director experiences a torque in a shear
flow. This torque leads – in the simplest case – to a flow aligning behavior of the
director. The key assumption in the model of [42] is that this torque is still present
in a smectic A liquid crystal and acts only on the director n̂ and not on the layer
normal p̂. An energetic coupling between n̂ and p̂ ensures that both directions are
parallel in equilibrium.

Submitted to a shear flow the layer normal will stay unchanged, but the director
will tilt in the direction of the flow until the torques due to the flow and due to the
coupling to the layer normal balance one another. For any given shear rate a finite,
but usually small, angle θ between n̂ and p̂ will result. This finite angle has im-
portant consequences for the layers: Since the preferred thickness of the layers is
proportional to the projection of the director on the layer normal, a finite angle be-
tween those two directions is equivalent to an effective dilatation of approximately
θ 2/2 (see Fig. 2). If we assume a constant total sample thickness and exclude effects
of defects, the system can accommodate this constraint by layer rotations. A global
rotation of the layers is not possible, but they can rotate locally (as in the case of
dilated smectic A liquid crystals [34, 35]). This local rotation of the layers leads to
undulations as shown in Fig. 3. These undulation are a compromise between the ef-
fective dilatation (which is not favorable for the system) and the curvature of the
layers due to the undulations (which costs energy). In the static case of dilated
smectic A liquid crystals no direction is preferred, but Oswald and Ben-Abraham
[36] have shown that this symmetry is broken if an additional shear is applied to the
system. In this case the standard formulation of smectic A hydrodynamics predicts
that the wave vector of the undulations will point along the neutral direction of the
shear (vorticity direction). In this chapter we will assume that this result of Oswald
and Ben-Abraham also holds in the case of our extended formulation of smectic A
hydrodynamics (see Fig. 3).

Fig. 2 A finite angle θ between n̂ and p̂ leads to a tendency of the layers to reduce their thickness.
Assuming a constant number of layers in the sample, this tendency is equivalent to an effective
dilatation of the layers. For small angles between n̂ and p̂ the relative effective dilatation is given
by θ 2/2
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Fig. 3 Above a certain threshold the effective dilatation due to the director tilt will lead to buckling
of the layers. Note the difference in directions: the director is tilted in the flow direction, whereas
the wave vector points along the y-axis. This configuration cancels the direct coupling between the
flow and the buckling

2.2 Implementation of the Model

To generate the macroscopic hydrodynamic equations we follow the procedure
given by the framework of irreversible thermodynamics [31]. This method has
successfully been applied in many cases to derive the macroscopic hydrodynamic
equations of complex fluids (see, e.g., [28, 30, 42, 46, 47]). The advantage of this
method is its systematic way of deducing the governing equations. Once the set
of variables is given, the macroscopic hydrodynamic equations follow by applying
basic symmetry arguments and thermodynamic considerations.

Let us briefly review the essential ingredients to this procedure (for more details
of the method see [30] and for our model [42]). For a given system the hydrody-
namic variables can be split up into two categories: variables reflecting conserved
quantities (e.g., the linear momentum density, the mass density, etc.) and variables
due to spontaneously broken continuous symmetries (e.g., the nematic director or
the layer displacements of the smectic layers). Additionally, in some cases non-
hydrodynamic variables (e.g., the strength of the order parameter [48]) can show
slow dynamics which can be described within this framework (see, e.g., [30, 47]).

Using all these variables the relations, which form the starting point for the fur-
ther calculations, can be constructed. These relations are: the energy density ε , the
dissipation function R, the Gibbs-relation and the Gibbs–Duhem relation. To illus-
trate the idea of our model we split up ε and R into several parts according to the
different origin of the variables:

• Conserved quantities (index cons)
• Symmetry variables (index sym)
• The modulus of the order parameter (index ord)

In the spirit of our model, two order parameters play a role: the nematic tensorial
order parameter Qi j and the smectic A complex order parameter Φ . For practical
reason we use the director n̂ and the modulus S(n) in the uniaxial nematic case
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[Qi j = 3
2 S(n)(nin j − 1

3δi j)] and the layer displacement u and the modulus S(s) in
the smectic A case [ϕ = S(s) exp{iq0(z− u)}]. Here, as in the rest of the chapter,
we refer to the system of coordinates defined in Sect. 2.1. We note that u is only a
good variable if we consider small deformations of the layers. For large layer de-
formations the phase ϕ = z− u is the appropriate variable [49, 50]. In our further
discussion, we will concentrate on the parts due to symmetry variables and the order
parameters, while for terms already present in the isotropic fluid see, e.g., [30, 31].

Let us first consider the energy density. The conventions of notation introduced
by the following equations are summarized in Table 1:

ε = εcons + εsym + ε(n)
ord + ε(s)

ord (1)

εcons, which is identical to the isotropic fluid, is discussed elsewhere [30, 31]. The
symmetry part reads

εsym =
1
2

K1(∇ · n̂)2 +
1
2

K2 [n̂ · (∇× n̂)]2 +
1
2

K3 [n̂× (∇× n̂)]2 +
1
2

K
(
∇2
⊥u

)2

+
1
2

B0

[
∇zu +(1−nz)− 1

2
(∇⊥u)2

]2

+
1
2

B1 (n̂× p̂)2 (2)

In (2) the spirit of the model becomes clear. We combine the properties of a nematic
liquid crystal (the first two lines) with these of a smectic A (the third and fourth
lines) and couple both parts (the last lines) in such a way that n̂ and p̂ are parallel

Table 1 Summary of the notation. In these definitions we use the transverse
Kronecker symbol δ⊥

i j = δi j −nin j . Due to the thermodynamic stability of the
systems the following combinations of constants must be positive: B0, B1, K,

L0, L(n,s)
⊥ , L‖, and M2

0 −KL‖. For the last relation we used the equivalence of
K and K1

Symbol Explicit form Comment

K K Bending modulus of layers
B0 B0 Compressibility of layers
B1 B1 Coupling between the director

and the layer normal

L(n,s)
0 L(n,s)

0 Variations of the order
parameter (nematic and
smectic, respectively)

L(n)
1,i j L(n)

⊥ δ⊥
i j +L(n)

‖ nin j Gradients terms of the order

parameter (nematic)
Mi jk M0(δ⊥

i j nk +δ⊥
ik n j) Cross-coupling between the

director and order parameter
(nematic)

L(s)
1,i j L(s)

⊥ (δi j − pi p j) Gradients terms of the order

+L(s)
‖ pi p j parameter (smectic)
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in equilibrium. As discussed earlier [42], εsym simplifies considerably by dropping
higher order terms and assuming a small angle between n̂ and p̂. Splay deformations
of the director are generally considered as higher order corrections to dilatations
of the smectic layers. Twist deformations are forbidden in standard smectic A hy-
drodynamics and must be small as long as the angle between n̂ and p̂ is small.
Additionally, the difference between the splay deformation of the director field
K1/2 (∇ · n̂)2 and bending of the layers K/2

(
∇2
⊥u

)2
is negligible. Consequently

we combine splay and bend in a single term with a single elastic constant which we
call K′: K1/2 (∇ · n̂)2 +K/2

(
∇2
⊥u

)2 ≈ K′/2
(
∇2
⊥u

)2
. In the following we drop the

prime and call the new elastic constant K. The approximated version of εsym is now
given by

εsym =
1
2

K
(
∇2
⊥u

)2

+
1
2

B0

[
∇zu +(1−nz)− 1

2
(∇⊥u)2

]2

+
1
2

B1 (n̂× p̂)2 (3)

In our model the moduli of the nematic and smectic order parameters play similar
roles, so we will deal with both. Since we consider a situation beyond the phase

transition regime, the equilibrium value of the order parameter is non-zero (S(n,s)
0 ,

for both nematic and smectic) and only its variations s(n,s) can enter the energy

density (S(n,s) = S(n,s)
0 + s(n,s)):

ε(n)
ord =

1
2

L0

(
s(n)

)2
+

1
2

L(n)
1,i j

(
∇is

(n)
)(

∇ js
(n)

)

+ Mi jk∇ jni∇ks(n) (4)

ε(s)
ord =

1
2

L0

(
s(s)

)2
+

1
2

L(s)
1,i j

(
∇is

(s)
)(

∇ js
(s)

)
(5)

By a similar construction we write down the dissipation function as (see Table 2
for a list of the thermodynamic variables and their conjugates)

Table 2 Variables and their conjugates, i.e., the corresponding
thermodynamic forces

Name Variable Conjugate

Mass density ρ μ
Momentum density g v
Nematic director n̂ h
Smectic layer displacement u Ψ
Variation of the modulus of the

order parameter (either
nematic or smectic)

}
s(n,s) Ξ (n,s)
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R = Rcons + Rsym + Rord (6)

Rcons =
1
2
νi jkl (∇ jvi) (∇lvk)+ R0 (7)

Rsym =
1

2γ1
hiδ⊥

i j h j +λpΨ2 (8)

Rord =
1
2
α(n) Ξ (n)2

+
1
2
α(s) Ξ (s)2

(9)

where R0 summarizes further terms due to conservations laws, which do not enter
our further calculation, and (after [46])

νi jkl = ν2(δ jlδik + δilδ jk)

+ 2(ν1 +ν2 −2ν3)nin jnknl

+(ν3 −ν2)(n jnlδik + n jnkδil

+ ninkδ jl + ninlδ jk)

+ (ν4 −ν2)δi jδkl

+(ν5 −ν4 +ν2)(δi jnknl + δklnin j) (10)

As mentioned in Sect. 2.1, we consider a shear induced smectic C like situation (but
with a small tilt angle, i.e., a weak biaxiality). We neglect this weak biaxiality in the
viscosity tensor and use it in the uniaxial formulation given above (with the director
n̂ as the preferred direction). This assumption is justified by the fact that the results
presented in this chapter do not change significantly if we use p̂ instead of n̂ in the
viscosity tensor.

Throughout our calculations we will not assume any restriction on the viscosity
constants except the usual requirements due to thermodynamic stability (see, e.g.,
[30]). Later on we will impose the incompressibility of the fluid by assuming a
constant mass density ρ of the fluid. We emphasize that this procedure does not
require any further assumption about the material parameters.

The set of basic equations is completed by the Gibbs–Duhem (the local formula-
tion of the second law of thermodynamics) and the Gibbs relation (which connects
the pressure P with the other thermodynamic quantities), which we will use in the
following form:

dε = dε0 + vdg +ϕi jd∇ jni + h′idni +ψid∇iu

+Ξ ′(n)ds(n) +Ξ ′′(n)
i d∇is

(n)

+Ξ ′(s)ds(s) +Ξ ′′(s)
i d∇is

(s) (11)
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P = − ε+ μρ+ Tσ + v ·g (12)

The newly defined quantities in (11) are connected to the thermodynamic forces
(Table 2) by the following relations:

hi = h′i −∇ jϕi j =
δε
δni

(13)

Ψ = −∇iψi =
δε
δu

(14)

Ξ (n,s) = Ξ ′(n,s)−∇iΞ
′′(n,s)
i =

δε
δs(n,s) (15)

Following the standard procedure within the framework of irreversible ther-
modynamics we find the following set of macroscopic hydrodynamic equations
[30, 31, 42, 47]:

∂
∂ t

u + v j∇ ju

= vz −λpΨ (16)

∂
∂ t

ni + v j∇ jni

=
1
2

[
(λ −1)δ⊥

i j nk +(λ + 1)δ⊥
ik n j

]
∇ jvk

− 1
γ1
δ⊥

ik hk (17)

0 = ∇ivi (18)

ρ
(
∂
∂ t

vi + v j∇ jvi

)

= −∇ j

{
ψ j(∇iu + δi3)+β (n,s)

i j Ξ (n,s)

− 1
2

[
(λ −1)δ⊥

jkni +(λ + 1)δ⊥
ik n j

]
hk

+νi jkl∇lvk

}

−∇iP (19)
∂
∂ t

s(n,s) + v j∇ js
(n,s)

= −β (n,s)
i j ∇ jvi −α(n,s)Ξ (n,s) (20)
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For the reversible parts of the equations some coupling constants have been intro-
duced: the flow-alignment tensor

λi jk =
1
2

[
(λ −1)δ⊥

i j nk +(λ + 1)δ⊥
ik n j

]
(21)

with the flow-alignment parameter λ (and using δ⊥
i j = δi j −nin j) and the coupling

between flow and order parameter

β (n)
i j = β (n)

⊥ δ⊥
i j +β (n)

‖ nin j (22)

β (s)
i j = β (s)

⊥ (δi j − pip j)+β (s)
‖ pi p j (23)

Furthermore, there is a reversible coupling between the layer displacement and the
velocity field in (16). But its coupling constant has to be unity due to the Gallilei
invariance of the equations. As mentioned above, the use of u is limited to small
layer deformations.

The transverse Kronecker symbols δ⊥
i j in (17) and (21) guarantee the normaliza-

tion of n̂. This implies that only two of the (17) are independent. For the following
calculations it turned out to be useful to guarantee the normalization of the director
by introducing two angular variables θ and φ to describe the director:

nx = sinθ cosφ (24)

ny = sinθ sinφ (25)

nz = cosθ (26)

Consequently, (17) has to be replaced using angular variables. Denoting the right
hand side of (17) with Yi, this can be done the following way:

∂
∂ t
θ + v j∇ jθ = Yx cosθ cosφ +Yy cosθ sinφ

−Yz sinθ (27)
∂
∂ t
φ + v j∇ jφ = −Yx

sinφ
sinθ

+Yy
cosφ
sinθ

(28)

In the same way, we guarantee the normalization of p̂ by using

px = 0 (29)

py = −∇yu (30)

pz =
√

1− p2
y (31)

The different ways of normalizing n̂ and p̂ arise from the fact that p̂ is parallel to êz

in zeroth order, whereas n̂ encloses a finite angle with êz for any given shear rate.
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The set of macroscopic hydrodynamic equations we now deal with, (16), (18)–
(20), (27), and (28), follows directly from the initial input in the energy density and
the dissipation function without any further assumptions.

To solve these equations we need suitable boundary conditions. In the following
we will assume that the boundaries have no orienting effect on the director (the
homeotropic alignment of the director is only due to the layering and the coupling
between the layer normal p̂ and the director n̂). Any variation of the layer displace-
ment must vanish at the boundaries:

u

(
±1

2
d

)
= 0 (32)

For the velocity field the situation is a little more complex: We assume no-slip
boundary conditions, i.e., the velocity of the fluid and the velocity of the plate are
the same at the surface of the plate. It is convenient to split the velocity field in to
two parts: the shear field v0 which satisfies the governing equations and the no-slip
boundary condition and the correction v1 to this shear field. The boundary condition
for v1 now reads

v1

(
±1

2
d

)
= 0 (33)

Making use of the following considerations this condition can be simplified. Due
to (16) the z-component of v1 is suppressed by a factor of λp (which is typically
extremely small [29, 36]). Making use of the results of [36] we can assume that
v1 depends only on y and z and thus conclude [with (18)] that the y-component of
v1 is also suppressed by λp. For this reason one can assume that v1,y and v1,z are
negligible and the only relevant boundary condition for the velocity field is

v1,x = 0 (34)

The validity of this assumption is nicely illustrated by our results. Figure 7 shows
that vy and vz are indeed suppressed by λp.

2.3 Technique of Solution

The aim now is twofold: finding a spatially homogeneous solution of the governing
equations (for a given shear rate) and investigating the stability of this solution. In
this section we will describe the general procedure and give the results in Sect. 3.

We write the solution as the vector X = (θ ,φ ,u,vx,vy,vz,P,s(n,s)) consisting of
the angular variables of the director, the layer displacement, the velocity field, the
pressure, and the modulus of the (nematic or smectic) order parameter. For a spa-
tially homogeneous situation the equations simplify significantly and the desired
solution X0 can directly be found (see Sect. 3.1). To determine the region of stability
of X0 we perform a linear stability analysis, i.e., we add a small perturbation X1 to
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Table 3 If the symmetry under inversion of z is given
for one component of X1, the symmetry of all other
components follows directly from the linearized set of
equations. Here we give the z-symmetry of all compo-
nents assuming that u is an even function of z

Quantity z-Symmetry Quantity z-Symmetry

u Even vx Even
θ Odd vy Odd
φ Even vz Even
P Odd s(n,s) Odd

the homogeneous solutions X0: X = X0 + X1 (with X1 	 X0) and linearize the gov-
erning equations in the small perturbations. In short, the solution of the equation
L X1 = ∂

∂ t X1 is analyzed. Here L denotes the operator for the linearized set of the
governing equations. The ansatz for the unknown quantities must fulfill the bound-
ary conditions [see the discussion following (32)] and follow the symmetry scheme
given by Table 3. Assuming an exponential time dependence and harmonic spatial
dependence of X1:

X1,i ∼ exp

[
(iω+

1
τ
)t

] {
cos(qy)
sin(qy)

} {
cos(qzz)
sin(qzz)

}
(35)

fulfills all requirements (with an oscillation rate ω , a growth rate 1/τ , and a wave
vector q = qêy + qzêz). In this ansatz we made use of the results by Oswald and
Ben-Abraham [36], who have shown that in standard dilated smectic A under shear
the first instability will set in with a wave vector along the neutral direction of the
flow (q · êx = 0). After inserting the above ansatz in the linearized set of (partial
differential) equations, a set of coupled linear equations is obtained to determine
1/τ and ω .

From the standard smectic A hydrodynamics it is known that shear does not
destabilize the layers. Since our extended formulation of the smectic A hydrody-
namics is equivalent to the standard smectic A hydrodynamics for vanishing external
fields (e.g., shear rate), we assume that the layers are stable for low enough shear
rates, i.e., 1/τ < 0 for small shear rates. So 1/τ = 0 marks the set of external param-
eters (shear rate) and material parameters above which X1 grows. Typically we hold
the material parameters fixed and the only external parameter is the shear rate. The
solvability condition of the corresponding set of linear equations gives a relation be-
tween the shear rate [and tilt angle θ0, which is directly connected to the shear rate,
see (38) below], ω and the wave vector q. For every given q a specific shear rate
(and tilt angle θ0) can be determined which separates the stable region (below) from
the unstable region (above). This defines the so-called curve of marginal stability (or
neutral curve) θ0(q). If, for any given set of external parameters, the tilt angle θ0 lies
above the curve of marginal stability for at least one value of q, the spatial homoge-
neous state is unstable and undulations grow. The smallest shear rate (tilt angle) for
which undulations can grow is called the critical shear rate (tilt angle). Technically
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speaking, we solve L X = iωX – in many cases we can set ω = 0, see below. We
point out that this linear analysis is only valid at the point where the first instability
sets in. Without further investigations no prediction of the spatial structure of the
developing instability can be made. Also the nature of the bifurcation (backward or
forward) must be determined by further investigations.

For practical reasons we used dimensionless units in our numerical calculations.
The invariance of the governing equations under rescaling time, length, and mass al-
lows us to choose three parameters in these equations to be equal to unity. We will set

B1 = 1, γ1 = 1, and
d
π

= qz = 1 (36)

and measure all other quantities in the units defined by this choice. Nevertheless we
will keep these quantities explicitly in our analytical work.

To extract concrete predictions for experimental parameters from our calcula-
tions is a non-trivial task, because neither the energetic constant B1 nor the rotational
viscosity γ1 are used for the hydrodynamic description of the smectic A phase (but
play an important role in our model). Therefore, we rely here on measurements in
the vicinity of the nematic–smectic A phase transition. Measurements on LMW liq-
uid crystals made by Litster [33] in the vicinity of the nematic–smectic A transition
indicate that B1 is approximately one order of magnitude less than B0. As for γ1 we
could not find any measurements which would allow an estimate of its value in the
smectic A phase. In the nematic phase γ1 increases drastically towards the nematic–
smectic A transition (see, e.g., [51]). Numerical simulations on a molecular scale
are also a promising approach to determine these constants [52].

Due to the complexity of the full set of governing equations, we will start our
analysis with a minimal set of variables (θ , φ , and u) and suppress the coupling to
the other variables (see Sect. 3.2.1). Step by step the other variables will be taken
into account. The general picture of the instability will turn out to be already present
in the minimal model, but many interesting details will be added throughout the next
sections. In comparison to our earlier work [42], we now use the way of normalizing
n̂ and p̂ derived above. This will lead to some small differences in the results but
leaves the general picture unchanged. First we assume a stationary instability (i.e.,
we let ω = 0); later on we discuss the possibility for an oscillatory instability and
have a look at some special features of the system (Sects. 3.3 and 3.4).

3 Results and Discussion

3.1 Spatially Homogeneous State

Looking for a spatially homogeneous solution, the governing equations simplify
significantly. A linear shear profile

v0 = γ̇zêx (37)
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is a solution to (18) and u stays unchanged in this regime. The only variables which
have a zeroth order correction for all shear rates are the tilt angle θ and the modulus
of the nematic order parameters s(n):

(
λ + 1

2
−λ sin2(θ0)

)
γ̇

=
B1

γ1
sin(θ0)cos(θ0)

+
B0

γ1
sin(θ0)(1− cos(θ0)) (38)

α(n)L0s(n)
0 = (β (n)

‖ −β (n)
⊥ )sin(θ0)cos(θ0)γ̇ (39)

Equation (39) shows that nematic degrees of freedom couple to simple shear, but
not the smectic degrees of freedom; the modulus of the nematic order parameter has
a non-vanishing spatially homogeneous correction (see (39)), whereas the smectic
order parameter stays unchanged. The reason for this difference lies in the fact that

β (n)
i j and β (s)

i j include n̂ and p̂, respectively, which coupled differently to the flow
field (see (22) and (23)). Equation (38) gives a well defined relation between the
shear rate γ̇ and the director tilt angle θ0, which we will use to eliminate γ̇ from our
further calculations. To lowest order θ0 depends linearly on γ̇:

θ0 = γ̇
γ1

B1

λ + 1
2

+ O(θ 3
0 ) (40)

We are not aware of any experimental data, which would allow a direct compari-
son with these results. We stress, however, that molecular dynamics simulations by
Soddemann et al. [53] are in very good agreement with (38) and (40).

In contrast to the director tilt the lowest order correction to the nematic order
parameter is quadratic in the shear rate (tilt angle):

s(n)
0 =

2
λ + 1

B1

γ1

β (n)
‖ −β (n)

⊥
α(n)L0

θ 2
0 + O(θ 4

0 ) (41)

In the following we consider perturbations around the spatially homogeneous state
given above.

3.2 Stationary Instability

3.2.1 Minimal Set of Variables

Let us first consider the effect of our modifications regarding the normalization of
n̂ and p̂ in comparison to our earlier results [42]. For this purpose we consider only
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a minimal set of variables: the director (characterized by the two angles θ and φ )
and the layer displacement u. We neglect all couplings of these variables to other
quantities describing the system, namely the velocity field and the moduli of the
nematic and smectic order parameters. Within these approximations the equations
to solve are

0 = Aθ
{

2γ̇λ sin(θ0)cos(θ0)

+
B0

γ1

[
sin2(θ0)− cos2(θ0)+ cos(θ0)

]

−B1

γ1

[
sin2(θ0)− cos2(θ0)

]}

−Au
B0

γ1
sin(θ0)qz (42)

0 = Aφ
1
2
γ̇(λ + 1)−Au

B1

γ1
q (43)

0 = Aθ λpB0 sin(θ0)qz

+ Aφ λpB1qsin(θ0)cos(θ0)

−Au λp

[
−B0q2(1− cos(θ0))

+ B1q2 cos2(θ0)+ Kq4 + B0q2
z

]
(44)

Here we inserted an ansatz of the type (35) and denoted the linear amplitudes of
θ , φ , and u by Aθ , Aφ , and Au, respectively. One can solve these equations either
by expanding them in a power series of θ0 (expecting to get a closed result for the
critical values) or numerically. It turns out that one has to take into account terms
(at least) up to order θ0

5 in (42)–(44) to get physically meaningful (but rather long
and complicated) analytical results. For this reason the closed expressions have no
advantage over the purely numerical solutions and we do not give the analytical
approximations explicitly. A comparison with the results of [42] will be given in
the Appendix. We will present and discuss our findings using the minimal set of
variables in Sect. 3.2.2 in direct comparison to the results of the full set of equations.

3.2.2 Coupling to the Velocity Field

In the previous section we have shown that a minimal set of variables supports our
picture of the physical mechanism. But neglecting the coupling between velocity
field and nematic director and vice versa is a rather crude approximation since it
is well known, that this coupling plays an important role in nematohydrodynamics
[29, 30]. So the natural next step is to include this coupling and to perform a linear
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stability analysis of (16)–(18), (27) and (28). In this case the standard procedures
leads to a system of seven coupled linear differential equations. Following the dis-
cussion after (32) these equations can be solved by an ansatz of the type given in
(35). This reduces the system of equations to seven coupled linear equations which
are easily solved using standard numerical tools (such as singular value decompo-
sition and inverse iteration to find the eigenvectors). Due to the complexity of the
equations we used Maple to determine the final set of linear equations. The key
ingredients of this Maple script are given in [54].

Figure 4 gives a comparison of typical neutral curves for the minimal model and
calculations including the velocity field. The overall shape of the neutral curve is
not changed due to the coupling to the velocity field but a shift of the critical values
(especially in the critical tilt angle) is already visible. The inset shows the relative
amplitudes of the linear solutions at onset on a logarithmic scale. For θ , φ , and u the
left bars correspond to the minimal model and the right bars to the extended version.
Note that amplitudes with a different sign are shown with a different line style in the
histograms (see figure caption for details).

Let us have a closer look at the differences between the minimal and the extended
set of equations and follow these differences along some paths in the parameter
space. As mentioned in Sect. 2.3, we can omit some of the physical parameters by
using dimensionless parameters. In Figs. 5–9 we show the dependence of the critical
values of the tilt angle and wave vector on the dimensionless parameters (as defined

Fig. 4 A typical picture for the comparison of the neutral curves using the minimal set of variables
(solid line) and including the velocity fields (dashed line). The overall behavior does not change but
the critical values are altered due to the coupling with the velocity field. For this plot we used (in
the dimensionless units discussed in Sect. 2.3) B0 = 10, K = 10−6, λ = 1.1, ν1 = ν2 = ν3 = ν4 =
ν5 = 0.1, and λp = 10−6. The inset shows the linear amplitudes Ai (where i stands for θ , φ , etc.)
at onset. Since the logarithm of the amplitudes is shown, amplitudes with different sign are shown
with a different line style. Using the minimal set (left bars) all amplitudes have the same sign (solid
lines). Including the velocity field (right bars) some amplitudes are positive (dashed lines), others
negative (dotted lines). Note that we use in this and all following plots the dimensionless units
defined by (36)
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Fig. 5 A significant difference between the various approaches is only visible for B0 � 100. At
higher values of B0 the number of free variables plays no noticeable role and the critical values
follow a master curve. The solid lines show results including the velocity field, the dashed lines
correspond to the minimal set of variables. At low B0 in the upper curves we used λ = 2
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Fig. 6 Plotting the critical values as a function of the bending modulus K shows a convergence of
the curves, which is nevertheless not as pronounced as in the case of Fig. 5. The influence of λ on
the critical tilt angle is significant (λ = 2 in the upper curves and λ = 1.1 in the lower ones). Again
the solid lines show results including the velocity field, the dashed lines correspond to the minimal
set of variables, and the dotted lines depict the outcome of the first approach. Note that the wave
vectors of the minimal set and of the calculations including the velocity field are indistinguishable
within the resolution of the plot

in (36)). For all these figures we used the same basic set of parameters: B0 = 10,
K = 10−6, λ = 1.1, ν1 = ν2 = ν3 = ν4 = ν5 = 0.1, and λp = 10−6. These values are
estimates for a typical thermotropic LMW liquid crystal, where we made use of the
results of [33, 51] (as far as B1 and γ1 are concerned, see also the last paragraph in
Sect. 3.2.1). For flow alignment parameters in the range 1 � λ � 3 the critical values
vary strongly with λ (see Fig. 9). Therefore we discuss in addition the situation for
λ = 2 to indicate the range of possible values.



120 D. Svenšek and H.R. Brand

Fig. 7 In all our calculations
v1,x is the dominating
component of v1. This graph
demonstrates that the other
components are suppressed
by λp (making them almost
negligible)

Considering the critical values as a function of the compression modulus B0

results in a rather simple situation (Fig. 5). For small values of B0 a significant in-
fluence of the coupling between the director and velocity field is apparent, which
also shows a strong dependence on λ . For large B0 all these differences vanish and
only a single curve is obtained. At this point a comparison to dilated smectic A is
instructive. It is well known [34, 35] that in dilated smectic the critical wave vec-
tor and the critical dilatation show a power law behavior as a function of B0 with
exponents 1/4 and −1/2, respectively. In the limit of large B0 we found the same
exponents already in our earlier analysis [42]. If we fit power laws to our results
for B0 > 102 we find the exponents equal to ≈ 0.235 and ≈ −0.37 for qc and θc,
respectively (note that the dilatation in our model is ≈ 1

2θ
2
c ). So both approaches

(the minimal set of variables and the calculations including the velocity field) show,
despite all similarities to the standard model of smectic A and to our earlier analysis,
differences in the details of the instability.

A similar, but less pronounced, situation is apparent, when plotting the crit-
ical values as a function of the bending modulus (see Fig. 6). The curves tend to
converge for large K, but there remains a difference between the minimal set of vari-
ables and the calculations including the the velocity field. Fitting the K-dependence
with power laws (here for K > 10−4) only the critical wave number exhibits an
exponent close to the values expected from dilated smectic A (≈ −0.26 vs − 1

4 ).
This illustrates the fact that shearing a lamellar system is similar to dilating it but
not equivalent.

In contrast to the cases discussed above, the permeation constant λp has no strong
influence on the critical values. For dimensionless values λp < 10−6 the critical
values do not change at all with λp. For large values variations within a factor of
two are possible. The permeation constant is known to be very small. In our dimen-
sionless units we expect it be of the order of < 10−9 for LMW thermotropic liquid
crystals and neglect its influence on the critical values for this reason. In Sect. 2.2 we
have emphasized that the y- and z-components of the velocity field are suppressed
via λp. These qualitative arguments are clearly confirmed by our numerical results.
In all our calculations v1,x is the dominating component of v1 and the ratio v1,y/v1,x
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Fig. 8 Only the viscosities ν2 and ν3 can influence the critical parameters significantly. The upper
row depicts the dependence on a isotropic variation of the viscosity. In the middle and lower row
we present the variation with ν2 and ν3 setting the other viscosities to νi = 0.1. Here the thick
solid lines represent the minimal set of variables. For the full set of variables we have chosen four
different values of λ : the solid curves with λ = 0.7, the dashed curves with λ = 1.3, the dotted
curves with λ = 2 and the dot-dashed curves with λ = 3.5. Note the similarities between the curves
for small (solid) and large λ (dot-dashed) in the upper and middle row. In these regimes ν2 is the
dominating viscosity



122 D. Svenšek and H.R. Brand

Fig. 9 Critical values as functions of the flow alignment parameter λ for various viscosities
(a, b) and compressibilities (c, d). In the upper row we plot this dependence for a set of (isotropic)
viscosities ranging from νi = 1 (thick solid line,) down to νi = 10−3 (thick dashed line,). The lower
row illustrates the behavior for varying layer compressibility B0 with B0 ≈ 3 for the thick solid
curve and B0 = 100 for the thick dashed curve. In all plots the thin solid lines give the behavior for
some intermediate values. For an interpretation of this behavior see the text

is of the order of λp over the whole range of physical relevant values of λp (see
Fig. 7). This fact nicely supports our argument that we can neglect the boundary
condition for v1,y, because v1,y vanishes anyway.

Out of the five viscosities, only two (ν2 and ν3) show a significant influence on
the critical values. In Fig. 8 we present the dependence of θc and qc on an assumed
isotropic viscosity (upper row) and on these two viscosity coefficients (middle and
lower row). Since the flow alignment parameter λ has a remarkable influence on
these curves we have chosen four different values of λ in this figure, namely λ = 0.7,
λ = 1.1, λ = 2, and λ = 3.5. The curves for λ � 1 and λ � 3 for an isotropic
viscosity tensor are very similar to the corresponding curves where only ν2 is varied.
In this parameter range the coefficient ν2 dominates the behavior. Note that the
influence of ν3 on the critical values is already much smaller than that of ν2. We
left out the equivalent graphs for the other viscosity coefficients, because they have
almost no effect on the critical values. For further comments on the influence of an
anisotropic viscosity tensor see also Sect. 3.4.

All the parameters we have discussed up to now caused variations in the critical
values that did not select specific values of the considered parameter. In this aspect
the situation is completely different in the case of the flow alignment parameter λ .
As shown in Fig. 9 there is a clear change in behavior for λ ≈ 1 and λ ≈ 3. The
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critical tilt angle is increased for values of λ in this interval and the critical wave
vector tends to rise only at the boundaries of the interval and is reduced in between.
Figure 9 illustrates how this structure depends on the viscosities (assuming all five
viscosities to be equal) and on the elastic constants of the layers. In the first row
we follow this behavior for viscosities varying from νi = 1 down to νi = 10−3.
Clearly, the influence of λ is more pronounced the lower the viscosities are. Both
elastic constants of the layers, the compressibility B0 and the bending modulus K
(in our dimensionless units B1 = 1), have in general a similar influence on the shape
of the graphs: the smaller the elastic constants, the more pronounced the structure
becomes. For this reason we just give the plot for B0 (second row in Fig. 9) and omit
the plot for K.

These dependencies on the system parameters give some important hints for an
interpretation of Fig. 9. The currents and quasi-currents for the velocity field and the
director consist of two parts (see (17) and (18)): a diagonal one (coupling, e.g., the
components of v among each other) and an off-diagonal one (coupling the director
to the velocity field). The former is proportional to the elastic constants or to the
viscosity tensor whereas the latter is a function of the flow alignment parameter. So
reducing either the elastic constants or the viscosities increases the portion of the
cross-coupling terms in theses equations, i.e., the observed tendencies are exactly
what one would expect. The next step in the interpretation of the shape of the curves
is to have a closer look at the structure of the cross-coupling term. The flow align-

ment tensor λi jk = 1
2

[
(λ −1)δ⊥

i j nk +(λ + 1)δ⊥
ik n j

]
obviously changes its behavior

for λ = 1: the first part changes its sign. Note that we are in a region of the param-
eter space where λi jk is a dominating term (since either the viscosities or the elastic
constants are small). Additionally, δ⊥

i j nk contains up to the third power of one direc-
tor component. For this reason we expect that – in the linearized set of equations –
some coupling terms change their sign for λ = 1 others for λ = 3. For example, the
φ -component of the director is coupled to the x and z components of the velocity
field by the terms (λ −1)/2 ∂yvx and (λ−1)/2 cot(θ0)∂yvz. Similarly the reversible
part of the coupling of vy to φ vanishes for λ = 3. The monitored structure in the
plots cannot be attributed to one single cross-coupling term, but the given examples
demonstrate that something should happen in this parameter range.

3.2.3 Including the Order Parameters

In the preceding paragraphs we investigated undulations assuming a constant

modulus of the order parameter S(n,s) = S(n,s)
0 + s(n,s)

0 . In general one would expect
that the undulations in the other observable quantities should couple to some extent
to the order parameter. In the formulation of the free energy (see Sect. 2.2) we have

assumed that S(n,s) varies only slightly around S(n,s)
0 and thus only the lowest order

terms in s(n,s) contribute to the free energy. For the spatially homogeneous state we
had (see (39) and (41)) a correction to the nematic S(n) proportional to the square of
the shear rate (θ0 ∼ γ̇ for low γ̇):
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Fig. 10 Evaluating (41) and (45) at onset gives an important restriction on the range of possible

parameter values (here the cases of α (n) and β (n)
‖ −β (n)

⊥ ). Note that the critical θ0 is a function of
the material parameters

s(n)
0 = − 2

λ + 1
B1

γ1

β (n)
‖ −β (n)

⊥
α(n)L0

θ 2
0 + O(θ 4

0 )

As a consequence s(n)
0 must be small compared to S(n,s)

0 (which is by construction

limited to the range 0 ≤ S(n,s)
0 ≤ 1). Thus a reasonable restriction is

|s(n)
0 | � 0.5 (45)

As shown in Fig. 10, evaluating this relation at the onset of the instability reduces
significantly the physically reasonable range for some parameters. This restriction
applies only for the nematic material parameters and, in general, nothing can be
said about the corresponding smectic parameters. We will, however, take the smectic
parameters in the same range as the nematic ones. If not indicated otherwise we used

L(n,s)
0 = 0.1, L(n,s)

⊥ = 0.01, L(n,s)
‖ −L(n,s)

⊥ = 0.005, M0 = 10−4, β (n,s)
⊥ = 0.01, β (n,s)

‖ −
β (n,s)
⊥ = 0.005, α(n,s) = 0.001 for the plots of this section (along with parameter set

specified in the previous section).

The ansatz for s(n,s)
1 following (35) reads

s(n,s)
1 = A(n,s)

s exp

[(
iω+

1
τ

)
t

]
sin(qzz)cos(qy). (46)

The modulations of S(n,s) in the linear analysis are maximum at the boundaries and

in phase with the layer displacement u. The sign of the amplitude A(n,s)
s depends

on the coupling to the velocity field (only the anisotropic part β (n)
‖ − β (n)

⊥ is rele-
vant) and on the coupling to the director undulations (via Mi jk, only for the nematic
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Fig. 11 Out of the material parameters connected with the order parameter, only β (n,s)
‖ −β (n,s)

⊥
has a measurable effect on the critical values. Some more parameters can influence the amplitudes

of the order parameter undulation, namely L(n,s)
⊥ and M0 (the latter is only present in the case of

the nematic order parameter). All amplitudes have been normalized such that Aφ = 1. Note that

the smectic A(s)
s has been multiplied by 106 in the right column. For a better comparison we used a

log–log scale in the lower left plot and changed the sign of A(s)
s in this plot

amplitudes A(n)
s ). If one assumes that shear reduces (and does not increase) the mod-

ulus of the order parameter, the nematic β (n)
‖ −β (n)

⊥ is positive (39) and (41); once

again nothing can be said about the smectic β (s)
‖ −β (s)

⊥ .
In general the critical values are not at all or only very slightly influenced by

the coupling to the modulus of the order parameter (see Fig. 11). Figure 11 summa-

rizes the parameters with the largest influence on A(n,s)
s . In almost all investigated

cases the modulation of the nematic order is much larger than in the smectic order.
Whether the order is reduced or increased in regions where the layers are com-

pressed depends in the phenomenological constants β (n,s)
‖ − β (n,s)

⊥ and M0 which
have not been measured up to now.
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The above results reveal some interesting features. As shown in Table 3, the
modulations of the order parameter change sign under inversion of the z-axis.
Considering the boundary condition (i.e., taking our ansatz) this leads to the fact
that the effect on the modulus of the order parameters is maximum at the bound-
aries. So the linear analysis predicts that the regions where the order parameter is
influenced most by the undulations are close to the boundaries. Since the proba-
bility for the formation of defects is higher in places where the order parameter is
lower, we have identified areas where the creation of defects is facilitated. But our
analysis does not allow one to predict the structure of the defects. Nevertheless this
effect gives a possible way to reorient the parallel layers. Interestingly, experiments
in block copolymers by Laurer et al. [3] show a defect structure close to the bound-
aries which is consistent with this picture.

3.3 Oscillatory Instability

All our arguments in the previous sections were based on the assumption that the
undulations set in as a stationary instability. That is, that the oscillation rate ω in
our ansatz (35) vanishes at onset. In this section we will discuss the situation for
non-zeroω and find that our previous assumption was justified. In our linear analysis
enters now (for the first time in this chapter) the mass density of the system, which
we will choose to be equal to unity ρ = 1.

The search for a possible oscillatory instability is slightly different from the pro-
cedure used in the stationary case. The solvability condition of the linearized set
of equations determines both the neutral curve and the frequency along this curve.
When searching for such a solution we scanned approximately the same parameter
space as used for Figs. 5–7. Since the frequency tends to zero when the oscillatory
neutral curve gets close to the stationary one, we concentrated on the frequency
range 0 ≤ ω ≤ 2 and checked in some cases for higher frequencies.

It turned out that only in cases when the director field is very weakly coupled
to the layering a neutral curve for an oscillatory instability is possible. This weak
coupling manifests itself in small B1 and γ1, which is in our set of dimensionless
variables equivalent to large B0 and νi. Oscillatory neutral curves were only found
for B0 � 100 or νi � 1. In all investigated cases an oscillatory neutral curve is either
absent or lies above the neutral curve for a stationary instability. When an oscil-
latory neutral curve is possible, it ends in the points where it meets the stationary
neutral curve (see Fig. 12). The corresponding frequency approaches zero in the end
points of the oscillatory neutral curve. If we ignore for the moment the stationary
neutral curve and consider only the oscillatory instability, the corresponding critical
values are found to be rather close to the stationary one and approach each other the
weaker the coupling between the director and the layers becomes. To summarize,
an oscillatory instability was not found to be possible in all investigated cases and
seems to be extremely unlikely to occur.
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Fig. 12 In most parts of the scanned parameter space no possibility for an oscillatory instability
was found. If the director field is only very weakly coupled to the layering (in this plot we used
B0 = 200 and νi = 0.4) a neutral curve for an oscillatory instability (dashed line ) appears above the
stationary neutral curve (solid line ). Note that the critical wave vectors are close to each other for
both oscillatory and stationary instability. The inset shows the frequency along the neutral curve

3.4 Anisotropic Viscosity

In Fig. 8 we have illustrated that a small viscosity coefficient ν2 facilitates the on-
set of undulations. In this section we will have a closer look at the effect of an
anisotropic viscosity tensor and ask whether undulations can be caused only due to
viscosity effects without any coupling to the director field (i.e., we consider standard
smectic A hydrodynamics in this section).

Let us start our considerations by looking at the spatially homogeneous state. In
a sample with parallel alignment the apparent viscosity is ν3, which can easily be
seen from the force on the upper boundary:

F‖ = êz ·σ = γ̇ν3êx (47)

Similarly the viscosity of a perpendicular alignment is given by ν2:

F⊥ = êz ·σ = γ̇ν2êx (48)

For ν2 < ν3 a simple shear flow in a perpendicular alignment causes less dissipation
than in a parallel alignment. The next step is to study the stability of these alignments
in the linear regime. Following the standard procedure (as described above) we find
a solvability condition of the linearized equations which does not depend on the
shear rate γ̇:

0 =
{

q2 +λp

[
ν3

(
q2 −q2

z

)2
+ 2(ν2 +ν3)q2q2

z

]}
×

×(
B0q2

z + Kq4)(
ν2q2 +ν3q2

z

)
(49)
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Consequently, a parallel alignment of smectic layers is linearly stable against undu-
lations even if the perpendicular alignment might be more preferable due to some
thermodynamic considerations. As we have shown in Fig. 8, this rigorous result
of standard smectic A hydrodynamics is weakened in our extended formulation of
smectic A hydrodynamics. When the director can show independent dynamics, an
appropriate anisotropy of the viscosity tensor can indeed reduce the threshold values
of an undulation instability.

4 Comparison to Experiments and Simulations

In the previous sections we have shown that the inclusion of the director of the
underlying nematic order in the description of a smectic A like system leads to
some important new features. In general, the behavior of the director under external
fields differs from the behavior of the layer normal. In this chapter we have only
discussed the effect of a velocity gradient, but the effects presented here seem to be
of a more general nature and can also be applied to other fields. The key results of
our theoretical treatment are a tilt of the director, which is proportional to the shear
rate, and an undulation instability which sets in above a threshold value of the tilt
angle (or equivalently the shear rate).

Both predictions are in agreement with experimental observations. For side-chain
liquid crystalline polymers Noirez [25] observed a shear dependence of the layer
thickness. In the parallel orientation the layer thickness is reduced by several percent
with increasing shear. To our knowledge, two groups have investigated the evolution
of a parallel alignment to the vesicle state for lyotropic systems (see Müller et al.
[17] and Zipfel et al. [55]). In both papers the authors argue that cylindrical struc-
tures (with an axis along the flow direction) are observable as intermediates. These
observed cylindrical intermediates are very close to the undulations proposed by our
theoretical treatment.

For an approximate quantitative comparison of our theoretical results with the
experiments on lyotropic liquid crystals we make a number of assumptions about
the material parameters. As we have shown in Sect. 3.2 the different approaches
cause only small variations in the critical wave number. For this estimate it suffices
to use the critical wave number obtained in our earlier work [42]. For lyotropics it
is known [56, 57], that the elastic constants can be expressed as

K =
κ
l

(50)

and

B =
9

64
π2 (kBT )2

κ
l

(l − δ )4 , (51)
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where κ =ακkBT is the bending modulus of a single bilayer, l is the repeat distance,
δ is the membrane thickness, kB is the Boltzmann constant, T is temperature, and
ακ is a dimensionless number of order of unity. With this relations we can estimate
the critical wave vector for a sample of thickness d using [42]:

q2
c ≈

3π2

8ακd
l

(l − δ )2 (52)

The parameters of the experiment by Zipfel et al. [55] are: d = 1 mm, δ = 2.65 nm,
l = 6.3 nm, and ακ = 1.8 [55, 58]. On this basis we estimate the critical wave length
to be of the order of

λc ≈ 6.4 μm (53)

Zipfel et al. [55] observed a vesicle radius of 3 μm, which is clearly compatible
with our calculation. We note that this estimate assumes that the experiments are
done in the hydrodynamic regime.

In Sect. 3.2.3 we have pointed out that the effect on the order parameter is max-
imum close to the boundaries of the layer. In a reoriented sample Laurer et al. [3]
have identified defects near the boundary of the sample which are in accordance
with the predicted influence on the order parameter.

The mechanism we have proposed here is somewhat similar to a shear induced
smectic-C like situation. Consequently, undulations should also be observed near the
smectic-A–smectic-C transitions. Indeed, Johnson and Saupe [59] and later Kumar
[60] report such undulations just below the transition temperature. In the same spirit
Ribotta and Durand [61] report a compression induced smectic-C like situation.

Molecular dynamic simulations recently made by Soddemann et al. [52, 53]
offer a very precise insight into the behavior of the layered systems under shear.
As we will briefly discuss now, a direct comparison of these simulations to the ana-
lytic theory presented above shows very good agreement between both approaches
[53]. In Fig. 13 we have plotted the strain rate, γ̇ , as a function of the tilt angle, θ0.

Clearly flow aligning behavior of the director is present and θ0 increases linearly
with the tilt angle, θ0. Above a threshold in the strain rate, γ̇ ≈ 0.011, undulations
in vorticity direction set in. In Fig. 14 the results of simulations for γ̇ = 0.015 are
shown. In Fig. 15 we have plotted the undulation amplitude obtained as a function
of the shear rate. The dashed line indicates a square root behavior corresponding to a
forward bifurcation near the onset of undulations. This is, indeed, what is expected,
when a weakly nonlinear analysis based on the underlying macroscopic equations
is performed [54]. In Fig. 16 we have plotted an example for the dynamic behavior
obtained from molecular dynamics simulations. It shows the time evolution after
a step-type start for two shear rates below the onset of undulations. The two solid
lines correspond to a fit to the data using the solutions of the averaged linearized
form of (27). The shear approaches its stationary value for small tilt angle (implied
by the use of the linearized equation) with a characteristic time scale τ = γ1/B1.
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Fig. 13 Strain rate as a
function of tilt angle. This
form of presenting the data
has been chosen to facilitate a
direct comparison with the
theory, especially (38). The
solid line is a fit to the data.
Extracted from Fig. 5.4 of
[54]

Fig. 14 Undulations in a simulated model system. At a strain rate of γ̇ = 0.015 clearly
undulations have developed. As considered in the theory, undulations in the vorticity direction are
present. Note that the undulation amplitude does not change along the z- direction. Extracted from
Fig. 5.5 of [54]
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Fig. 15 Undulation
amplitude due to shear. The
amplitude of the undulations
A is given as a function of the
strain rate γ̇ . At a shear rate
γ̇ ≈ 0.01 undulations set in.
The amplitude of these
undulations grows
continuously with increasing
shear rate. The dashed line
shows a fit to data points
starting at γ̇ > 0.02 assuming
a square root dependence of
the amplitude above the
undulation onset. Fig. 5.6 of
[54]

Fig. 16 Time evolution of
the director tilt after a
step-like start of the shear for
two different final shear rates
(0.008 and 0.010 in
Lennard-Jones units). The
lines show the fit to the data
using the solution of the
averaged linearized form of
(27). Fig. 5.12 of [54]

A detailed analysis of the simulation data [53] demonstrated that the analytic theory
is in qualitative and frequently even in quantitative agreement with the simulations
over the validity range of the linearized theory.

5 Transition to Onions

In this section, we will explore the possibility of having a cylindrical intermediate
between the initial lamellar and the final onion state. This possibility has been con-
sidered since the shearing experiments of Richtering’s group [55, 62] on lyotropic
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Fig. 17 A schematic representation of the multilamellar cylinder in shear flow. The cylinder axis
is aligned along the flow

lamellar phases exhibiting a shear-induced lamellar-to-vesicle (onion) transition.
Performing viscosity measurements accompanied by time-resolved small-angle
neutron and light scattering, they observe a formation of an intermediate structure
exhibiting a scattering pattern corresponding to objects with a cylindrical symmetry
oriented in the flow direction. They suggest two possible structures consistent with
the overall cylindrical scattering symmetry: multilamellar cylinders with the long
axis oriented along the flow, or large amplitude layer undulations with the wave
vector in the neutral (vorticity) direction [62].

In what follows, we will explore the first of the two suggested scenarios. Starting
with a multilamellar cylinder configuration, we will study its stability under shear
flow (Fig. 17). Our aim is to check whether we can find an instability of the cylinder–
a secondary instability–that would be responsible for the break-up into onions.

The strategy is as follows. We start by rewriting the equations in cylindrical co-
ordinates (r,φ ,z). The variables we consider are the layer displacement u (now in
the radial direction) from the cylindrical state, the director n̂, and the fluid velocity
v. The central part of the cylinder, r < R1, containing a line defect, is not included.
It is not expected to be relevant for the shear-induced instability. We write down
linearized equations for layer displacement, director, and velocity perturbations for
a multilamellar (smectic) cylinder oriented in the flow direction (z axis). We are in-
terested in perturbations with the wave vector in the z direction as this is the relevant
direction for the hypothetical break-up of the cylinder into onions. The unperturbed
configuration in the presence of shear flow (the ground state) depends on r and φ
and is determined numerically. The perturbations, of course, depend on all three co-
ordinates. We take into account translational symmetry of the ground state in the
z direction and use a plane wave ansatz in that direction. Thus, our ansatze for the
perturbed variables are



Layered Systems Under Shear Flow 133

u = u(0)(r,φ)+ u(1)(r,φ ,z, t), (54)

n̂ = n̂(0)(r,φ)+ n̂(1)(r,φ ,z, t), (55)

v = v(0)(r,φ)+ v(1)(r,φ ,z, t), (56)

where

u(1) = u(1)
0 (r,φ , t)eikz, (57)

n̂(1) = n̂(1)
0 (r,φ , t)eikz, (58)

v(1) = v(1)
0 (r,φ , t)eikz (59)

and u(1)
0 , n̂(1)

0 , and v(1)
0 are complex perturbation amplitudes. We use the numerically

obtained ground state and evolve the perturbation amplitudes with a selected wave
vector in z direction numerically.

The layer normal p̂, in first order with respect to u, is

p̂ = êr − êφ
∂u

r∂φ
− êz

∂u
∂ z

. (60)

Bend of the layers can be conveniently expressed as splay of the layer normal.
The bending term (the first term in (3)) is

1
2

K (∇ · p̂−∇ · êr)
2 =

1
2

K

(
∂ 2u

r2∂φ2 +
∂ 2u
∂ z2

)2

, (61)

where we have made the expansion around the curved (cylindrical) ground state.
Layer compression (the second term in (3)) to the same order is

1
2

B0

{
∂u
∂ r

+ 1−nr

[
1− 1

2

((
∂u

r∂φ

)2

+
(
∂u
∂ z

)2
)]

+ nφ
∂u

r∂φ
+ nz

∂u
∂ z

− 1
2

((
∂u

r∂φ

)2

+
(
∂u
∂ z

)2
)}2

, (62)

where we have omitted terms containing u/r or ∂u/∂ r that are smaller than the first
term in (62). Finally, the coupling term (the last term in (3)) is

1
2

B1

[(
nz

∂u
r∂φ

−nφ
∂u
∂ z

)2

+
(

nz + nr
∂u
∂ z

)2

+
(

nr
∂u

r∂φ
+ nφ

)2
]

(63)

Dynamics of u and n̂ is then given by (16) and (17). For the boundary condition
we take u(R1) = 0 at the cut-off radius R1, and ∂u

∂ r (R) = 0 at the surface of the
cylinder. It is worth remembering that the functional derivative (14) is rather lengthy
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in cylindrical coordinates. For the form of ε as given in (61), (62), and (63), the
nonzero terms are

Ψ = − ∂
∂ r

∂ε
∂ ( ∂u

∂ r )
− 1

r
∂ε

∂ ( ∂u
∂ r )

− ∂
r∂φ

∂ε
∂ ( ∂u

r∂φ )
− ∂
∂ z

∂ε
∂ ( ∂u

∂ z )

− 1
r
∂
∂ r

∂ε
∂ ( ∂ 2u

r2∂φ2 )
+

∂ 2

r2∂φ2

∂ε
∂ ( ∂ 2u

r2∂φ2 )
+

∂ 2

∂ z2

∂ε
∂ ( ∂

2u
∂ z2 )

. (64)

The velocity is calculated from (18) using a series of approximations. We assume
that in the ground state the flow is simple shear flow:

v(0) = γ̇ r sinφ êz, (65)

where γ̇ is the typical shear rate of the experiment. In our first attempt, we com-
pletely neglect the velocity perturbation. The dynamics of layers is thus given solely
by permeation (16). This results in a static stability analysis and therefore the fact
that permeation is tiny in reality is irrelevant. No instability of the cylinder was
found in this case.

From now on, the permeation in (16) is neglected as it is several orders of mag-
nitude smaller than the advection due to the radial component of the velocity vr

(now playing the role of vz in the planar case). As far as the velocity perturba-
tion is concerned, our aim is to describe its principal effect–the radial motion of
smectic layers, i.e., instead of diffusion (permeation) we now have advective trans-
port. In this spirit we make several simplifications to keep the model tractable. The
backflow–flow generation due to director reorientation–is neglected, as well as the
effect of anisotropic viscosity (third and fourth line of (19)). Thereby (19) is reduced
to the Navier-Stokes equation for the velocity perturbation, which upon linearization
takes the form

ρ

(
∂v(1)

i

∂ t
+ v(0)

z
∂v(1)

i

∂ z

)
= −∇iP

(1)− = ∇ jψ
(1)
j δi1 +η∇2v(1)

i , (66)

where −∇ jψ
(1)
j =Ψ (1) is the force density in the radial direction (i = 1) and η is the

isotropic viscosity. The z dependence is already captured by the plane wave ansatz
(57)–(59), so ∂

∂ z = ik.

Several reduced models for the velocity perturbation v(1) have been systemati-
cally tested.

1. Simplest model. The incompressibility condition is not obeyed, the velocity per-
turbation is stationary (the time derivative in (66) is neglected) and has only a
radial direction,

v(1) = v(1)
0 (r,φ , t)eikz êr, (67)

with the solution
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v(1)
0 (r,φ ,t) =

1

ηk2 + ikρv(0)
z (r,φ)

Ψ (1)
0 (r,φ , t). (68)

Thus, the r and φ components of the velocity gradient are completely disregarded

and v(1)
0 depends on those coordinates only through the r and φ dependence of

the (radial) force density and the ground state shear velocity. The quality of this
model increases with increasing kR. It is expected that the velocity perturbation
is overestimated in this model and thus the hypothetical instability threshold is
lowered, which makes the model appealing at least as a first attempt.

2. Improved model. The incompressibility is obeyed. The velocity perturbation is
stationary and lies in the rz planes:

v(1) =
[
v(1)

0r (r,φ , t) êr + v(1)
0z (r,φ , t) êz

]
eikz (69)

The coordinate φ is again only a parameter, i.e., all derivatives with respect to φ
are neglected. Hence we are left with the one-dimensional problem

ρv(0)
z ikv(1)

0 = −(∇r + ikêz)P
(1)
0 +η(∇2

r − k2)v(1)
0 +Ψ (1)

0 êr (70)

and
(∇r + ikêz) · v(1)

0 = 0 (71)

to solve at every φ coordinate. Taking the curl of (70) to eliminate the pressure
and omitting all φ derivatives, one finally gets

ρv(0)
z ik

(
ikv(1)

0r − ∂v(1)
0z

∂ r

)
−ρ

∂v(0)
z

∂ r
ikv(1)

0z = (72)

η

{[
1
r
∂
∂ r

(
r
∂
∂ r

)
−

(
k2 +

1
r2

)](
ikv(1)

0r − ∂v(1)
0z

∂ r

)}
+ ikΨ (1)

0 . (73)

At the outer boundary we assume
∂v

(1)
0r
∂ r (R) = 0,

∂v
(1)
0z
∂ r (R) = 0 and at the cut-off

boundary v(1)
0r (R1) = 0,

∂v
(1)
0z
∂ r (R1) = 0. The resulting band-diagonal system, (39)

and (73), is efficiently solved by the conjugate gradient method [63].
3. Time-dependent velocity model. The approximations are identical to the previous

model, except that now the velocity field is not stationary, i.e., the time derivative
in (66) is nonzero. This introduces another time scale τv = ρR2/η to the problem
which could be significant for the instability. Now it is convenient to start with
(66) containing the pressure. Using (66), the velocity is updated explicitly in
time:

v∗(1)
0 − v(1)

0

Δ t
=

1
ρ
{. . .}, (74)
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then it is corrected applying a pressure correction δP in an auxiliary step [64]:

vnew(1)
0 = v∗(1)

0 −Δt∇δP, (75)

such as to satisfy the incompressibility condition (39)

∇ · vnew(1)
0 = 0 = ∇ · v∗(1)

0 −Δt∇2δP. (76)

Thus at every time step a Poisson equation for the pressure correction is solved,

yielding corrections (75) to the velocity and the pressure, Pnew(1)
0 = P(1)

0 + δP.
This leads to the following one-dimensional system:

v∗(1)
0r − v(1)

0r

Δ t
=

1
ρ

[
−∇rP

(1)
0 +η

(
∇2

r −
1
r2 − k2

)
v(1)

0r +Ψ (1)
0

]
, (77)

v∗(1)
0z − v(1)

0z

Δ t
=

1
ρ

[
−ikP(1)

0 +η
(
∇2

r − k2)v(1)
0z

]
, (78)

(
∇2

r − k2)δP =
(
∂
∂ r

+
1
r

)
v∗(1)

0r + ikv∗(1)
0z , (79)

vnew(1) = v∗(1)−Δt∇δP, (80)

Pnew(1)
0 = P(1)

0 + δP, (81)

which is solved on a staggered grid [64].
We start with the ground state u(0), n̂(0), defined by the simple shear flow

v(0), Fig. 17. The principal effect is, as expected, the appearance of a small tilt of
the director from the layer normal (flow alignment), predominantly in z direction
(Fig. 18). Note that the configuration of layers is also modified by the shear (Figs. 19
and 20), i.e., the cylindrical symmetry is lost. This is analogous to the shear-flow-
induced undulation instability of planar layers (wave vector of undulations in the

Fig. 18 Ground state flow
alignment: director tilt in the

z direction n(0)
z at r = 0.75R

as a function of the polar
angle φ . The tilt is zero at
φ = 0 and φ = π , where the
director points in the neutral
(vorticity) direction
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Fig. 19 Second order in
γ̇γ1/B1 effects: the ground
state layer displacement u(0)

and n(0)
φ at r = 0.75R as

functions of the polar angle
φ . Note the quadrupolar
deformation of the cylinder
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Fig. 20 Radial profile of u(0)

and n(0)
φ close to (but not

exactly at) φ = π/2. Note the
regions of dilatation and
compression of the layers
caused by the flow alignment
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vorticity direction), except that in the case of the cylinder the translational symmetry
in the vorticity direction is already broken by construction (in contrast to the planar
layers) and hence there exists no instability threshold but rather a continuously
growing deformation of the cylinder as the shear rate is increased. In the lowest
order of γ̇γ1/B1 it can be shown that

n(0)
z =

1
2
γ̇
γ1

B1
(λ + 1)sinφ , (82)

n(0)
φ =

1
2
γ̇
γ1

B1
(λ −1)n(0)

z cosφ , (83)

i.e., n(0)
φ is one order smaller than n(0)

z . Additionally it can be shown that u(0) is like-
wise second order in γ̇γ1/B1. Note that in the lowest order the tilt in the z direction
(82) agrees with the tilt in the planar case (40).

We randomly perturb the ground state and evolve the perturbation with a given
wave vector k in time numerically, searching for any exponential increase of its
amplitude which would be a signature of the instability. An example of such a per-
turbation is presented in Fig. 21. For all velocity field models, the parameter space
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Fig. 21 The shear plane cross section of the layer displacement u(1) (exaggerated) and the corre-
sponding velocity perturbation v(1)

is systematically swept. This includes varying the wave vector of the perturbation
k, the director tilt (shear rate), the ratio B1/B0, and the viscosity η . The result is
invariably the same: no instability could be found.

Further, we consider the perturbation s(1) of smectic order s = s(0) + s(1) and
check whether it could be important for the instability. We take into account the
dependence of the constant B1 on smectic order:

B1 = B(0)
1 + B′

1s(1) (84)

to lowest order. A plausible physical picture is the following. Consider the flow-
aligned ground state with a small director tilt from the layer normal. The system
is frustrated, as the director has a nonzero z component contrasted to the zero z
component of the layer normal (no layer curvature in the z direction). Now add
a perturbation s(1) with a given wave vector k. In regions of increased order, the
director – layer normal coupling is stronger and thus the layer normal should tilt
towards the director. In regions of decreased order, on the other hand, the weakened
coupling should allow the layers to tilt in the reverse direction and increase the
angle between the director and the layer normal. This should result in a sinusoidal
perturbation of the layers – undulations with wave vector k. Furthermore, the regions
of increased smectic order would thus relieve the frustration and therefore further
strengthen the order, whereas the opposite would happen in regions of decreased
smectic order, which could be the mechanism responsible for the growth of the
perturbation.

To implement this intuitive physical picture, we take into account the smectic
order dependence (84) of B1 in (63), add the energy of smectic order variations (5)
to our collection of energy contributions, and regard s(1) as another dynamic variable
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with a short relaxation time. Then we repeat the whole procedure of scanning the
parameter space and looking for a growing perturbation by the numerical time evo-
lution. Once more the result is: no instability.

The failure of all our attempts to find an instability suggests one of two pos-
sibilities: either the cylinders are stable and as such cannot be candidates for the
experimentally observed intermediates with the cylindrical scattering symmetry,
or an important ingredient of the physics is missing in our description. Repeated
reconsiderations of the experimental circumstances, results, and hints of the exper-
imentalists themselves suggest that the cylinders nevertheless remain the strongest
candidate for the puzzling transient state. The quest continues and it now appears
that a local (in the sense of the energy landscape) instability of the cylinder trig-
gering the formation of onions is unlikely to exist. Therefore it is reasonable to
consider another possibility: perhaps it is not a small amplitude instability, but rather
a localized large amplitude perturbation that is responsible for the destruction of
the cylinder. In other words, the transition to onions may start with a local rup-
ture of smectic layers via previously nucleated layer defects. A schematic picture
of the process is just cutting the multilamellar cylinder and then closing the open
layers so created to form the multilamellar vesicles. This process is restricted to the
vicinity of the cut and leaves the rest of the cylinder unaffected. The description of
such processes is nonperturbative and requires a complete description of both the
nematic and the smectic phase transition (a complete description of nematic and
smectic defects). Moreover, a three-dimensional numerical calculation is necessary
in this case.

6 Concluding Remarks

In this chapter we have shown that a modification of the usual smectic hydrody-
namics (layer normal and director are no longer forced to be parallel) will lead to
a flow aligning behavior and thus to an effective dilatation of the smectic layers A
linear stability analysis shows that above a critical shear rate the flow alignment is
strong enough to cause an undulation instability and thus to destabilize the layered
structure. We point out that the linearized analysis presented here does not allow one
to predict which structure will be stable at shear rates above the critical shear rate.
To overcome this problem, two strategies can be followed. Either one expands the
governing equations in small, but non-vanishing amplitudes (in the vicinity of the
threshold) along the lines of the work by Schlüter, Lortz and Busse [65] and Newell
and Whitehead [66], or one attacks the full non-linear equations by direct numerical
integration. The former procedure results in a hierarchy of equations which have
to be solved successively leading at a certain order to an envelope equation for the
amplitude. This procedure is from the large field of pattern formation and pattern
selection in dissipative systems. For recent overviews to this broad field compare,
for example, [67–69].



140 D. Svenšek and H.R. Brand

Following the lines proposed above will give a prediction of the pattern formed
above onset. For a transition from undulating lamellae to reorientated lamellae or to
multilamellar vesicles, defects have to be created for topological reasons. Since the
order parameter varies spatially in the vicinity of the defect core, a description of
such a process must include the full (tensorial) nematic order parameter as macro-
scopic dynamic variables.

An interesting similarity of what we discussed here appears if one deals with mix-
tures of rodlike and disklike micelles. These systems could behave very similarly to
a truly biaxial nematic, but show interesting differences to them. Whereas for the
usual orthorhombic biaxial nematics both directors are perpendicular to each other
by construction, in mixtures there is no need to impose this restriction. Pleiner and
Brand [70] investigated how mixtures are influenced by an external field (magnetic
field or shear flow) and found that the angle between the two directors exhibits a
flow aligning behavior similar to the one studied in [42, 43].

Experiments by Müller et al. [17] on the lamellar phase of a lyotropic system
(an LMW surfactant) under shear suggest that multilamellar vesicles develop via
an intermediate state for which one finds a distribution of director orientations in
the plane perpendicular to the flow direction. These results are compatible with an
undulation instability of the type proposed here, since undulations lead to such a
distribution of director orientations. Furthermore, Noirez [25] found in shear exper-
iment on a smectic A liquid crystalline polymer in a cone-plate geometry that the
layer thickness reduces slightly with increasing shear. This result is compatible with
the model presented here as well.

In addition, we have investigated here the question of the lamellar to onion (mul-
tilamellar vesicles, MLV) transition. This transition was found experimentally [62]
to proceed via two possible structures compatible with the overall scattering geom-
etry: either via multilamellar cylinders with the long axis oriented along the flow,
or via large amplitude layer undulations with the wave vector parallel to the vortic-
ity direction. Our detailed stability analysis of a multilamellar cylinder shows that
such a structure under shear flow is stable against small amplitude perturbations.
From our investigations we conclude that the transition from a lamellar structure
to onions proceeds via finite amplitude perturbations and/or a local rupturing of
the layering. This result is in agreement with very recent experimental results by
Koschoreck et al. [20, 21], using small angle neutron scattering, small angle light
scattering, and optical microscopy, who showed that lamellar domains can coex-
ist with onions (similar to a two phase region near equilibrium) and that there is a
discontinuous growth of vesicle size. All these findings point towards a hysteretic
lamellar to onion transition.
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Appendix, Minimal Analytic Model

In our earlier work [42] we considered two independent variables: the layer dis-
placement and the y-component of the director. To compare our present analysis to
these results we expand (43) and (44) in power series in θ0 (up to θ 2

0 ) and take only
the terms connected with φ and u:

0 = Aφ
B1

γ1
θ0 −Au

B1

γ1
q (85)

0 = −Auλp

[
B1q2 + Kq4 + B0q2

z −
1
2
θ 2

0 q2(B0 + 2B1)
]

+ AφλpB1θ0q (86)

The solvability condition of (85) and (86) defines the neutral curve θ0(q) and its
minimum directly gives the critical values θc and qc (within the approximations of
this section):

q2
c = qz

√
B0

K
(87)

θ 2
c = 4 qz

B0

B0 + 2B1

√
K
B0

(88)

γ̇c = 4
B1

γ1(λ + 1)

√
qz

B0

B0 + 2B1

√
K
B0

(89)

The differences between [42] and (87)–(89) are mainly due to the correct normal-
ization of p̂ (see (29)–(31)) used in the present chapter. To summarize, we conclude
that our former results are a special case of the present analysis.
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Thermal Diffusion in Polymer Blends:
Criticality and Pattern Formation

Werner Köhler, Alexei Krekhov, and Walter Zimmermann

Abstract We discuss the dynamic critical properties of a binary blend of the
two polymers poly(dimethyl siloxane) (PDMS) and poly(ethyl-methyl siloxane)
(PEMS), and we have investigated experimentally and theoretically patterning and
structure formation processes above and below the spinodal in the case of a spa-
tially varying temperature. Asymptotic critical scaling is found close to Tc in the
range 6× 10−4 ≤ ε ≤ 0.2 of the reduced temperature ε and a mean field behavior
for large values of ε . The thermal diffusion coefficient DT is thermally activated but
does not show the critical slowing down of the Fickian diffusion coefficient D, which
can be described by crossover functions for D. The Soret coefficient ST = DT/D di-
verges at the critical point with a critical exponent −0.67 and shows a crossover to
the exponent −1 of the structure factor in the classical regime. Thermal activation
processes cancel out and do not contribute to ST. The divergence of ST also leads to
a very strong coupling of the order parameter to small temperature gradients, which
can be utilized for laser patterning of thin polymer films. For a quantitative numer-
ical model all three coefficients D, DT, and ST have been determined within the
entire homogeneous phase and are parameterized by a pseudospinodal model. It is
shown that equilibrium phase diagrams are no longer globally valid in the presence
of a temperature gradient, and systems with an upper critical solution temperature
(UCST) can be quenched into phase separation by local heating. Below the spin-
odal there is competition between the spontaneous spinodal demixing patterns and
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structures imposed by means of a focused laser beam utilizing the Soret effect. Elon-
gated structures degrade to spherical objects due to surface tension effects leading
to pearling instabilities. Grids of parallel lines can be stabilized by enforcing certain
boundary conditions. Phase separation phenomena in polymer blends belong to the
universality class of pattern forming systems with a conserved order parameter. In
such systems, the effects of spatial forcing are rather unexplored and, as described in
this work, spatial temperature modulations may cause via the Soret effect (thermal
diffusion) a variety of interesting concentration modulations. In the framework of a
generalized Cahn–Hilliard model it is shown that coarsening in the two-phase range
of phase separating systems can be interrupted by a spatially periodic temperature
modulation with a modulation amplitude beyond a critical one, where in addition
the concentration modulations are locked to the periodicity of the external forcing.
Accordingly, temperature modulations may be a useful future tool for controlled
structuring of polymer blends. In the case of a traveling spatially periodic forcing,
but with a modulation amplitude below the critical one, the coarsening dynamics
can be enhanced. With a model of phase separation, taking into account thermal dif-
fusion, essential features of the spatio-temporal dynamics of phase separation and
thermal patterning observed in experiments can be reproduced. With a directional
quenching an effective approach is studied to create regular structures during the
phase separation process. In addition, it is shown that the wavelength of periodic
stripe patterns is uniquely selected by the velocity of a quench interface. With a spa-
tially periodic modulation of the quench interface itself, cellular patterns can also
be generated.

Keywords Cahn-Hilliard model · Diffusion · Nonlinear dynamics · Pattern
selection · Polymer blends · Soret effect · Spinodal decomposition · Thermal
diffusion
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1 Introduction

When a binary liquid mixture approaches the consolute critical point, the equili-
brium restoring forces vanish, the correlation length diverges, and the amplitude of
the fluctuations of the order parameter grow according to characteristic power laws.
Very close to the critical point the correlation length exceeds by far all microscopic
length scales. The fluctuations can be observed macroscopically as critical scatter-
ing phenomena like the well-known critical opalescence. At the same time there is
a critical slowing down of the diffusion dynamics [1–3] and the system becomes
increasingly susceptible to external perturbations.

After crossing the spinodal the mixture immediately becomes unstable and even
arbitrarily small composition fluctuations grow exponentially in time. Eventually,
the fluid decomposes into two phases that form a labyrinthine spinodal pattern with
a characteristic length scale determined by the wave vector at the maximum of the
growth rate of small inhomogeneous perturbations. As time proceeds the pattern
coarsens and the maximum of the structure factor is shifted towards larger length
scales, corresponding to smaller values of the wave vector. Eventually, a new equi-
librium is reached with a horizontal meniscus that separates the two phases with the
lighter liquid on top of the denser one.

Compared to binary mixtures of low molecular fluids, the critical behavior of
polymer blends has been much less explored so far. However, a number of inter-
esting static and dynamic critical phenomena in polymer blends attract increasing
attention [4, 5]. Neutron, X-ray, and static light scattering experiments belong to
the major techniques for characterizing the static properties of polymer blends.
Photon correlation spectroscopy (PCS) has traditionally been the method of choice
for the investigation of the dynamics of critical [6–9] and noncritical [10–12] poly-
mer blends.

The vast majority of experimental and theoretical investigations on critical or off-
critical polymer blends or solutions has been carried out under isothermal conditions
and only a few of them were focusing on the effect of spatially varying temperature
fields [13–17]. In all these studies there is no direct effect of a temperature gradient
besides the positioning of the different parts of the sample at different locations in
the phase diagram. The coupling between the order parameter and the temperature
gradients due to the Ludwig–Soret effect – also termed thermal diffusion, thermod-
iffusion or, briefly, Soret effect – has not been taken into account. While this effect is
only weak in most cases of low molecular mixtures away from a phase transition, it
can, as will be shown below, become a substantial and sometimes dominating effect
in critical polymer blends. The Soret coefficient, which is a measure of the change
of the composition induced by a given temperature difference, even diverges at the
critical point.
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Including the Soret effect, the diffusive mass flow in a multicomponent system
contains two contributions, the Fickian diffusion current that is driven by the gradi-
ent of the chemical potential and the thermal diffusion current driven by the temper-
ature gradient. To account for this additional transport process, the thermal diffusion
coefficient DT is introduced in addition to the Fickian diffusion coefficient D. Ex-
periments have shown that the direction of the thermal diffusion current is not easily
predicted and, in contrast to D, the coefficient DT can be both positive and negative,
and it can change its sign as a function of composition [18–22], temperature [23–
26], molar mass [27, 28], or solvent composition [29]. The stationary composition
distribution is determined by a competition between thermal and Fickian diffusion,
and the Soret coefficient ST = DT/D can roughly be interpreted as the relative com-
position change sustained in the stationary state per temperature difference. Typical
numbers for small molecules are only of the order of ST ≈ 10−3 K−1 and the effect
generally causes only a minor perturbation for most practical situations. For larger
diffusing objects, such as polymers in dilute solution [30–33] or colloids [34–41],
significantly higher values of ST ≈ 0.1 . . .1K−1 have been reported.

The Soret effect near a consolute critical point of a simple liquid mixture
was first investigated by Thomaes [42] and later by Giglio and Vendramini [43].
Giglio and Vendramini observed a critical divergence of the thermal diffusion factor
kT = STT c(1−c)∼ (T −Tc)ν with the critical exponent ν = 0.63 of the correlation
length ξ . c is the concentration (mass fraction) of component one. These results, ob-
tained with an optical beam deflection technique for the aniline/cyclohexane system,
have later been confirmed by Wiegand utilizing a transient holographic grating
technique [44]. Similar transient gratings had been used for the first time by Pohl
to demonstrate qualitatively the divergence of the signal at the critical point of a
2,6-lutidine/water mixture [45]. Buil et al. and Delville et al. have employed tran-
sient holographic gratings [46] and focused laser beams [47] for the investigation
of first order phase transitions in multicomponent liquids. While there have been a
few such studies of the Soret effect in critical low molecular weight liquid mixtures,
there were no data available for critical polymer blends. Hence, one of the goals
was the investigation of the critical properties related to nonisothermal transport, in
particular the crossover from the mean field to the asymptotic critical regime, for a
upper critical solution temperature (UCST) polymer blend.

Besides the selection of a characteristic wavelength during spinodal decom-
position at a constant temperature, the strong coupling between inhomogeneous
temperature fields and the order parameter opens entirely new routes for pattern for-
mation processes in critical polymer blends. Pattern formation in polymer blends via
phase separation is an important research topic not only in polymer physics or phys-
ical chemistry but also as an interdisciplinary research involving nonequilibrium
studies of complex fluids [48, 49], where it became a prototype for pattern forming
systems with a conserved order parameter. The phase separation of such systems
commonly leads to an isotropic, disordered morphology, such as interconnected do-
main structure or isolated clusters. These domains grow continuously in space and
time and finally become macroscopic. An important research topic regarding phase
separation in polymer blends is to fabricate regular structures for their potential
application for nanotechnology in diverse fields, ranging from bioactive patterns
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[50] to polymer electronics [51]. In fact, polymer mixtures can undergo dramatic
changes in response to externally applied perturbations.

Some previous studies have considered the application of external fields like
shear flow [52, 53], concentration gradient [54], patterned surface [55], or tempera-
ture inhomogeneity [56] to break the symmetry of the phase separation in polymer
blends and to produce ordered structures with widely varying morphologies and
length scales. Different strategies have been explored to tailor domain patterns of
polymer mixtures and obtain new ordered structures. The spontaneous emergence
of structures within an initially homogeneous blend and the possibility to generate
patterns in a controlled way are not only of interest from the view of basic research
but may also lead to technological applications.

Traditional techniques for structuring of polymer films utilize irradiation with
UV light, X-rays, or electron beams in combination with some kind of cross-linking
photo reaction. Fytas and coworkers have shown that isolated linear structures and
periodic gratings can be generated by laser irradiation of homogeneous polymer
solutions [57, 58]. Böltau et al. have used patterned surfaces to drive an incompatible
polymer blend into pre-defined demixing morphologies [55]. Filler particles can
induce composition waves in thin films of demixing polymer blends [59].

Spinodal decomposition in binary liquid mixtures or polymer blends belongs to
the universality class of pattern forming systems with a conserved order parameter
[48]. A variety of interesting effects of spatially varying control parameters in pat-
tern forming systems with nonconserved order parameters has been explored during
recent years [60–73], but the effects of spatially or temporally varying temperature
fields in spinodal decomposition has been investigated only recently. Tanaka and
Sigehuzi have periodically driven the system across the spinodal and observed two
characteristic superimposed length scales with and without coarsening [74]. Lee et
al. performed computational studies on spinodal decomposition with superimposed
temperature gradient [16, 17]. Kumaki et al. observed a 20 K shift of the phase
boundary after applying a temperature gradient to a ternary polymer mixture [75].

Except for Kumaki, all these authors did not take into account the coupling
between temperature gradients and concentration due to the Soret effect. In the
second part of the present work, an overview is given of the structure formation
processes that occur during spinodal decomposition in the presence of spatially
inhomogeneous and/or time dependent temperature fields. It will be shown that
the Soret effect may lead to entirely different pattern formation and evolution sce-
narios in critical and near-critical polymer blends. Introducing a spatially periodic
temperature-modulation in a model of phase separation in a polymer blend above
a critical modulation amplitude, the coarsening dynamics can be interrupted and a
stripe pattern is locked to the periodicity of the external modulation. Similar locking
effects are found in the case of a traveling, spatially periodic temperature modula-
tion. In the parameter range where the decomposition is not locked to the external
forcing, the coarsening processes can be enhanced by the traveling modulation. With
directional quenching a further forcing method is presented. This method turns out
to be an effective selection mechanism for the wavelength of the periodic pattern be-
hind the moving quenching interface, where the selected wavelength of the pattern
can be uniquely selected by the chosen velocity of the quench interface.
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2 Transport Coefficients in a Critical Polymer Blend

2.1 Diffusion in Critical Systems with a Temperature Gradient

First we treat diffusion processes within the homogeneous phase. The presence of a
temperature gradient in binary fluid mixtures and polymer blends requires an exten-
sion of Fick’s diffusion laws, since the mass is not only driven by a concentration
but also by a temperature gradient [76]:

J = Jm + JT = −ρ [D∇c + c(1− c)DT∇T ] . (1)

cρ is the density and J the mass flow of component one. D and DT are the mass and
the thermal diffusion coefficient, respectively. Since the total mass flow vanishes
in the mass-fixed frame of reference, the flow of the second component of con-
centration (1− c) of the mixture is not independent and need not be considered
separately. In the case of vanishing reference velocities and/or small temperature
gradients, the continuity equation takes the following form [77, 78]:

∂c
∂ t

= −∇ · J
ρ

. (2)

Combining (1) and (2), the evolution equation for the concentration is

∂c
∂ t

= ∇ · [D∇c + c(1− c)DT∇T ] . (3)

All currents vanish in the stationary state, where the amplitude of the induced con-
centration gradient is determined by the Soret coefficient ST = DT/D:

∇c = −STc(1− c)∇T. (4)

The temperature distribution is determined by the heat equation

∂T
∂ t

= Dth∇2T + S(r, t), (5)

including the source term S(r,t). Dth = κ(ρcp)−1 is the thermal diffusivity, κ the
thermal conductivity, and cp the specific heat of the solution.

The formal description of thermodiffusion in the critical region has been
discussed in detail by Luettmer-Strathmann [79]. The diffusion coefficient of a
critical mixture in the long wavelength limit contains a mobility factor, the Onsager
coefficient α = αb + Δα , and a thermodynamic contribution, the static structure
factor S(0) [7, 79]:

D(q = 0) =
(
αb +Δα

S(0)

)
= Db +ΔD. (6)
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αb is the background contribution and Δα the critical enhancement. Within the ran-
dom phase approximation the static structure factor of a binary AB polymer blend
is given by [4, 8, 80]

S(q = 0) =
(

1
φANA

+
1

φBNB
−2χ

)−1

. (7)

φk and Nk are the volume fraction and the degree of polymerization of polymer
k, with k = A,B. χ is the Flory–Huggins interaction parameter. Introducing the
reduced temperature

ε =
T −Tc

Tc
, (8)

the critical temperature dependences of S(0) and the static correlation length ξ are
expressed as scaling laws S(0) ∼ ε−γ and ξ ∼ ε−ν . Close to the critical point, in
the asymptotic critical region, the scaling exponents take the values γ = 1.24 and
ν = 0.63. The mean field values for larger distances from Tc are γ = 1.0 and ν = 0.5.
The transition from the classical mean field regime to the asymptotic critical regime
is marked by the Ginzburg criterion for the static correlation length, ξ ≈RgN1/2, and
occurs at ε = Gi. Gi is the Ginzburg number and Rg the polymer radius of gyration.
Following the arguments in [79], the background diffusion coefficient scales like
Db ∼ εγ , where γ = 1 in the mean field regime, and the critical enhancement like
ΔD ∼ εν(1+zη ) ≈ ε0.67, where zη = 0.063 is the critical exponent of the viscosity.
Because of the larger absolute temperature excursions in the mean field regime,
the thermal activation of the Onsager coefficient with an activation temperature Ta

additionally needs to be taken into account. Hence, we end up with the following
temperature dependence of the diffusion coefficient:

D ≈ ΔD ∼ ε0.67 for ε 	 Gi (9)

D ≈ Db ∼ ε exp(−Ta/T ) for ε � Gi (10)

As discussed in [79], there is no critical enhancement of the thermal diffusion coef-
ficient DT, which retains its background value Db

T throughout the asymptotic critical
regime. It appears reasonable to assume the same activation temperature Ta both for
αb and Db

T:
DT = Db

T = D0
T exp(−Ta/T ) . (11)

Combining (9), (10), and (11), the critical scaling of the Soret coefficient in the
asymptotic critical (ε 	 Gi) and in the mean field regime (ε � Gi) is

ST ≈ Db
T

ΔD
∼ ΔD−1 ∼ ε−ν(1+zη ) ∼ ε−0.67 for ε 	 Gi (12)

ST ≈ Db
T

Db =
Db

T

αb/S(0)
∼ S(0)∼ ε−1 for ε � Gi (13)
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Since there had not been any measurements of thermal diffusion and Soret coeffi-
cients in polymer blends, the first task was the investigation of the Soret effect in
the model polymer blend poly(dimethyl siloxane) (PDMS) and poly(ethyl-methyl
siloxane) (PEMS). This polymer system has been chosen because of its conve-
niently located lower miscibility gap with a critical temperature that can easily be
adjusted within the experimentally interesting range between room temperature and
100 ◦C by a suitable choice of the molar masses [81, 82]. Furthermore, extensive
characterization work has already been done for PDMS/PEMS blends, including
the determination of activation energies and Flory–Huggins interaction parameters
[7, 8, 83, 84].

2.2 The Transient Grating Technique

The transport coefficients have been measured by the transient holographic grating
technique of Thermal Diffusion Forced Rayleigh Scattering (TDFRS) that has al-
ready been described in more detail in previous works [85–87] and will only be
briefly sketched in the following (Fig. 1).

An argon ion laser operating at 488 nm is split into two beams of equal intensi-
ties that are brought to intersection within the sample under an angle θ to create a
holographic interference grating with a period

d =
2π
q

=
λ

2sin(θ/2)
. (14)

Energy is absorbed from the light field by an inert dye (quinizarin) that is added to
the polymer blend in minute quantities. Neither the phase behavior nor the critical

Fig. 1 Setup for transient holographic grating measurements. The electro-optic modulators
(EOMs) are used for 180◦-phase shifts of the holographic grating. The piezo mirror serves for
phase matching between the diffracted beam and the coherent reference wave generated by the
local oscillator. The setup is a modified version of the one described in [87]
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temperature are influenced by the dye. The temperature grating and the secondary
concentration grating both couple to the refractive index grating due to the contrast
factors (∂n/∂c)p,T and (∂n/∂T )p,c. The resulting phase grating is read by Bragg
diffraction of a readout laser beam (HeNe, 633 nm). The diffracted signal beam is
mixed with a coherent reference wave derived from a local oscillator in order to
create a heterodyne signal for increased sensitivity at low diffraction efficiencies.
Electro-optic modulators (EOMs) are used for switching of the phase of the grat-
ing and a piezo-mirror serves for phase stabilization. Details of the stabilization and
switching procedure and the separation of heterodyne and homodyne signal com-
ponents have been described in [88]. A photo multiplier tube operating in photon
counting mode is used for detection. It is connected to a counter with a time resolu-
tion of 1μs. For a good signal to noise ratio, typically 104–105 individual exposure
cycles are averaged.

Taking the absorbed optical power density as source term S = αλ I(ρcp)−1 in the
heat equation (5), an analytical expression for the normalized heterodyne diffraction
efficiency can be derived as a cascaded linear response [88, 89]:

ζhet(t) = 1− e−t/τth − ζc
τ−τth

[
τ
(
1− e−t/τ)− τth

(
1− e−t/τth

)]
, (15)

ζc =
(
∂n
∂c

)
p,T

(
∂n
∂T

)−1

p,c
ST c0(1− c0). (16)

αλ is the optical absorption coefficient, cp the specific heat, and I(x, t) =
Iq(t)exp(iqx) the periodic intensity of the light field. The thermal diffusivity and
the diffusion coefficient are obtained from the relaxation time constants of the
temperature and the concentration grating, which are treated as fit parameters:
τth = (Dthq2)−1 and τ = (Dq2)−1. The description becomes more complex in the
case of very thin samples, where heat conduction into the walls is important [90].

The contrast factors have been measured interferometrically [87] and with an
Abbe refractometer, respectively. The sample is contained in a fused silica spec-
troscopic cell with 200μm thickness (Hellma). The sample holder is thermostated
with a circulating water thermostat and the temperature is measured close to the
sample with a Pt100 resistor. The amplitude of the temperature modulation of
the grating is well below 100μK and the overall temperature increase within the
sample is limited to approximately 70mK in a typical experiment [91], which is
sufficiently small to allow for measurements close to the critical point.

2.3 Measurements on PDMS/PEMS Blends

The measurements near the critical point have been performed with a PDMS/
PEMS blend with molar masses of Mw = 16.4kgmol−1 (PDMS, Mw/Mn=1.10)
and Mw = 22.8kgmol−1 (PEMS, Mw/Mn =1.11). The corresponding degrees of
polymerization are N = 219 and N = 257, respectively. The phase diagram shows
a lower miscibility gap with a critical composition of cc = 0.548 (weight fractions
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Fig. 2 Typical heterodyne
diffraction signals measured
for a critical PDMS/PEMS
mixture for different
distances T −Tc to the critical
point. All curves have been
normalized according to (15).
The dashed line indicates the
nearly constant initial slope
of the concentration signal
(an exponential function in
the logarithmic plot) caused
by the almost constant value
of DT. The inset shows, for
comparison, a considerably
smaller signal for an off
critical PDMS/PEMS mixture
(860 and 980 g mol−1)
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of PDMS), which was determined according to the equal volume criterion. This
value is in good agreement with the critical volume fraction φc calculated from the
Flory–Huggins-model [91]. The critical temperature is Tc = 38.6 ◦C. For some mea-
surements off-critical mixtures of varying molar masses have also been employed.
The relevant numbers will be given where appropriate.

As predicted by the expressions for the critical divergence of the Soret coefficient
in (12) and (13), the heterodyne diffraction efficiency of the induced concentration
grating dramatically increases on approach of the critical point. Figure 2 shows
normalized heterodyne diffraction efficiencies that have been recorded for different
distances T −Tc. A few hundred milli-Kelvin away from Tc, the modulation depth,
which is proportional to the heterodyne signal, exceeds the values typically found
for small molecules and off-critical mixtures by nearly four orders of magnitude.

2.4 The Diffusion Coefficient

The diffusion coefficient D is plotted in Fig. 3 as a function of the reduced tempe-
rature ε . The upper x-axis shows the correlation length ξ = ξ0ε−0.63 with ξ0 =
1.5nm. The short downward arrow marks the approximate locus of the transition
from the asymptotic critical to mean field behavior at ξ ≈ N1/2Rg [4]. Below this
value, at smaller values of ε and larger correlation lengths, the data are compatible
with the asymptotic scaling law of (9). For large values of ε the slope continuously
increases due to the transition to the mean field exponent and the growing influence
of thermal activation [81].

Data of D as measured previously by PCS on comparable polymer blends have
also been included in Fig. 3. Generally, the data of Meier [8] and Sato [92] show
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Fig. 3 Mass and thermal diffusion coefficients D and DT as functions of reduced temperature ε .
Literature PCS data for D taken from Meier [8] and Sato [92] (scattering angle 60◦ (open diamond)
and 130◦ (open square)). See text for a discussion of the fit functions. Also shown DT (upper curve,
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an excellent agreement with our results. Close to Tc (below ε ≈ 0.01), however, the
PCS data level off and no longer follow the asymptotic scaling law. This transition
from a diffusive, Γ = Dq2 ∝ q2, to a nondiffusive behavior with Γ ∝ q3, occurs
when the correlation length exceeds the inverse scattering vector, ξ > q−1. The
q-dependence of the apparent diffusion coefficient is evident from the two measure-
ments performed by Sato et al. at different scattering angles.

Since TDFRS works at much lower q-values than PCS, in our case q ≈ 3 ×
10−3 nm−1 compared to q ≈ 3× 10−2 nm−1, the critical point can be approached
much closer on the ε-axis, thereby still observing scaling behavior and critical slow-
ing down of D. The crossover corresponding to q−1ξ ≈ 1 is marked with an arrow
at ε ≈ 2×10−4.

An analytical description of the crossover from a diffusive to a nondiffusive be-
havior at a finite q-value has been given by Kawasaki [93]:

D(qξ ) = D(q → 0)K(qξ ), (17)

K(x) = 3
4x2

(
1 + x2 +

(
x3 − x−1

)
arctanx

)
. (18)
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A fit of D taking the Kawasaki function (18) into account is included in Fig. 3 (see
next paragraph). It shows the expected significant deviation from the scaling law
just outside the ε-range of our TDFRS data.

The problem of the dynamic crossover from the asymptotic critical to the mean
field regime has been treated by Jacob et al. [94] and by Kostko et al. [95]. Kostko
et al. derived a decomposition of D = Db +ΔD into a background contribution Db

and an enhancement ΔD of the form

Db =
kBT (1 +(qξ )2)

6πηbξ
1

qDξ
, (19)

ΔD =
kBT

6πηξ
K(qξ )

[
1 +

qξ
2

]zη/2 2
π

arctan(qDξ ) . (20)

ηb is the background contribution of the viscosity and q−1
D a characteristic

cutoff-length. K(x) is the Kawasaki function defined in (18). The solid line in
Fig. 3, which interpolates our data quite reasonably, is a fit of the sum of (19) and
(20). The correspondingly labeled dashed lines show the decomposition into the
two contributions Db and ΔD. The viscosity was assumed to be thermally activated
with the same activation temperature of Ta = 1,460K as the thermal diffusion
coefficient (see below). The weak critical divergence of the viscosity has been ne-
glected. Details of the analysis and questions associated with the proper choice of
the correlation length are discussed in more detail in [81].

2.5 The Thermal Diffusion Coefficient

As predicted by Folk and Moser [96], the data for DT in Fig. 3 clearly show, in
contrast to the data for D, no critical scaling but only thermal activation. A fit of the
expression in (11) to the data in Fig. 3 gives a prefactor D0

T = 1.82×10−7 cm2(sK)−1

and an activation temperature of Ta = 1,460K. Figure 4 shows an Arrhenius plot of
the thermal diffusion coefficient according to (11) not only for the DT data from
Fig. 3 but also for a number of off-critical PDMS/PEMS blends of different mo-
lar masses and PDMS-concentrations of c = 0.5. Only the critical mixture has a
slightly different concentration of cc = 0.548. Independent of the criticality of the
system, all activation energies kBTa are identical. A common fit yields an activa-
tion temperature of Ta = 1,415K, which is almost identical to the value of 1,460K
obtained for the critical mixture alone [97]. Also shown in Fig. 4 is a dashed line
with the slope corresponding to an activation temperature of 2,285 K as reported in
[92] for the viscosity. The reason for the pronounced difference between these two
activation temperatures is not clear, and a definite answer would require additional
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of off-critical PDMS/PEMS blends of various molar masses and concentrations c = 0.5 [97]. The
legends give the PDMS and PEMS molar masses in kg mol−1. Also shown is a line corresponding
to the activation energy of the viscosity according to [92]

viscosity measurements for PDMS/PEMS blends as described in this work. A de-
tailed analysis of DT of PDMS/PEMS mixtures of equal weight fractions has shown
that the prefactor D0

T can be broken down into a molar mass independent part plus
contributions from the end-groups, which vanish for longer chain lengths [97, 98].

2.6 The Soret Coefficient

According to (12) and (13) the Soret coefficient ST = DT/D diverges on approach
of the critical point. This scenario is plotted in Fig. 5. Since DT is constant to good
approximation within this narrow temperature range of only a few Kelvin, the scal-
ing law in the asymptotic critical regime, ST ∝ ε−0.67, is determined by the exponent
of the diffusion coefficient. At larger ε > Gi the Soret coefficient diverges with the
mean field exponent of the structure factor S(0), since the thermal activation, which
appears both in D and DT, cancels out. In order to illustrate this crossover of the
divergence of ST from the mean field to the asymptotic critical regime, we have also
included in Fig. 5 (besides our own data on D−1) data from previous works on the
static structure factor S(0) of a comparable PDMS/PEMS (19.4/30.1) blend [8].
The straight line with a slope of −1 has been included in Fig. 5 to demonstrate that
the mean field scaling exponent γ = 1 can be found for ST rather than for D, which
shows a stronger temperature dependence due to the additional thermal activation
of the Onsager coefficient αb.
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Additional insight into the nature of the Soret coefficient and its critical diver-
gence is obtained from (13) for the classical regime:

ST ≈ DT

Db =
DT

αb S(0) = K(T ) S(0). (21)

Since both DT and αb are thermally activated with the same activation tempe-
rature and with prefactors D0

T and αb,0, the dominating contribution of the tem-
perature dependence cancels out in the ratio and we are left with only a weakly
temperature dependent function:

K(T ) =
DT

αb =
D0

T

αb,0 . (22)

Experiments have shown that, at least for PDMS/PEMS blends of equal weight
fraction, K(T ) indeed depends only weakly on temperature and is independent of
the molar mass of the constituents [97]. Consequently, the different values of the
Soret coefficient in the classical mean field regime are almost exclusively caused by
the variation of the static structure factor.

Figure 6 shows the respective data plotted according to (21) for a number of
blends with different degrees of polymerization. The left plot shows the Soret coef-
ficients as measured and the right one after normalization to the mean field static
structure factor calculated from the Flory–Huggins model, cf. (7). Although the
structure factors and the Soret coefficients of the different samples vary by more
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than two orders of magnitude – even at the highest temperature of almost 100 ◦C –
all curves collapse onto one single master curve for a high temperature T . At lower
temperatures there is the pronounced deviation from the common curve for the
(16.4/22.8) blend in the asymptotic critical regime with the critical divergence of
ST. The slight deviations of two other blends might be first hints of phase transitions
at lower temperatures [97].

3 Laser-Thermal Patterning of the Homogeneous Phase

Structuring of polymer films attracts considerable attention, and various radiation
sources have been employed to crosslink selectively suitable polymers for, e.g.,
waveguide fabrication [99]. Incompatible polymer blends have been forced into cer-
tain demixing morphologies along pre-patterned surfaces [55]. Persistent structures
could be formed by laser radiation in various nonabsorbing polymer solutions, such
as polyisoprene in n-hexane [57, 58].

In the following we will describe a novel photothermal patterning technique that
relies on the Soret effect. The diverging Soret coefficient in a polymer blend close
to the critical point leads to a very strong coupling of the order parameter, the lo-
cal composition, to an externally prescribed inhomogeneous temperature field. This
opens an interesting route to the formation of arbitrary composition patterns within
an initially homogeneous polymer film. Since there is no photochemistry involved,
the whole process is fully reversible and structures can easily be erased by local or
global heating of the sample.

Our goal was to provide a detailed experimental characterization and numerical
modeling of the photothermal structure formation in a critical polymer blend. Since
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the transport coefficients, and in particular the Soret coefficient, strongly depend on
temperature and concentration, the structure formation is a highly nonlinear pro-
cess that requires a detailed knowledge of all relevant coefficients within a broad
parameter range. Since useful data on Soret coefficients for polymer blends were
not provided by previous works, we started with measurements of Soret coefficients
for our model system PDMS/PEMS within the entire one-phase regime above the
binodal [100].

3.1 Phase Diagram and Transport Coefficients

To be able also to measure off-critical mixtures down to the binodal within a
convenient temperature range, a mixture with a higher critical temperature than
for the previous investigation of the critical behavior has been chosen. The sys-
tem chosen was PDMS (Mw = 16.4kgmol−1, Mw/Mn = 1.10) and PEMS (Mw =
48.1kgmol−1, Mw/Mn = 1.19). It has a critical composition of cc ≈ 0.6 and a criti-
cal temperature of Tc ≈ 354K. The phase diagram of this mixture is shown in Fig. 7.
The cloud points (squares in Fig. 7), which separate the homogeneous from the
phase separated regime, define the binodal and have been determined by turbidime-
try. The spinodal and the color-coded Soret coefficient will be discussed later on.

The diffusion, thermal diffusion, and Soret coefficients for nine different PDMS
concentrations from c = 0.09 to c = 0.9 have been measured between the binodal
temperature and approximately 368 K. Figure 8 shows on the left side the diffu-
sion and thermal diffusion coefficients. The temperature dependences of the latter
are very well described as thermally activated processes according to (11) with a
common activation temperature Ta = 1,395K, which is very close to the 1,460 K
obtained for the critical blend in Sect. 2.

Fig. 7 Phase diagram of PDMS/PEMS (16.4/48.1). The cloud points that mark the binodal
(squares) have been obtained by turbidimetry. Pseudo-spinodal points are as explained in the text.
The color encodes the modulus of the Soret coefficient. Figure from [100]. Copyright (2007) by
The American Physical Society
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Within the pseudo-spinodal concept [11, 101] the diffusion coefficient of an off-
critical mixture is still described in a similar way to the diffusion coefficient of
the critical mixture. Only the critical temperature is now replaced by the temperature
Tsp of the spinodal:

D = a0
T −Tsp

T
exp(−Ta/T ) . (23)

In contrast to the critical temperature Tc, the spinodal temperature Tsp is well below
the binodal temperature for off-critical mixtures and can hardly be reached due to
prior phase separation. The diffusion coefficients in the upper left part of Fig. 8 have
been fitted by (23) with a fixed activation temperature determined from DT. The
binodal points in Fig. 8 mark the boundary of the homogeneous phase at the binodal.
The spinodal temperatures Tsp are obtained as a fit parameter for every concentration
and together define the (pseudo)spinodal line plotted in the phase diagram in Fig. 7.
The Soret coefficient is obtained from (11) and (23) as

ST =
DT

D
=

D0
T

a0

(
T −Tsp

T

)−1

(24)

and diverges at the spinodal temperature (Fig. 8, right).
Although the asymptotic critical regime with the Ising-like scaling exponents has

been neglected in this description, the fit curves in Fig. 8 are a reasonable parameter-
ization for all three coefficients in the one-phase regime. This parameterization then
serves as input for the numerical model. A more detailed discussion of the whole
procedure can be found in [100].



162 W. Köhler et al.

3.2 Writing Patterns into Polymer Films by Local Laser Heating

The huge Soret coefficient near the critical point can be taken advantage of for the
creation of compositional patterns by local heating. Figure 9 shows a setup that has
been used in experiments for writing compositional patterns in polymer blends. It
consists of an inverted phase contrast microscope equipped with a CCD camera.
A laser beam (λ = 515nm) can be coupled in via a telecentric lens system and a
galvano scanner, which allows for arbitrary computer controlled positioning of the
laser focus within the sample. The laser is focused down to r0 = 0.8μm and its
power can be adjusted between 0.1 and 100 mW. The sample cell is temperature
controlled and mounted on an xyz-stage. The polymer layer of Ls = 100μm thick-
ness is sandwiched between two 1 mm thick sapphire windows that are sealed with
a two component epoxy resin (Torr Seal). A small amount of dye (quinizarin) is
added for optical absorption. It does not change the critical temperature noticeably.

Pattern writing experiments have been performed with an almost symmetric
PDMS/PEMS (16.4/15.9) blend having a critical composition cc = 0.48 and a con-
venient critical temperature Tc = 290.15K. It has been shown in [100] in detail that
the parameterization of the transport coefficient determined for the higher PEMS
molar mass still yields a good description for this blend too after adjusting the criti-
cal concentration and taking (T −Tsp)/T as dimensionless temperature.

Fig. 9 Inverted phase contrast microscope equipped with a CCD camera and a laser. Galvano
mirrors allow for scanning of the laser focus across the sample
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The focused laser beam is scanned along an arbitrary path within the xy-plane
as sketched in Fig. 10. The perspective view with the cross section through the scan
path shown in Fig. 10a visualizes the color-coded concentration change due to the
Soret effect according to the numerical simulation discussed later on. On the right
hand side a phase contrast micrograph is shown where the word Soret has been
written into the polymer blend.

For a quantitative analysis a short line segment has been written at two differ-
ent distances ΔT = 1K and 11.5K above Tc, cf. Fig. 11. Because of the positive
phase contrast, a darker gray value translates into a higher refractive index. Hence,
the polymer with the lower refractive index (PDMS) is enriched within the bright
central region. Consequently, PEMS migrates in the opposite direction and causes a
dark fringe around the bright lines. This effect also leads to the darker halos around
the letters in Fig. 10. This observation is in agreement with the negative sign of ST

reported in Fig. 5 for PDMS/PEMS.
The initial linear growth is proportional to DT and identical for both distances

from Tc, cf. Fig. 11a, d. At longer times the line written at ΔT = 11.5K quickly
saturates, whereas the line written close to Tc continues to grow in intensity due to
the much larger Soret coefficient, as indicated in Fig. 11c, f.

z=50μm
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100 μm

c

b

x
z=−50μm z

laser

16 mm
section plane

scan path

30 mm

y

x
laser

a

z
y

x

Fig. 10 (a) 3D-sketch of the cell; cross section according to Fig. 12. (b) Sketch of the laser focus.
(c) The laser beam is scanned along the y-direction. Right: phase contrast image of arbitrary pattern
written into critical sample. The bright regions show an enrichment of PDMS, the dark ones a
depletion (enrichment of PEMS)

Fig. 11 Phase contrast micrographs of line segment written at 1K (upper row) and 11.5K (lower
row) above Tc into PDMS/PEMS blend of critical composition. Images in columns taken after 100,
300, and 2,000 s. Figure from [100]. Copyright (2007) by The American Physical Society
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The gray values in Fig. 10 and in Fig. 11 are 2D projections into the xy-plane.
Because of the phase contrast technique, they are approximately linear functions of
the integral over the refractive index along the z-direction. The temperature and con-
centration distribution and, hence, also the refractive index are fully 3D objects. The
high thermal conductivity of the sapphire windows enforces a constant temperature
boundary condition at the top and bottom windows.

3.2.1 Numerical Model

A more detailed picture of the 3D temperature and concentration distribution can
be obtained by an appropriate numerical model. Besides the diffusion equations for
heat and mass, convection caused by both thermal and solutal expansion needs to be
taken into account.

The temperature profile evolves according to the heat equation (5) with the heat
source supplied by absorption of the focused laser beam. An additional advection
term accounts for the influence of convection:

∂T
∂ t

+(v ·∇)T = ∇ · (Dth∇T )+
α
ρcp

I. (25)

The heating Gaussian laser beam is scanned along the y-direction. It enters the sam-
ple at z = −Ls/2 and creates an intensity distribution

I =
P0

A
exp

[
−2{x2 +(y− s(t))2}

r2

]
exp

[
−α

(
Ls

2
− z

)]
, (26)

A = πr2/2,

r2 = r2
0

[
1 +

(
λ z

πr2
0

)2
]
.

The temporally periodic scanning of the laser is described by s(t), which changes
from −Lline/2 to +Lline/2 linearly in time. For coordinate axes see Fig. 10.

As in the case of the heat equation, an advection term must be added to the
diffusion equation (3):

∂c
∂ t

+(v ·∇)c = ∇ · [D∇c + DTc(1− c)∇T ] . (27)

Convection is accounted for by the Navier–Stokes equation in the Boussinesq ap-
proximation

ρ0

[
∂v
∂ t

+(v ·∇)v
]

= −∇p +η0∇2v−ρgez (28)
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with the incompressibility condition

∇ ·v = 0 . (29)

The density changes because of both thermal and solutal expansion with expansion
coefficients βT = −(1/ρ)(∂ρ/∂T)c and βc = (1/ρ)(∂ρ/∂c)T, respectively:

ρ = ρ0[1−βT(T −T0)+βc(c− c0)]. (30)

ρ0 is the mean density at temperature T0.
Since the extension of the induced concentration profile in Fig. 11 along the

y-axis is much longer than along the other two directions, we assume translation
symmetry and restrict our description to a 2D model within the xz-plane. The inten-
sity of the laser beam is obtained by averaging (26) over the scan period:

I = (P0/A)exp

[
−2x2

r2

]
exp

[
−α

(
Ls

2
− z

)]
, (31)

A =
√
π
2

rLline

erf(Lline/
√

2r)
,

r2 = r2
0

[
1 +

(
λ z

πr2
0

)2
]

.

The high thermal conductivity of the sapphire windows ensures a fixed temperature
T = T0 at the boundaries z =±Ls/2 and x =±Lx/2. The boundary condition for the
diffusion equation is a vanishing flux at the walls (normal vector en):

en · [D∇c + DTc(1− c)∇T ] = 0. (32)

For the velocity one has a nonslip boundary condition at the walls: v = 0. The initial
conditions are T = T0, c = c0, and v = 0.

An expression for the transmitted light in ideal phase contrast imaging can be
found in [102, 103]. For a more detailed treatment it is also necessary to take the
finite width of the phase object into account [104], resulting in

ITr − ITr0

ITr0
= K

[
1 + p2 + t2 −2p(cosφ + t sinφ)

1 + p2 + t2 −2p
−1

]
,

φ =
2πLs

λhal

∂n
∂c

(c̄− c0). (33)

p2 = 1 and t2 = 0.4 are the relative amplitude transmittance of the polymer layer
and the microscope objective, respectively. φ = φ(x) is the phase shift induced in the
layer due to the concentration change, λhal = 550 nm is the wavelength of probing
light, ∂n/∂c =−2.3×10−2 is the contrast factor of the PDMS/PEMS mixture, and c̄
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Fig. 12 Vertical cuts (perpendicular to y-axis) through a linear structure written by the laser. (a)
Temperature profile. (b, d) Concentration profiles c(x, z) for a starting temperature of ΔT = 1K
above the critical temperature after 100 s and 2000 s. Part (c) visualizes like in (d) the temperature
and concentration for ΔT = 11.5K. The arrows are for visualization of the flow fields. Figure from
[100]. Copyright (2007) by The American Physical Society

is the concentration averaged over the layer thickness. K is treated as a fit parameter
[100]. The material parameters like viscosity, density, and expansion coefficients are
given in [100].

Figure 12 shows the result of the numerical solution of the model above. The im-
ages are cross sections through a written line perpendicular to the scan direction of
the laser. The vertical dimension, the z-direction, corresponds to a sample thickness
of 100μm. The stationary temperature distribution shown in Fig. 12a is reached very
rapidly. Figure 12b shows the concentration profile after 100 s. This image is shown
for a distance of ΔT = 1K above the critical temperature. The early-stage concen-
tration profile does, however, not depend significantly on the absolute temperature
because of the almost constant thermal diffusion coefficient. During the initial linear
growth period the concentration profile remains very sharp and resembles the profile
of the focused Gaussian laser beam. This seems surprising at a first sight, since the
driving temperature profile is already rather broad. It is, however, understood from
(27), which takes for short times the form

∂c
∂ t

∣∣∣∣
t→0

= DTc(1− c)∇2T . (34)

Hence, the early stage of the concentration profile is proportional to the Laplacian
of T (r,t) rather than the temperature field itself. From the stationary solution of
(25) it can be seen that ∇2T (r, t) is proportional to the laser intensity, neglecting
temperature dependences of the coefficients and convection in a first approach.

At longer times the concentration profile broadens and becomes more intense.
The two images at t = 2,000s clearly show the much stronger effect close to the
critical point, cf. Fig. 12d. Convection causes an asymmetry of the profile and a
detailed analysis shows that the main effect of convection is the solutal rather than
the thermal expansion of the mixture. Radiation pressure effects due to the laser en-
tering from below are approximately one order of magnitude smaller and negligible.
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Due to the optical volume heating and the high thermal conductivity of the sap-
phire, the strongest temperature gradient develops directly at the window surface.
Consequently, PEMS enriches mainly at the windows above and below the heated
channel rather than to the left and right, as one might first guess from the 2D
projection with the dark halos of Fig. 11. PEMS-rich regions appear darker in
Fig. 12.

The color-coding of the hot/cold colormap used in Fig. 12 for the concentration
profile can also be interpreted in terms of a refractive index map. The refractive
indices of the PDMS/PEMS mixtures are such that the bright channel in the cen-
ter, which corresponds to a PDMS enrichment, has a lower refractive index and
the PEMS-rich layers at the windows have a higher refractive index than the aver-
age mixture. However, there may exist other polymer blends where the sign change
of the refractive index is in the opposite direction. In this case, the channel-like
structures could be used as re-writable optical waveguides. The cladding layers,
which automatically form at the windows, would then be of low refractive index
and shield the channel from the high refractive index of the window material. Such
a structure is sketched in a perspective view in Fig. 13. Written structures are fully
reversible and can locally or globally be erased by heating. Long term stability
might be achievable with blends of a polymer with a low and a high glass tran-
sition temperature, where the dynamics comes to rest during the demixing process
[106]. As has been shown for concentrated polymer solutions, the Soret coefficient
is not influenced by the increasing viscosity in the vicinity of a glass transition
[107–110].

As a direct consequence of the strong temperature and composition depen-
dence of the Soret coefficient near the critical point, ST (and D) become position
dependent within the polymer layer. When the initially homogeneous sample of
critical composition is kept slightly above Tc, the very high value of ST leads to

x

y

z

Fig. 13 Perspective view of the channel-like structure of Fig. 12d. A different color coding has
been chosen for a better discrimination of the various regions. The PDMS-rich channel in the
center (red) is sandwiched between two PEMS-rich layers (blue). Figure from [105]. Reprinted
with permission of the author
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Fig. 14 Trajectory in the phase diagram for a vertical cut through the sample corresponding to
Fig. 12d. z = −50μm and z = −50μm correspond to the lower and upper window, respectively.
All volume elements of the sample reside inside the gray region. The inset shows the modulus of
the Soret coefficient plotted along the dashed trajectory

strong concentration changes even for small temperature gradients. When a volume
element is moved away from the critical point in the phase diagram, ST decreases
and the further excursion along the composition axis is efficiently limited.

In order to illustrate this nonlinear mechanism we have plotted the part of the
phase diagram occupied by the sample from Fig. 12d in Fig. 14 as a gray region.
The red bullet marks the initial position of the homogeneous sample just above the
critical point. The dashed curve is a trajectory that corresponds to a vertical cut
through the cell along the optical axis of the laser beam. Negative values of (c− c0)
correspond to PEMS, positive values to PDMS enrichment. The Soret coefficient
plotted along this trajectory shows a characteristic double peak structure. The two
maxima are very close to the position where the concentration crosses the average
value c = c0.

Figure 15 shows an example, where the temperature profile has not been cre-
ated by direct laser heating of the absorbing dyed polymer blend in the volume
but rather by optical heating of a colloidal gold particle of 200nm in diameter
[111]. Such a colloid then serves as a microscopic heat source that directly modifies
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Fig. 15 Phase contrast micrograph of laser-heated gold colloid (center) with PDMS enrichment
in the surrounding volume (bright) and PEMS accumulation at larger distance (dark). Only the
middle one of the three colloids is heated with a focused laser [111]

the composition of the surrounding polymer blend. The bright region around the
colloid, corresponding to PDMS enrichment, is surrounded by a faint darker ring
where PEMS, that is displaced from the immediate surrounding of the gold particle,
accumulates.

3.3 Quenching of an Off-Critical Blend by Local Heating

Important consequences of the strong coupling between inhomogeneous temper-
ature fields and local composition arise for situations where equilibrium phase
diagrams are applied to nonequilibrium systems [112]. Such scenarios have been
reported by a number of authors. Lee et al. studied spinodal decomposition in the
presence of a temperature gradient [16, 17]. Tanaka et al. investigated the influ-
ence of periodically driving the polymer mixture above and below the instability
point [74]. Meredith et al. employed a combinatorial method with perpendicular
temperature and concentration gradients in order to determine entire polymer phase
diagrams in a single experiment [113]. In the following it will be shown that rather
unexpected effects can occur in the presence of temperature gradients and that equi-
librium phase diagrams do not necessarily give a valid approach to nonequilibrium
conditions.

The experiments reported here have been performed with a PDMS/PEMS (16.4/
48.1) blend. The mixture is a UCST mixture with a critical composition of cc = 0.61.
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The diffusion, thermal diffusion, and Soret coefficients of this system are shown
in Fig. 8. Samples of two different off-critical compositions (c = 0.3 and c = 0.9)
were prepared. The temperature was set to a value of a few degrees above the bin-
odal. Hence, the sample was entirely within the homogeneous phase and one would
expect that heating could only drive the blend further into the stable one-phase
region.

This assumption is indeed true for equilibrium scenarios with a homogeneous
temperature distribution. Due to the coupling between heat and mass transport, laser
heating gives rise to completely different behavior and can even drive a UCST-
mixture locally from the homogeneous into the phase separated state.

The result of such laser writing experiments is shown in Fig. 16, where the fo-
cused laser beam has been scanned along simple paths, a line and a circle. The upper
two images correspond to the sample with c = 0.3 (left of the binodal), the lower
two to c = 0.9 (right of the binodal). The initial location of either sample in the
phase diagram is marked in Fig. 17 with bullets. All four images in Fig. 16 show
two distinct features. First, there is smooth variation of the gray values with lighter
values along the scan path. This reflects the writing with a concentration change due
to the Soret effect, similar to the scenario discussed for the critical sample. Addi-
tionally, there are localized droplets, which are characteristic for a nucleation and

Fig. 16 Forced demixing of an initially homogeneous off-critical PDMS/PEMS blend for c = 0.3
(upper row) and c = 0.9 (lower row)
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Fig. 17 Phase diagram of a PDMS/PEMS (16.4/48.1) blend. The dashed lines are the binodal and
the spinodal. The phase contrast micrographs show typical demixing patterns for spinodal decom-
position and nucleation and growth in the respective regions. The bullets mark the initial sample
positions. See text for details. Figure from [112]. Copyright (2007) by the American Chemical
Society

growth type demixing scenario. These droplets are bright and appear in the center
of the written line, corresponding to the hottest region, for c = 0.3. For c = 0.9 they
are darker than the average gray value and located at the periphery of the line. In
either case their number increases with exposure time.

The occurrence of demixing morphologies characteristic for the metastable
regime between the binodal and the spinodal can be understood from Fig. 17. The
red dot marks the initial position of the sample with c = 0.3. Upon laser heating
the temperature within the laser focus rises by ΔT and the distance to the bin-
odal first increases. A stationary temperature distribution is rapidly reached and the
Laplacian of the temperature field T (r, t) is obtained from the stationary solution of
the heat equation (5) with the power absorbed from the laser as source term:

∇2T = −α
κ

I. (35)
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Inserting this into the diffusion equation (3) gives an expression for the initial linear
growth rate of the concentration profile, where ∇2c ≈ 0:

∂c
∂ t

= −α
κ

DTc(1− c)I. (36)

Due to the negative Soret coefficient of PDMS/PEMS, the composition in the center
of the focus evolves towards higher PDMS concentrations and, hence, towards the
two phase region. The mixture crosses the binodal after a time

δt =
δc
∂t c

= −δc0 + δT (dTbin/dc)−1

DTc(1− c)Iα/κ
. (37)

δc0 is the initial distance to the binodal as defined in Fig. 17. (dTbin/dc) is the slope
of the binodal. δT = 2.5K has been obtained from a full 3D-simulation of the ther-
mal part of the problem. Details of this estimation, including estimations for all
missing parameters, are discussed in [112]. The estimated time δt ≈ 13s turned out
to be much shorter than the 7 min until first droplets could be observed. Possibly,
the much longer waiting time is owed to the metastability of the region between the
binodal and the spinodal.

The arrow pointing from the initial location at c = 0.3 to the left indicates the evo-
lution of the concentration away from the center of the heated line and at the window
surfaces, corresponding to the blue cladding layers in Fig. 12. These regions repre-
sent the cold side with a reduced PDMS and increased PEMS concentration that are
shifted further into the stable region, away from the phase boundary.

The situation is different for c = 0.9, where the PDMS-enriched central part is
stabilized and shifted away from the binodal. But now, the regions outside the central
area, where PEMS accumulates, cross the phase boundary into the metastable range.
The demixing by nucleation and growth is visible in the lower two micrographs in
Fig. 16 in the form of a halo of dark droplets around the written structures.

Due to the phase contrast technique, PDMS- and PEMS-rich areas can easily
be distinguished, as shown in the three micrographs inserted in Fig. 17. They show
characteristic demixing scenarios observed for samples homogeneously quenched
into the two-phase region. The image in the middle corresponds to a symmetric
spinodal demixing pattern. The image on the left side shows droplet formation char-
acteristic of the metastable region where PDMS-rich droplets form the minority
phase. They appear as bright spots with a dark background. Clearly, the forced
demixing of the samples with c = 0.3 in Fig. 16 corresponds to this scenario.

For samples with high PDMS concentrations c > cc the situation is the other way
round. The droplets of the PEMS-rich minority phase appear dark in front of a bright
background. The right micrograph in Fig. 17 and the samples with c = 0.9 in Fig. 16
correspond to this situation.

As a consequence of these experiments one has to realize that care is required
in situations where equilibrium phase diagrams are applied to nonequilibrium
situations [113]. Due to the coupling of heat and mass transport, the local
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concentration may change. An excursion along the temperature axis unavoidably
leads to a simultaneous excursion along the concentration axis. Due to the large
Lewis number, these two effects are characterized by very different characteristic
relaxation times.

4 Model for Phase Separation Including Thermodiffusion

A modified Cahn–Hilliard (CH) model [114] is used for the theoretical analysis of
the impact of thermal diffusion on phase separation by taking into account an in-
homogeneous temperature distribution, which couples to a concentration variation
via the Soret effect. The Flory–Huggins model is used for the free energy of bi-
nary polymer-mixtures. The composition is naturally measured in terms of volume
fraction φ of a component A, which can be related to the weight fraction c by

c =
φρA

φρA +(1−φ)ρB
, (38)

where ρA and ρB are the densities of the two polymers. For all polymer blends
considered in this study, the densities of the two components are assumed to be
similar and, therefore, volume and weight fractions can be considered to be identical
for all practical purposes. For an incompressible binary A/B mixture (ρ =const)
the continuity equation relates the space and time dependence of the local volume
fraction φ(r,t) to the total mass current J(r, t) and expresses the conservation of
mass in the system

∂φ(r,t)
∂ t

= −∇ · J(r, t)
ρ

, J = JD + JT. (39)

JD is the mass current caused by gradients of the chemical potential μ(= μA − μB)
and JT is the mass current due to the Soret effect in an inhomogeneous temperature
field T [76]

JD(r,t) = −ρM(∇μ)T, JT(r, t) = −ρDTφ(1−φ)∇T (r, t). (40)

M is the “mobility” of species A with respect to B and DT is the thermal diffusion
coefficient. Both are often treated as constants, although they are generally concen-
tration dependent.

In a Ginzburg–Landau model the chemical potential μ is related to the free en-
ergy functional F [φ(r,t)] by

μ =
δF [φ ]
δφ

,
F [φ ]
kBT

=
1
v

∫
dr

[
f [φ ]
kBT

+κ(φ)(∇φ)2
]
, (41)
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with the Boltzmann constant kB. The Flory–Huggins (FH) expression for the energy
of mixing of an incompressible binary polymer blend has the form [80]

f [φ ]
kBT

=
φ

NA
lnφ +

(1−φ)
NB

ln(1−φ)+ χφ(1−φ), (42)

where NA and NB describe the degree of polymerization (“chain lengths”) of the A
and B molecules, respectively. χ is the Flory interaction parameter that describes
the interaction strength between the two species A and B. Positive values of χ favor
phase separation. This contribution to the free energy has a double-well structure
in the two-phase region, and the temperature dependence of the coefficient χ is
commonly described by the phenomenological expression

χ = α+βT−1. (43)

α and β are empirical constants [115].
For positive values of κ(φ) the gradient term in (41) expresses the energy re-

quired to create an interface between A-rich and B-rich domains, and this energy
contribution is reduced by removing interfaces during the coarsening process in the
two phase region. In order to study the case of arbitrary distance from the critical
point, the concentration dependence of the gradient term κ(φ) in (41) is taken into
account by de Gennes’ random phase approximation [116, 117]:

κ(φ) =
1

36

[
σ2

A

φ
+

σ2
B

1−φ

]
, (44)

where σA and σB are the monomer sizes (Kuhn lengths) of the A and B components,
respectively.

Since we want to treat polymer blends subjected to an inhomogeneous tempera-
ture field (produced, e.g., by light absorption), the heat equation

∂T (r,t)
∂ t

= Dth∇2T (r, t)+
αλ
ρcp

I(r, t) (45)

has to be taken into account, where Dth is the thermal diffusivity. The heat source
term is proportional to the light intensity I that corresponds to the local illumination
of the polymer film. αλ is the optical absorption coefficient, ρ is the density, and cp

the specific heat at constant pressure. For typical polymer blends the Lewis number,
the ratio between the mass diffusion time and the temperature diffusion time, is
of the order of 103, and the heat equation (45) can be treated in the stationary limit
(neglect the time derivative of the temperature).

A mixture of composition φ0 is unstable against phase separation when f [φ ] has
negative curvature at φ = φ0. The critical point of spinodal decomposition in model
(42) is given by

φc = N1/2
B /(N1/2

A + N1/2
B ), χc = [N1/2

A + N1/2
B ]2/(2NANB), (46)
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such that the system is miscible for χ < χc and immiscible for χ > χc at the crit-
ical concentration. Close to (φc,χc) the expression for the free energy in (42) can
be approximated by a Taylor expansion with respect to the composition fluctuation
ϕ(r,t) = [φ(r,t)−φc] leading to the Ginzburg–Landau functional in terms of pow-
ers of ϕ (an irrelevant term linear in ϕ has been omitted)

FGL[ϕ ]
kBTc

=
1
v

∫
dr

[
1
2

bϕ2 +
1
4

uϕ4 +
1
2

K(∇ϕ)2
]
, (47)

where the coefficients are defined as

b = 2(χc − χ)≈ 2β
T 2

c
(T −Tc), u =

4
3
χ2

c

√
NANB,

K =
1

18

[
σ2

A(1 +
√

NA/NB)+σ2
B(1 +

√
NB/NA)

]
. (48)

Equations (39) and (45) in combination with (40) and (47) define our model close
to the critical point:

∂tϕ(r,t) =
MkBTc

v
∇2 [

b(T )ϕ+ uϕ3−K∇2ϕ
]
+ DTφc(1−φc)∇2T, (49)

Dth∇2T = − αλ
ρcp

I(r, t). (50)

ST = DT/D and D = (MkBTc|b|)/v are the Soret and the diffusion coefficient, re-
spectively. In the absence of thermal diffusion, (49) reduces to the well known
Cahn–Hilliard equation, which belongs to the universality class described by model
B [3]. In fact, (49) gives a universal description of a system in the vicinity of a
critical point leading to spinodal decomposition.

5 Temperature Modulations in the Two-Phase Regime

In this section it will be demonstrated how spinodal decomposition patterns in the
two phase region can locally be manipulated in a controlled way by heating a poly-
mer blend PDMS/PEMS by a focused laser beam. It will also be shown that the
essential spatial and temporal phenomena, as observed in the experiments, can only
be reproduced in numerical simulations if thermodiffusion (Soret effect) is taken
into account in the basic equations.

The polymer blend PDMS/PEMS with molar masses of Mw = 16.4 and
22.3 kg mol−1, respectively, is similar to the one which has previously been used
for the investigation of transport properties in the critical regime [81]. A 515 nm
and 20 mW laser was used for local heating. The blend with a PDMS weight frac-
tion of c = 0.536 is almost critical with a critical temperature of Tc = 37.7◦C.
A minute amount of an inert dye (quinizarin) was added for optical absorption at
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the wavelength of the laser. The thickness of the sample was 200μm, the beam
waist approximately 30μm, the optical density 0.1, and the temperature rise within
the beam center was estimated to be approximately 5 K. Images of the sample were
recorded by a microscope objective (7×) and a CCD camera, whose image sensor
was, without additional optical elements, within the image plane 50 cm behind the
objective. The horizontally oriented sample was illuminated with slightly divergent
white light from a cold light source, which produces an observable amplitude im-
age from a pure phase object. This method of imaging of spinodal decomposition
patterns in mixtures of nonabsorbing liquids of different refractive indices has been
discussed in detail in [118].

The sample was quenched into the two-phase region 0.5◦C below Tc and 120 min
later, where Fig. 18A was also taken, the laser beam was turned on at t = 0. At this

Fig. 18 Temporal evolution of a pattern in a polymer blend at T = 37.2◦C < Tc which was exposed
locally to laser light during the period 0 < t < 200 s. Images are taken at t = 0 (A), t = 300 s (B),
and t = 700 s (C). The corresponding images (a–c) are obtained by simulations with and the images
(α− γ) without taking the Soret effect into account. Figure from [119]. Copyright (2005) by The
American Physical Society
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moment the spinodal decomposition has already reached a progressed stage, and
the Fourier transform of Fig. 18A gives a characteristic length scale of the order
of 10 μm. At the time = 200 s the laser beam was turned off, and Fig. 18B was
taken at t = 300 s. Since the spatial concentration distribution of the two polymers
cannot be extracted quantitatively by direct imaging techniques, the gray scales of
the experimental images in Fig. 18 have been equalized for optimum contrast.

The spinodal pattern completely disappears in the area where the material was
heated by the laser beam beyond Tc. After the laser is switched off, this circular
pattern again survives for a long time (Fig. 18B, C) before a somewhat irregular
structure develops in this area. It slowly grows in diameter (Fig. 18C) and moves
away from the central spot like a spherical wave.

To analyze this phenomenon further, 2D numerical simulations of (49) and
(50) were performed using a central finite difference approximation of the spatial
derivatives and a fourth order Runge–Kutta integration of the resulting ordinary
differential equations in time. Details of the simulation technique can be found in
[114, 119]. The material parameters of the polymer blend PDMS/PEMS were used
and the spatial scale ξ = (K/|b|)1/2 and time scale τ = ξ 2/D were established from
the experimental measurements of the structure factor evolution under a homoge-
neous temperature quench.

The results of the simulations, including the Soret-effect, are shown in Fig. 18a–c
for parameters comparable to the experimental conditions. The dark and bright ar-
eas correspond, according to the basic equations, to the A- and B-rich phase. The
experimental images, however, are generated by an optical imaging technique, from
which only characteristic patterns and length scales are directly comparable. A good
quantitative agreement between the model and the experimental results could be ob-
tained for the time evolution of the central spot size. For comparison, simulations
were also performed without the Soret effect, cf. Fig. 18α − γ , by setting DT = 0
in (49). All other parameters of the model were kept constant and the same initial
conditions were used in Fig. 18a and Fig. 18α . In this case the laser heated spot is
driven into the one-phase regime during the laser light exposure, but the characteris-
tic features of the experimentally observed demixing pattern do not show up without
the Soret effect.

Our simulations clearly demonstrate that without thermally driven mass diffusion
the spatial variation of the control parameter b(T ) due to the local laser heating does
not provide the typical pattern evolution observed in the experiments. It is crucial
to take the Soret effect in the basic equations into account in order to reproduce the
phenomena observed in an experiment with local heating.

We have demonstrated that in the two-phase region the spinodal demixing pat-
tern can be locally manipulated on a mesoscopic length scale by local heating. The
smallest achievable structures are expected to be in the range of the diffraction limit
of the laser beam. These new effects are not limited to the cylindrical geometries
discussed here and may possibly open a new route towards the structuring of poly-
mer blends and towards the creation of gradient materials and embedded gradient
structures.
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6 Spatially Periodic Forcing of Phase Separation

A number of interesting effects occur in spatially periodically forced pattern forming
systems with a nonconserved order parameter, which have been investigated during
recent years [60–73, 120]. Here we focus on nearly unexplored effects of spatially
periodic forcing in system with a conserved order parameter, as they occur in phase
separating systems which are forced by spatial temperature modulations and where
thermodiffusion plays a crucial role.

Such forced phase separating systems can be realized, for instance, in optical
grating experiments on polymer blends with a spatially periodic light intensity
I(r,t) = I0 cos(qx) [44, 87]. Such a spatially periodic light intensity leads, together
with (50), to the equation

∇2T = −δT0q2 cos(qx), δT0 =
αλ

ρcpDth

I0

q2 , (51)

which determines the spatially periodic temperature field. The contribution ∇2T
in (49) can be replaced with this equation to obtain an additive spatially periodic
forcing contribution in (49). On this route dimensionless variables are introduced
by choosing the temperature T0 in the two-phase region as reference temperature
(T0 < Tc), leading to

r = r′ξ , ξ = (K/|b|)1/2 ; t = t ′τ, τ = ξ 2/D ; ϕ = ψ(u/|b|)−1/2. (52)

All quantities are evaluated at T0. Then, the rescaled equation for the order parameter
ψ(x,t) of the following form (primes are omitted) is obtained:

∂tψ(r,t) = ∇2 [−εψ+ψ3 −∇2ψ+ acos(qx)
]
, (53)

where

ε =
Tc −T
Tc −T0

, a =
DT

D

(
u
|b|

)1/2

φc(1−φc)δT0. (54)

Equation (53) describes the dynamics of phase separation in the presence of a spa-
tially periodic forcing following a quench from the stable one-phase region (ε < 0)
to a reference temperature in the two-phase region (ε > 0). In the following only
the case of a symmetric quench with

∫
drψ = 0 as initial condition at t = 0 will be

considered.
In the absence of the forcing (a = 0) the homogeneous solution ψ = 0 becomes

unstable for ε > 0 against linear perturbations ∼ exp(σ t + ik ·r) with wave number
k ∈ (0,

√
ε) and the growth rate σ = k2(ε−k2). The most unstable (fastest growing)

mode is characterized by km =
√
ε/2 with σm = ε2/4. If in a 2D phase separating

system the spatial extension in one direction is smaller than the wavelength of the
fastest growing mode, it can be considered as quasi 1D.
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6.1 Spatially Periodic Solutions and Their Stability

For positive values of the control parameter ε , stationary, spatially periodic solutions
ψs(x) = ψs(x + 2π/q) of (53) may be found with and without forcing. However, in
the case of a vanishing forcing amplitude (a = 0) in (53), this equation has a ±ψ-
symmetry and one has a pitchfork bifurcation from the trivial solutionψ = 0 to finite
amplitude periodic solutions as indicated in Fig. 19. In the unforced case, however,
periodic solutions of (53) are unstable for any wave number q against infinitesimal
perturbations that induce coarsening processes [114, 121].

For finite values of the modulation amplitude a the broken ±ψ-symmetry is in-
dicated in Fig. 19 for a = 0.01 by the dashed line and for a = 0.03 by the solid
line. While there are a trivial solution ψ = 0 and two finite solutions with identical
amplitudes but of opposite sign in the unmodulated case, there exist three periodic
solutions, A1, A2, and A3, of different amplitude in the forced case, as shown for
one period in Fig. 19b–d. These three different solutions have been determined by
solving (56) by a Galerkin method, namely by expanding the solution ψs(x) with
respect to periodic functions (Fourier series) and by solving the resulting nonlin-
ear equations for the amplitudes of the periodic expansion functions by means of a
Newton method. The A3- and A2-solutions are in phase with the external modulation
and the preferred A1-solution is shifted by half a period. One should also note that
the A1 solution already exists in the range ε < 0 and, therefore, in the one phase
region without forcing.
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Fig. 19 (a) The bifurcation diagram for spatially periodic solutions at a forcing wave number
q = 0.5 and modulation amplitudes a = 0 (dotted), a = 0.01 (dashed), and a = 0.03 (solid). (b)–(d)
The three solutions ψs(x) over one period corresponding to the different branches of the bifurcation
diagram for a = 0.03 and ε = 1. Figure from [122]. Reprinted with permission by Springer
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Besides the existence of the periodic solutions ψs(x) of (53), their stability is
also of interest. For this purpose we use as ansatz a superposition of the stationary
periodic solution ψs(x) and a time-dependent perturbation ψ1(x, t)

ψ(x,t) = ψs(x)+ψ1(x, t), ψ1(x, t) = eσtφ(x), (55)

where ψs(x) satisfies the equation

− εψs +ψ3
s − ∂xxψs + acos(qx) = 0 (56)

with periodic boundary conditions ψs(0) = ψs(2π/q). Substituting (55) into (53)
and linearizing this equation with respect to the perturbationψ1 we arrive at a linear
eigenvalue problem:

σφ = ∂xxL φ , L = −ε+ 3ψ2
s − ∂xx, (57)

where φ(x) can be represented in Floquet form

φ(x) = eisxφF(x). (58)

Here s is the Floquet exponent and φF(x) is 2π/q-periodic. For a given ε > 0 and q
we are interested in the largest real part of σ(s,a) and therefore in the growth rate
of the small perturbation ψ1(x, t) with respect to each stationary periodic solution
A1, A2, or A3. The neutral stability condition σ(a,s,q) = 0, which separates the
parameter range where the periodic solutions are stable from the unstable range, is a
condition to determine the critical forcing amplitude ã(s,q). For forcing amplitudes
larger than this the growth rate of the perturbation is negative and, therefore, the
stationary periodic solutions ψs are stable with respect small perturbations ψ1.

In the limit of small wave numbers of the forcing in comparison to the wave
number of the fastest growing mode of the unforced system, q/km 	 1, the station-
ary solution ψs can be determined and the neutral stability condition σ(a,s,q) = 0
can be solved analytically in a perturbative way (see [114] for details). With the
resulting analytical solution for A1 the following expression for the critical forcing
amplitude is obtained:

as(s,q) = [1 + cos(πs/q)]ε3/232(km/q)e−2πkm/q
[

1 +
(πq/km)2

24

]
. (59)

Since the amplitude as takes its maximum in the limit s → 0, the periodic solution
A1 becomes at first unstable for long wavelength perturbations.
φF (x) is calculated similar to ψs(x) by solving (57) by means of a Galerkin

method. In general, the neutral stability condition has to be solved numerically. One
finds that the stationary solutions A2 and A3 are always unstable with respect to small
perturbations. In Fig. 20 the forcing amplitude as(q), as given by (59) for s = 0, is
plotted (solid line) together with the corresponding numerical results (solid circles)
and the deviations between both are tiny.
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Fig. 20 The forcing
amplitude as above which the
periodic solution A1 is
linearly stable. The solid line
is the approximate analytical
result according to (59) and
the solid circles are obtained
numerically. The critical
amplitude ac above which the
evolution of the initially
homogeneous system after
the quench is locked to the
2π/q-periodicity of the
forcing (solid squares,
obtained numerically). The
results are given for ε = 1
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The stability of 2D stripe patterns that are periodic along the same direction (here
the x direction) as the forcing has been investigated numerically. For this purpose an
ansatz similar to the one in 1D has been chosen:

ψ1(x,y, t) = eσtei(sx+py)φF(x) , (60)

but now depending on two Floquet exponents: s (x-direction) and p (y-direction).
The linear stability analysis shows that additional transversal degrees of freedom do
not influence the stability boundary as, cf. Fig. 20, as obtained in the case of the 1D
model.

As mentioned above, for finite forcing amplitudes one already has periodic A1

solutions in the range ε < 0. But, when the system is quenched into the two-phase
region with ε > 0, where one may choose for reasons of simplicity ε = 1, the spin-
odal decomposition sets in and the late stage of the phase separation process depends
on the forcing amplitude a. It is an interesting question, for which parameter com-
binations the systems ends up in a A1 solution that is locked to the periodicity of the
external forcing, independent of the initial conditions before the quench.

This question has been investigated by numerical simulations of (53) in one spa-
tial dimension with a typical system size L = 512. In order to test the results for
their independence of the system size, we also made selected runs for L = 1,024
and 2,048. As initial condition we took small fluctuations around the homogeneous
(single phase) state ψ = 0 by assigning to each lattice site a random number uni-
formly distributed in the interval ±0.01. In order to average over random initial
configurations, 100 runs were performed for each parameter combination. The sim-
ulations show that there is a well-defined critical amplitude ac = ac(q), above which
the time evolution of the system always ends up in the stationary A1 solution that
is locked to the wavelength 2π/q of the external forcing, independent of the ini-
tial conditions. In Fig. 20 the critical amplitude ac(q) is shown (solid squares) as
obtained from the numerical simulations (ε = 1).

Since linear stability of the periodic solution of type A1 is a necessary condition
for it being an attractor one has ac(q)≥ as(q). For q approaching the fastest growing
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wave number km =
√
ε/2 one has ac(q) ≈ as(q) (see Fig. 20), which is actually

not surprising, and this value gives a reasonable estimate for ac(q) also for smaller
values of q.

6.2 Traveling Spatially Periodic Forcing

A spatiotemporal periodic forcing is a rather recent and interesting development for
exploring various facets of pattern formation in systems with nonconserved order
parameters [69–73]. But also in systems with a conserved order parameter, a forcing
traveling with the velocity v provides an interesting possibility to explore various
properties of phase separation dynamics. In particular, we consider the effects of
traveling spatially periodic forcing in the framework of our extended Cahn–Hilliard
model with thermodiffusion [see (49) and (50)]. Using dimensionless variables, as
introduced in (52), the modified CH equation is given by

∂tψ(r,t) = ∇2 {−εψ+ψ3 −∇2ψ+ acos[q(x− vt)]
}
. (61)

The forcing term acos[q(x − vt)] is caused by an interplay between a traveling
temperature modulation and thermodiffusion (Soret effect). Such a traveling spa-
tially periodic temperature modulation could be created for instance in optical
grating experiments [44, 87] with a light intensity of the form I(r, t)∼ cos[q(x−vt)].
Another possibility is to move a sample with a velocity v across a modulated temper-
ature field. The control parameter ε in (61) corresponds to a dimensionless distance
to the critical temperature of the binary mixture. Transformation of (61) in the frame
comoving with the traveling forcing x → x− vt gives

∂tψ(r,t) = ∇2 [−εψ+ψ3 −∇2ψ+ acos(qx)
]
+ v∂xψ . (62)

As was shown before, if phase separation is forced by a stationary and spatially pe-
riodic temperature modulation, the coarsening dynamics is interrupted above some
critical value of the forcing amplitude a and it is locked to the periodicity of the ex-
ternal forcing. However, if this forcing is “pulled” by a velocity v �= 0, the traveling
periodic solutions of (61) exist only in a certain range of v depending on a.

Thus we are interested in the conditions of the existence and stability of the
spatially periodic solutions ψs(x) = ψs(x + 2π/q) of (62) in the comoving frame.
The nonlinear solutions and the bifurcation diagram as given in Fig. 19 are only
slightly changed by a small traveling velocity. However, with increasing values of
v a phase shift Δφ between the periodic forcing ∼ cos(qx) and the solution ψs(x)
occurs. The maximum phase shift that can be achieved is about Δφm = π/2 at a
certain velocity vex above which a solution does not exist. Consider ψs(x) being a
2π/q-periodic solution of the following equation:

∂xx
[−εψs +ψ3

s − ∂xxψs + acos(qx)
]
+ v∂xψs = 0. (63)
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Equation (63) can be integrated twice. Using the periodicity of ψs an integration of
the resulting equation with respect to the interval (0,2π/q) gives

aq

2π/q∫

0

sin(qx)ψs(x)dx− v

2π/q∫

0

ψ2
s (x)dx = 0. (64)

Clearly, the maximum velocity vex, at which the periodic solution ψs still exists,
corresponds to the solution which is shifted by π/2 with respect to the forcing, i.e.,
for ψs ∼ sin(qx).

The linear stability analysis of periodic solutions ψs(x) of (63) with respect to
small perturbations have been performed numerically (see [122] for details). It has
been found that the solutions A2 and A3 are again always unstable, whereas the A1-
solution can be stable in a certain range of the parameters. For given values of ε
and q the modulation amplitude a has to exceed a certain value as(q) (see Fig. 20) to
stabilize the A1-solution. If the traveling velocity v is smaller than a critical velocity
vc(ε,a,q), the A1 solution remains stable. The critical velocity vc(ε,a,q) is given
by the solid line in Fig. 21 and for v > vc(ε,a,q) the spatially periodic solution is
linearly unstable. The onset of instability occurs for small values of the Floquet ex-
ponent s → 0, i.e., it belongs to a long-wave perturbation as in the case of v = 0.
In Fig. 21 the boundary of the existence range of periodic solutions vex(ε,a,q) is
also shown as obtained approximately from (64) (dashed line) and by a full numer-
ical simulation (dotted line). Since the stability boundary (solid line) always lies
below vex, the periodic solution always becomes unstable before the existence range
is reached.

The temporal evolution of ψ(x, t) in the laboratory frame, as described by (61)
in the 1D case, is shown in Fig. 22 for three regimes of the traveling forcing start-
ing with the initial condition ψ = 0 and superimposed with small-amplitude noise.
In Fig. 22a the velocity is sufficiently small and belongs to the range where the

Fig. 21 Above the solid line
the spatially periodic solution
is unstable. The dashed line
marks the existence boundary
above which the spatially
periodic solution does not
exist due to the criterion
given by (64). The
dot-dashed curve marks the
existence boundary obtained
numerically from (63). The
parameters are ε = 1 and
q = 0.5
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Fig. 22 Temporal evolution of phase separation for v = 0.015 < vc (a), vc < v = 0.0185 < vex
(b), and v = 0.02 > vex (c). The other parameters are ε = 1, q = 0.5, and a = 0.04. Figure from
[122]. Reprinted with permission by Springer

solution is locked to the traveling forcing. In Fig. 22b the velocity is chosen in the
range vc < v < vex, where the solution locked to the traveling forcing still exists,
but where it is linearly unstable. In this parameter range the solution is locked dur-
ing the initial period of phase separation before coarsening takes over. In Fig. 22c
the temporal evolution of phase separation is shown for v > vex, where the locked
solution does not exist anymore. At this velocity an interesting pinning-depinning
behavior can be observed during the initial stage of phase separation. One still has
a traveling periodic solution with the same wave number as the forcing but with a
velocity smaller than the velocity of the forcing. Due to the velocity mismatch, the
phase shift between the solution and the forcing is slowly increased before it reaches
about half of the forcing period. From that moment the periodic solution practically
stops moving (pinning) until the forcing shifts over the next half of the period. After
that, the solution starts moving again (depinning) and the process repeats itself a few
times. Later on the wavelengths of the solution and the forcing become different and
the coarsening takes place.

6.3 Periodic Patterns in 2D

In two spatial dimensions phase separation can become more complex due to ad-
ditional degrees of freedom and their consequences are investigated by extended
simulations of (53) in two spatial dimensions. We have characterized the simulated
patterns by the structure factor

S(k,t) = |ψ̂(k, t)|2, ψ̂(k, t) =
∫

dreik·rψ(r, t), (65)

which can also be measured experimentally and allows direct comparison between
experimental and theoretical results. For the unforced case (standard Cahn–Hilliard
equation) the structure factor is isotropic S = S(|k|, t) and possesses at long times
the universal scaling behavior S(k, t)∼ l(t)dG[kl(t)], where the characteristic length
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of the domains evolves in time as l(t) ∼ t1/3 (for d ≥ 2) [123]. By the spatially
periodic forcing the rotational symmetry is broken in the plane and one may expect
an anisotropy of the structure factor. The average domain length in the x and y
directions can be related to the characteristic length scales

lx(t) = [〈kx〉(t)]−1 , ly(t) = [〈ky〉(t)]−1 , (66)

where

〈kx〉(t) =
∫

dkxS(kx,0, t)kx∫
dkxS(kx,0, t)

, 〈ky〉(t) =
∫

dkyS(0,ky, t)ky∫
dkyS(0,ky, t)

. (67)

Numerical simulations of (53) were performed using a central finite difference
approximation of the spatial derivatives with fourth order Runge–Kutta integration
of the resulting ordinary differential equations in time. The typical system size was
Lx = Ly = 256. Some test runs were made with Lx = Ly = 512 and 1,024. We used
a uniform mesh size δx = δy = 1 and time step δt = 2× 10−2. The accuracy of
the calculations was checked by choosing δx = δy = 0.5 and δt = 2× 10−3. The
dynamics of spinodal decomposition was computed over 6 − 7 decades in time,
which allows monitoring of the late stages of the phase separation process. Starting
with random initial conditions with |ψ | < 0.01, the characteristic length dynamics
was calculated by averaging over 100 runs.

Without driving (a = 0) one has the typical scenario of spinodal decomposi-
tion and there is no anisotropy in the behavior of lx and ly (Fig. 23). Thus, small
perturbations grow exponentially and at about t ∼ 15 (not shown) a nonlinear satu-
ration of the fastest growing mode becomes important and sharp domain boundaries
form. At about t ∼ 30 the late stage coarsening starts and the well-known scaling
lx ∼ ly ∼ t1/3 is observed. In Fig. 24 snapshots of the phase separation process are
presented for a particular run.

Fig. 23 Dynamics of the
characteristic length scales
lx(t) and ly(t) without forcing
(a = 0). System size
Lx = Ly = 256, ε = 1
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Fig. 24 Snapshots of the phase separation process. The same parameters as in Fig. 23

Fig. 25 Dynamics of the
characteristic length scales
lx(t) and ly(t) for the driving
amplitude a = 0.05 well
above the critical. System
size Lx = Ly = 256, ε = 1,
q = 6π/Lx
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Fig. 26 Snapshots of the phase separation process. The same parameters as in Fig. 25

We have found that in the 2D case, similar to 1D, there exists a critical driving
amplitude ac above which the spinodal decomposition ends up in the stationary
periodic solution: a striped structure with the period of the forcing. The critical
amplitude turned out to be about three to five times larger than in the 1D case. In
particular, for q = 6π/Lx with Lx = 256 one has in 2D ac = 0.014 whereas for 1D
ac = 0.0045. Thus, for 2D the upper curve in Fig. 20 moves slightly upward (the
linear stability curve as remains unchanged).

In Fig. 25 the dynamics of the characteristic length scales lx and ly is presented
for the case a = 0.05 > ac. Typical snapshots are shown in Fig. 26. The peculiar
nonmonotonic behavior of lx at early times can be understood as follows: in the lin-
ear range the noise-initiated fastest mode grows exponentially as ψ0 exp(t/4) and
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the forced modulation with wave number q grows linearly as at (its exponential
growth is small); see (53). Thus, shortly after the quench the fastest mode deter-
mines the average domain size. At a time t1 = (ψ0/a)exp(t1/4) ∼ ψ0/a = 0.2
there is a crossover, beyond which the anisotropy becomes strong and lx reaches
a plateau that is controlled by the wave number of the forcing. Eventually, beyond
t2 = (ψ0/a)exp(t2/4)≈ 18, the exponential growth of the fastest mode wins, which
leads to a drop of lx. Although at this time nonlinearities are already noticeable,
the suppression of the effect of the forcing remains. Subsequently there is essen-
tially isotropic coarsening until lx saturates at 1/q. After this (t > 500) the ordering
in the y direction becomes exponentially fast. The late stage remains basically un-
changed if the forcing is turned on as late as t ∼ 80, where the average domain size
has reached half the driving period. At a later time a forcing amplitude a = O(1) is
needed to generate the periodic state.

In Figs. 27 and 28 we also show the dynamics of the characteristic length scales
and snapshots for a driving amplitude slightly below the critical one. One can see
that at t ∼ 103 there is competition between the influence of the forcing and the
coarsening process, which finally wins.

The situation considered here should be applicable to experiments on spinodal
decomposition in sufficiently thin polymer films with small periodic temperature
modulations created by means of an optical grating technique or by local laser

Fig. 27 Dynamics of the
characteristic length scales
lx(t) and ly(t) for the driving
amplitude a = 0.01 slightly
below the critical. System
size Lx = Ly = 256, ε = 1,
q = 6π/Lx
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Fig. 28 Snapshots of the phase separation process. The same parameters as in Fig. 27
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Fig. 29 Temporal evolution of one single line (I) (written from t = 0s until t = 2,074s at 1.3 K
below Tc, laser-power 1mW). 21 parallel lines (II) (written from t = 0s with 8 mW at 1.5 K below
Tc; “on” and “off” refer to switching of the laser; “boundary” means that only the outermost lines
are written in order to stabilize the central part of the pattern; see text for details)

heating. Then, for polymer blend layers of thickness less than a few micrometers,
the temperature variation across the film can be neglected for sufficiently small
under cooling. Figure 29(I) shows the time evolution of one single line written into a
PDMS(16.4 kg mol−1)/PEMS (22.0 kg mol−1) blend (c = 0.512g/g, Tc = 314.7K,
α ≈ 500m−1, film thickness 100μm) at a temperature 1.3 K below Tc and a laser
power of 1 mW. The width of the laser focus is about 1.6μm and the length of
the line almost 140μm. Obviously, it is not possible to write a stable line into the
sample. After approximately 1,000 s surface tension effects lead to a pearling insta-
bility that eventually dominates the structure formation.

Figure 29(II) shows the result if multiple parallel lines are written instead of
a single one. A grid pattern evolves with a period comparable to the length scale
of the already coarsened spinodal pattern. This grid pattern is stable as long as
the writing process continues (A). Turning the laser off for 360 s leads to a begin-
ning degradation (B), but continued writing again stabilizes the imposed structure
(C). After turning the laser off, some deformations due to bulging of the left- and
rightmost grid lines is observable (D). Continued writing of only the outermost
(longer) lines allows for a continued stabilization of the central grid pattern (E). Af-
ter switching the laser off, surface tension takes over and all parallel lines eventually
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decay into spherical structures. Although the patterns observed in these experiments
show many similarities to the 2D simulations, we have not attempted a quantitative
modeling because of the nonnegligible thickness of the polymer film, asking for a
full 3D description.

7 Directional Quenching

With directional quenching we present an effective mechanism to induce periodic
stripe patterns in phase separating systems, where the wavelength of the patterns
is uniquely selected by the velocity of a quench interface. If an additional spatially
periodic modulation of the quench interface is introduced, cellular patterns can also
be generated.

For the description of phase separation we choose again the generic Cahn–
Hilliard model in one spatial dimension [124, 125]

∂tψ = ∂xx(−εψ+ψ3 − ∂xxψ), (68)

where the real order parameter ψ(x, t) is a measure for the difference of the concen-
tration of one component from its value at the critical point and ε is the control
parameter. Here, as in our first approach in [126], thermodiffusion effects are
neglected.

Directional quenching is achieved by changing ε from a negative value at x < xq

to a positive one for x > xq, where the point xp(t) moves in the laboratory frame
with the velocity v:

ε(x, t) =
{−ε , x < −vt ,

+ε , x > −vt .
(69)

By this moving jump of the control parameter the system is divided into a stable
and an unstable region. Numerical simulations of the 1D model in (68) and with the
directional quenching (69) show that a periodic solution develops behind the quench
interface in the unstable region. Typical examples for large and small values of the
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Fig. 30 Solutions of (68) for ε = 1 with the quench interface (69) in the comoving frame at x = 0
for v = 2 > v� (a) and for v = 0.02 	 v� (b). Only part of the system of the total length lx = 4,096
is shown [126]



190 W. Köhler et al.

Fig. 31 Period of kink lattice
Λ = 2π/q multiplied by the
velocity v of the quench
interface as a function of v for
ε = 1 (solid circles with a
solid line as a guide to the
eye); v� = 1.622 from (71).
The dashed line corresponds
to (72) [126]
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velocity v of the quench interface are shown in Fig. 30. For v above some critical
value v�, the periodic solution detaches from the moving quench interface and the
wavelength of the solution becomes independent of v, cf. Fig. 30a. In contrast, for
v < v� the solution remains attached to the quench interface and the wavelength
is uniquely determined by v. Decreasing v, the solution develops into a periodic
kink lattice (sharp changes between ψ = ±√

ε), where new kinks are continuously
generated at x = xq(t) = −vt (Fig. 30b). The period of the solution, Λ , turns out
to be uniquely defined by the velocity of the quench interface, which is shown in
Fig. 31. For v → 0 one has Λ ∼ 1/v, whereas for v > v� one finds Λ = 2π/q�.
Although the periodic solutions far away from the moving quench interface are in
principle unstable against period doubling, the coarsening is extremely slow for
patterns generated with q	 km [see (70)]. Thus the extension Lp of the (quasi-ideal)
periodic solution behind the quench interface can be estimated as Lp = vΔtp ≈ v/σp,
where σp is the growth rate of the unstable period doubling mode given as [114, 121]

σp = ε216exp(−2πkm/q)/(πkm/q). (70)

The two limiting cases of large and small values of the velocity v of the quench
interface can be determined analytically. For large v we consider, for instance, the
initial condition ψ = 0 everywhere except a hump with ψ > 0 localized near x = 0.
Then, the time evolution of this initial perturbation is governed by the motion of
wave fronts to the left and to the right with a well-defined velocity v� and wave
number q�. These quantities can be calculated by a linear stability analysis of the
leading edge of the front in the comoving frame [126]:

v� =
√

7+ 2
3

(
2
3
(
√

7−1)
)1/2

ε3/2, q� =
3(
√

7+ 3)3/2

8
√

2(
√

7+ 2)
ε1/2. (71)
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The phase velocity and the wave number of the propagating periodic solutions, as
obtained from the numerical simulations of (68), are independent of v in the range
v > v� and agree perfectly with v� and q� as given by (71).

In the opposite limit (v → 0) our starting point is a stationary solution of (68) for
v = 0, interpolating between ψ = 0 at x < 0 and ψ =

√
ε at x > 0. It is characterized

by a sharp front at x ≈ 0. If the quench interface according to (69) starts to move,
the sharp front will follow at first. But since the spatial average 〈ψ〉 is conserved,
regions with ψ < 0 have to be generated in the region x > xq, which leads to the
formation of a kink lattice (Fig. 30b). The kink-lattice formation can be understood
in terms of a fast switching stage and slow pulling stage: first a new kink is generated
in a short time at x ≈ xq. During the slow stage this kink is pulled by the quench
interface whereby its amplitude and the distance to the next kink behind increase
until it exceeds some limiting value, and then a new kink is generated. Repeating
this process a regular kink lattice develops in the wake of the quench interface with
the period Λ , which is uniquely determined by the velocity v of the moving quench
interface (Fig. 31). The equilibrium period Λ can be calculated in the framework of
a boundary layer problem that gives [126]

Λ =
4
√

6
9

ε
v
≈ 1.088

ε
v
, (72)

in perfect agreement with the results of numerical simulations in the limit v → 0
(Fig. 31).

The generalization of the analysis to the off-critical quench, 〈ψ〉 �= 0, is
straightforward and the expressions (71) for v� and q� hold with the replace-
ment ε → ε − 3〈ψ〉2. In the limit v → 0 the distance λ+ between two kinks in
the range ψ > 0 becomes different from the kink-distance λ− for ψ < 0. We find
λ+−λ− = 〈ψ〉Λ/

√
ε and for the resulting period Λ of the kink lattice,

Λ ≡ λ+ +λ− =
2
v

[
2

√
6

9
ε+(8−25

√
6

9
)〈ψ〉2

]
. (73)

Similar to the case 〈ψ〉 = 0, we have confirmed the results in (73) by numerical
simulations of (68) for 〈ψ〉 �= 0 in the limit v → 0.

Let us now consider the 2D case ψ(x,y, t), where we numerically study the 2D
version of the CH equation (68):

∂tψ = ∇2(−εψ+ψ3 −∇2ψ) (74)

with the moving quench interface (69). Zero flux boundary conditions have been
used at x = 0, lx and periodic boundary conditions at y = 0, ly. Initially the quench in-
terface is located at xq = lx, moving from right to left. The system size was lx = 512,
ly = 256, and we start with the homogeneous solution ψ = 〈ψ〉 with small su-
perimposed noise of the strength δψ where δψ 	 √

ε and δψ 	 〈ψ〉. Thus the
well-known Ginzburg criterion, necessary for the validity of a mean-field descrip-
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Fig. 32 Snapshots of the phase separation in 2D at the time when the quench interface (69) (ε = 1)
almost reaches the left boundary. 〈ψ〉 = 0: v = 0.01 (a), v = 0.47 (b), and v = 1 (c). 〈ψ〉 = 0.1:
v = 0.02 (d), v = 0.1 (e), and v = 1 (f)

tion of a phase separation process [5], is satisfied: in fact, the dynamics does not
depend on the particular choice of δψ .

In the case of the critical quench 〈ψ〉= 0, the orientation of the domains depends
on the velocity of the quench interface (Fig. 32a–c). At small v, periodic patterns
with domains perpendicular to the quench interface are formed (Fig. 32a). Then, for
v above vc ≈ 0.45, the 1D stripe patterns parallel to the quench interface appear
(Fig. 32b–c). Finally, v > v� eventually leads to irregular patterns similar to the case
of a spatially homogeneous quench.

In contrast, for the off-critical quench (〈ψ〉 �= 0 when v < v�) regular stripe pat-
terns with domains parallel to the quench interface were always found (Fig. 32d–f).
This situation is covered by a 1D analysis presented before where the period of
the structure is uniquely determined by the velocity of the quench interface. In the
limit v → 0 the periods of the patterns found in our numerical simulations agree
with (73). For v > v� irregular coarsening patterns, similar to the case of a spatially
homogeneous quench, are observed.

Finally, we have studied the influence of a periodic modulation

ε(x,y,t) =
{−ε , x < lx + acos(py)− vt ,

+ε , x > lx + acos(py)− vt
(75)

of the quench interface. In the case of a critical quench we found that the velocity vc

at which the transition from perpendicular stripe patterns (Fig. 33a) to parallel ones
(Fig. 33c) occurs depends on the modulation amplitude a. This dependence is very
strong for values a of the order of the typical domain size at the initial stage of phase
separation (a ∼ λm = π/km). Furthermore, vc decreases with decreasing modulation
wavenumber p. For p smaller than the wavenumber km of the fastest growing mode,
patterns with a cellular morphology forming behind the moving quench interface
have been found (Fig. 33b).
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a b c
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Fig. 33 Snapshots of the phase separation in 2D at the time when the modulated quench interface
(75) (ε = 1, a = 4, p = π/16) almost reaches the left boundary. 〈ψ〉 = 0: v = 0.01 (a), v = 0.05
(b), and v = 1 (c). 〈ψ〉 = 0.2: v = 0.05 (d), v = 0.2 (e), and v = 1 (f)

In the case of an off-critical quench we found that 〈ψ〉 �= 0 favors the formation of
regular cellular planforms (Fig. 33e) at intermediate velocities of the quench inter-
face, in analogy to the transition from perpendicular to parallel stripes for 〈ψ〉 = 0.

Thus, we have demonstrated that directional quenching in the CH model leads
to the formation of periodic solutions with the wavelength uniquely selected by
the velocity of the quench interface. Controlling phase separation by directional
quenching turns out to be a promising tool to create regular structures in material
science. Although in principle slow coarsening cannot be avoided by directional
quenching, long lived periodic patterns can be “frozen in”, e.g., by a deep quench,
induced polymerization, or chemical crosslinking.

8 Summary and Conclusions

For critical and off-critical PDMS/PEMS polymer blends with an upper critical
solution temperature UCST Tc we investigated the coupling between an inhomoge-
neous temperature field and the order parameter, describing the local composition.
In the asymptotic critical regime close to Tc, for ε = (T −Tc)/Tc < 0.02, the sys-
tem belongs to the 3D Ising universality class. Further away from the critical point,
for ε > 0.02, there is a crossover to the classical mean field behavior. Since the
employed transient holographic grating technique works at significantly smaller
q-values than typically encountered in PCS, the asymptotic critical scaling law of
the diffusion coefficient D could be observed much closer to Tc without a conflict
between the increasing correlation length ξ and the length scale defined by q−1.
A consistent description of D over a broad temperature range is based on a crossover
model developed by Jacob and Kostko with an activation energy of the viscosity de-
termined from the temperature dependence of the thermal diffusion coefficient DT

(Fig. 3). The thermal diffusion coefficient DT shows no critical slowing down and its
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temperature dependence can be described by a simple Arrhenius law with identical
activation energies both for critical and off-critical mixtures. As a consequence of
the insensitivity of DT to the critical point and the critical slowing down of D, the
Soret coefficient ST = DT/D of a critical blend diverges on approach of Tc with an
exponent of −0.67 in the asymptotic critical regime and with and exponent of −1,
characteristic for the structure factor, in the mean field regime (Fig. 5).

Close to the critical point the mixture becomes very susceptible to external
perturbations, and only moderate temperature gradients are sufficient to induce
significant concentration changes. The highest Soret coefficients measured exceed
the values typically found for mixtures of organic solvents, consisting of small
molecules, by four to five orders of magnitude. The high susceptibility of the order
parameter opens the possibility for writing almost arbitrary composition patterns
into a polymer blend by heating with a focused laser beam that can be scanned
across the sample. These patterns can then be visualized by phase contrast or dif-
ferential interference contrast microscopy. Because of the excursions along both the
temperature and the concentration axes, a full numerical model requires as input the
knowledge of both diffusion coefficients D and DT over the entire concentration and
temperature range of the homogeneous phase. The measured data have been inter-
polated within the framework of the pseudo-spinodal concept. These data are shown
in Fig. 8, and PDMS/PEMS is up to now the only polymer blend where these co-
efficients are available not only for a critical composition but also for the entire
one-phase regime.

Numerical modeling shows that very sharp and localized structures are formed
during the initial linear growth regime, although the driving temperature profile has
already reached its broadened stationary shape. This at first sight surprising effect
can be rationalized by recalling that the evolution of the concentration profile is
driven by the Laplacian of T (r, t) rather than the temperature itself. At later times,
solutal convection largely exceeds thermal convection and leads to asymmetric ver-
tical cross sections of the patterns even for only 100μm thick samples (Fig. 12).

The coupling of the order parameter to the temperature gradient also leads to un-
expected excursions along the concentration axis in the case of off-critical mixtures.
As a consequence, equilibrium phase diagrams lose their usual meaning in thermal
nonequilibrium situations, and even an off-critical blend with a temperature above
the binodal can be quenched into phase separation by local heating with a laser
beam.

After crossing the spinodal from the homogeneous into the two-phase regime,
spinodal decomposition sets in and leads to characteristic bicontinuous spinodal
patterns with a characteristic length scale that growths during the coarsening stage.
The strong Soret effect can not only be utilized to write composition patterns within
the homogeneous phase but also opens a route for a controlled local manipulation of
the spinodal decomposition patterns below Tc (Fig. 18). After switching the writing
laser off, such an enforced perturbation freely evolves in time in competition with
the coarsening dynamics of the unperturbed spinodal pattern.

Theoretically we have employed a generalized Cahn–Hilliard model to describe
the effects of stationary and traveling spatially periodic temperature-modulations
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as well as the effects of moving quench interfaces on spinodal decomposition in
binary fluid mixtures and polymer blends. In several phase separating systems, such
as the polymer blends investigated experimentally in this work, thermodiffusion
plays an important role in the presence of inhomogeneous temperature distributions.
Since the model takes thermal diffusion into account, we were able to reproduce the
essential features of spatio-temporal dynamics observed in experiments on thermal
patterning of polymer blends in the two-phase regime.

In such systems, spatial temperature modulations may cause, via the thermodif-
fusion effect, concentration modulations in the composition of the polymer blend
already above the critical temperature. If the mean temperature crosses the criti-
cal temperature from above, phase separation sets in. However, a spatially periodic
temperature modulation changes the phase separation process in polymer blends
considerably.

If the modulation amplitude of the temperature exceeds a critical value, the
spatially periodic forcing interrupts phase separation and the periodicity of the con-
centration modulation is locked to the wavelength of the temperature modulation.
In the case of a traveling temperature modulation, the critical modulation amplitude
required for locking the concentration modulation with respect to external forcing
depends on the traveling velocity. In a certain parameter range one observes transient
locking phenomena of the concentration modulations with respect to the external
forcing. If the modulation amplitude is smaller than the critical one, the coarsening
processes may be accelerated considerably by traveling temperature modulations in
the two-phase regime.

For systems where thermodiffusive effects can be neglected, we have presented
results on the effects of directional quenching where the control parameter jumps
the critical temperature from above to below and where the location of the jump is
moved with a finite velocity v. We have shown how, by this method, regular struc-
tures are created during the process of phase separation behind the moving quench
interface. Moreover, it was shown that the wavelength of periodic stripe patterns is
uniquely selected by the velocity of the quench interface. If an additional spatially
periodic modulation of the quench interface is introduced, cellular patterns can also
be generated.
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Abstract Foaming of multiphase blend systems can be identified as a promising
approach to satisfy the steadily growing demand for cellular materials with en-
hanced properties. However, combining the sophisticated fields of polymer blends
and polymer foams not only offers great chances, but also poses a significant
challenge, as the multiphase characteristics of blends and the complexity of foam
processing need to be taken into account. Therefore, the foaming behavior of
polymer blends is systematically analyzed, correlating the blend structure and
the physical characteristics of reference systems to their foam processability and
resulting foam morphology. The cellular materials are prepared via batch-foam
processing, using carbon dioxide as a blowing agent. Starting with an immiscible
poly(2,6-dimethyl-1,4-phenylene ether)/poly(styrene-co-acrylonitrile) blend, path-
ways to tailor the foaming behavior via controlling the micro- and nanostructure of
such blends are developed; strategies aiming at reducing the cell size, enhancing the
foam homogeneity, and improving the density reduction. As a result of adjusting the
blend structure over multiple length scales, cooperative foaming of all blend phases
and cell sizes down to several hundred nanometers can be achieved. In the light of
the results presented, a general understanding of foaming multiphase blends is de-
veloped and guidelines for the selection of blend systems suitable for foaming can
be deduced.
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1 Introduction

The term foam is defined as a gaseous void surrounded by a much denser continuous
matrix, generally a liquid or a solid phase. As a result of the distinct characteristics of
the two phases, such cellular materials are able to feature unique properties. Since
nature successfully demonstrated their use in manifold examples, such as bones,
wood, plant stalks, cork, and sponges, foams have also sparked interest for tech-
nical application. Nowadays, a broad range of cellular materials based on metals,
ceramics as well as polymers, is readily available, and their structures are as versa-
tile as their applications.

In the early 1930s, the first synthetic polymer foams based on polystyrene (PS)
mark the beginning of the era of cellular polymers. Thenceforward, foaming of
polymers has evolved into a highly sophisticated field, both from the technolog-
ical and scientific points of view. As a result, today’s foams are able to cover a
wide range of applications. Their use as light-weight materials is a prominent ex-
ample, e.g., allowing the reduction of consumption of fossil fuels in transportation.
Other applications aim at exploiting their peculiar physical characteristics, such
as low thermal conductivity for heat insulation, good acoustical insulation, and
damage-absorbing behavior. Moreover, foams are also used for even more special
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applications, e.g., open-porous membranes or sensors. The success of cellular poly-
mers is also reflected in their market volume, which already exceeds bulk polymers
when regarding the volume-based consumption.

Foamed plastics can be classified in different ways, for instance by their nature
(flexible vs. rigid), chemical composition of the matrix, density, cell size, cell struc-
ture (open-celled vs. closed-celled), processing method, and dimensions. It is the
aimed combination of these properties that determines the final application of the
cellular polymer. As an example, open-celled ultra-low density foams are highly
desirable for acoustical insulation, while rigid foams with closed-cells and elevated
densities are preferred as load-carrying core materials in composite materials.

As the properties of cellular polymers are closely linked to their structure and
density, the development of advanced foams aims at controlling the cell size over
multiple length scales down to the nanocellular regime, establishing novel poly-
meric matrices, adjusting the foam density as well as their open-celled content,
and introducing enhanced processing methods. For instance, nanocellular polymers
promise a significant reduction in thermal conductivity and an improvement in
toughness, factors of relevance for thermal insulation as well as light-weight and
tough constructions.

In the light of steadily increasing requirements to the foam performance and
functionality, advanced processing routes as well as novel material systems are
strongly demanded. Here, exploiting and the knowledge of blending polymers, as
an efficient and well-established route to develop materials with tailored proper-
ties, is highly attractive. Foaming of multiphase polymer blends, in particular, can
be identified as a topic of significant potential interest, both from the scientific and
commercial points of view. As an example, the multiphase characteristics promise
to tailor the mechanical performance, e.g., via integrating stiffer or tougher phases
within the cell walls (Fig. 1). In a similar manner, barrier materials can potentially
be formed by adding a low-permeable, highly oriented blend phase into the cellu-
lar structure. However, understanding and controlling the foaming behavior of such
complex systems is an absolute must for developing novel cellular materials.

Fig. 1 Enhanced mechanical performance and barrier properties of cellular materials, as examples
for the potential of foaming multiphase blends
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1.1 Foaming of Blend Systems: An Overview

Notwithstanding the capability to develop new classes of polymer foams, the lit-
erature dealing with the foaming of blends is still limited. While foam processing
in general has gained a significant technical and scientific sophistication, and the
principles controlling the foaming behavior are fairly well understood, most com-
mercial thermoplastic foams are still based on a limited number of polymers such
as PS, polyvinylchloride, polyethylene (PE), and polypropylene (PP) [1].

Although the overall number of reviewed scientific contributions on this topic is
rather low, an interesting trend has been detected within the last few years (Fig. 2).
It appears, as foaming of blends sparks growing interest, to relate to the chance of
tailoring polymeric foams. In the following, the state-of-the-art of this topic will
be summarized and the most significant publications as well as selected patents are
briefly highlighted.

When analyzing the state-of-the-art of foaming blends, one can generally distin-
guish between one-phase (miscible) and multiphase blend systems. Similar to bulk
polymers, understanding and tailoring miscible blend systems is significantly eas-
ier, while multiphase blends offer by far more opportunities and challenges. Some
general approaches for improving and/or controlling the foaming behavior, both of
miscible as well as for multiphase blends, are summarized in Fig. 3.

Fig. 2 Number of reviewed scientific papers on foaming thermoplastic blends published since
1990 (Source: ISI Web of Science)

Fig. 3 General strategies for exploiting the blending approach in terms of foaming
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1.1.1 Foaming of One-Phase (Miscible) Blends

With regard to miscible polymers, simple blending allows one to develop materials
that frequently reveal an intermediate behavior between those of the individual blend
components [2, 3]. Such systems can be easily exploited for fine-tuning the foam-
ability, for example by controlling important foaming parameters such as the melt
rheology or the gas solubility.

Blending of PPs with different architectures, i.e., linear and long-chain branched
grades, is a prominent example for improving the foamability via controlling the
melt-rheological behavior. As blending allows one to adjust the drawability as well
as the strain-hardening behavior, the cell growth can be controlled and cell coales-
cence is reduced [4, 5], an approach recently transferred also to other polymers such
as polycarbonate [6].

The concept of adding an amorphous component to a semicrystalline, other-
wise poorly foamable polymer has been exploited both for blends of poly(methyl
methacrylate)/poly(vinylidene fluoride) (PMMA)/(PVDF) as well as PMMA/PLA
(poly(lactide acid)) [7, 8]. As a result of the semicrystalline nature – and in part of
the low carbon dioxide solubility, both PVDF and PLA exhibit poor foaming behav-
ior. In both cases, PMMA acts as a beneficial blend partner to reduce significantly
the cell size and to enhance the foam homogeneity. These phenomena are mainly
attributed to the increased gas solubility, the improved melt-rheological behavior,
and the suppression of the melting point. Moreover, blending allows inhibiting of
the crystallization process and thus shifts the upper limit of the processing window,
determined by crystallization, to lower melt-temperatures. As a result, the difference
between the processing and the glass transition temperature of the blend is reduced
and, in combination with further factors, allows an enhanced control over the cell
growth behavior and cell.

In a final example of foamed miscible blends, their potential use for adjusting
the solubility behavior is highlighted. Krause et al. investigated the batch-foaming
behavior of miscible, amorphous, high-temperature (HT) polymer blends of poly-
sulfone/polyimide (PSU)/(PI) [9]. The carbon dioxide gas sorption capacity of the
blends followed a linear rule-of-mixtures. As the content of the blowing agent and
the foaming temperature are two factors identified as crucial for the transition from
microcellular close-celled to nanocellular open-celled foams, blending allows one
to adjust directly the foam structure.

1.1.2 Foaming of Multiphase Blends

While miscible blends can be easily exploited, multiphase blends pose a far greater
challenge to control the cellular structure of polymers. Nevertheless, they offer the
potential of combining the advantageous properties of each component within
the foamed material, and of exploiting the multiphase characteristics for the
foaming process. Analyzing the available but limited scientific literature on this
topic, multiphase polymer blends have mainly been foamed for the following
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purposes: (1) nucleation of foam cells, (2) reducing the foam density, (3) control-
ling the open-to-closed cell ratio, (4) enhancing the melt-rheological properties, and
(5) adjusting the solubility and diffusivity of the blowing agent.

Cell nucleation is regarded as one of the key factors for foam processing, as it
determines the cell size and in turn the final properties of the cellular polymer. Gen-
erally, high cell densities and small cell size distributions are often desirable [10].
For industrial processing, heterogeneous nucleation is preferred due to its simplic-
ity and high reproducibility. Similar to inorganic, micron-sized materials, a second
polymer phase can potentially act as heterogeneous nucleating agent in polymer
matrices. As an example, Doroudiani et al. [11] reported a significantly reduced
cell size via blending and batch-foaming of isotactic PP (iPP) and high-density
PE (HDPE), an effect that was attributed to heterogeneous nucleation effects of
foam cells at the interfacial regions. In a similar manner, further authors exploited
the weak interfacial interaction and poor adhesion between nonmiscible polyolefin
blends as highly effective nucleation sites [12–14].

Cavitation in the rubber particles of PS/high-impact PS (HIPS) was also identi-
fied as a heterogeneous nucleation site, using batch-foam processing [15, 16]. The
experimentally observed cell densities as a function of the temperature, the rubber
(HIPS) concentration, the rubber particle size, and saturation pressure were found
to be in good agreement with the proposed nucleation model. Similar nucleation
mechanisms of elastomeric particles were claimed for acrylic and di-olefinic latex
particles in various thermoplastics [17, 18].

In search of easy dispersible nucleating agents with a high number of nucleants
per volume, Spitael et al. [19] investigated the use of nanoscale diblock copolymer
micelles on the batch-foaming behavior of PS. The diblock copolymers were com-
posed of a PS block, and either PDMS, PEP, or PMMA as a second block. Several
factors were identified as essential for nucleation, e.g., the size of the micelle and
the surface tension of the micelle core material.

The size effect of the dispersed phase was also discussed by Han et al.
[20, 21] for foaming polymer blends containing nanoparticles, more precisely
PMMA/exfoliated montmorillonite (MMT) nanocomposites melt-blended within a
PS matrix. Surprisingly, the cell size increased with a decreasing domain size of
the dispersed PMMA/MMT phase, locations regarded as potential nucleation sites,
a phenomena related to the interfacial and gas transport properties between PS and
PMMA. The PMMA/MMT phase with its higher gas solubility acts as an internal
gas reservoir. Subsequently, the transfer of carbon dioxide to the interface scales
with the domain size of the PMMA/MMT phase, making larger PMMA/MMT
domains more efficient for nucleation.

For developing ultra-low density polyolefin foams, blends of PE, a styrenic
polymer or copolymer, and/or a PE copolymer allowed one to reduce the density
to 10gl−1, using a hydrocarbon as blowing agent [22]. In a similar manner, the
density of styrenic polymers was strongly reduced by the incorporation of high con-
tents of acrylic homo- and copolymers, showing a higher solubility of the blowing
agent [23].
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For preparing open-celled foams, melt-heterogeneities during the cell expansion
process were identified to promote cell opening, as demonstrated by PS/polyolefin
blends [24–27] and further immiscible systems [28]. Besides a sufficiently low cell
wall thickness as a necessary criterion, the incorporation of either hard or soft blend
phases is able to induce the cell-opening process via (1) geometrical constraints,
(2) a low melt strength leading to melt rupture, and/or (3) the presence of shear
forces acting on the matrix, as a result of the incorporated second phase (particles).
Talcum, added as a nucleating agent, demonstrated synergisms with the two-phase
blend, as higher cell density and thus lower thicknesses of the cell walls were in-
duced by nucleation [24, 26].

As a route for improving the melt-elongational properties of semicrystalline
polymers, Siripurapu et al. [7] proposed the blending of amorphous and semicrys-
talline blends of PS and PVDF; nevertheless, their approach showed only limited
success. In contrast, Reichelt et al. [29] successfully developed blends of HMS-PP
and PP-b-PE block copolymers. As could be shown, the melt strength increases with
the HMS-PP content, while blends rich in HMS-PP also show the lowest densities.

The chemical nature and the individual chemical groups of the polymer deter-
mine the affinity (solubility) and the diffusivity of a specific blowing agent. Due to
the low costs and environmental friendliness of carbon dioxide, numerous studies
focus on tailoring these transport properties for the polymer/carbon dioxide system.
Generally, one aims to overcome the often limited solubility as well as the high dif-
fusivity, both factors complicating the nucleation, growth and stabilization of the
polymer foam.

The concept of increasing the solubility was successfully demonstrated for PS-
based blends, where CO2-philic components were added [30–32], e.g., fluoroalkyl,
fluoroether, carbonyl and siloxane functional materials. Nevertheless, the benefits
on the foam structure and properties could be achieved only in some cases.

Quite similar to these approaches, an immiscible blend of an amorphous PS and
a semicrystalline poly(ethylene glycol) (PEG) was investigated, where PEG showed
a significantly higher solubility towards the blowing agent carbon dioxide. Foam-
ing revealed a bimodal cell size distribution, formed by larger cells within the PEG
phase and smaller cells within the PS phase, respectively. Such behavior was at-
tributed to the inherent differences between PS and PEG. As PEG shows a lower
viscosity as well as a higher diffusivity and solubility of the blowing agent carbon
dioxide, the nucleation and cell growth rates, and also the tendency towards cell
coalescence during growth, are significantly more pronounced. Based on these ob-
servations, a morphological evolution mechanism was suggested: bubble nucleation
and growth initially starts in the PEG phase and, while the process just starts within
the PS phase, the foaming PEG phase already tends to collapse and form large cells
as the overall foam structure stabilizes.

Microcellular foaming, bimodal cell size distributions, and high open-celled con-
tents of molecular composites of HT-polymers were reported by Sun et al. [33],
investigating blends of a rod-like polymer polybenzimidazole with an aminated
PSU and poly(phenyl sulfone) by using carbon dioxide as a blowing agent. The
complex foaming behavior was related to phase separation within the otherwise
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homogeneous polymer blend. Following a similar concept, foaming of molecular
composites of polybenzobisthiazole and poly(ether ketone ketone) led to nonhomo-
geneous cell structures and high foam densities, but a remarkable enhancement of
the mechanical properties [34].

Due to their immiscibility and poor interfacial adhesion, blends of polyolefins
with styrenics often demand for compatibilization. Therefore, the foaming of such
compatibilized blend systems was claimed in several patents, generally includ-
ing a large range of compatibilizing agents (e.g., polystyrene-b-poly(ethylene-co-
butylene)-b-polystyrene and polystyrene-b-polyethylene block copolymers) [35,
36]. In the scientific literature, the effect of compatibilization of PP/HDPE blends by
SEBS triblock copolymers on the foam structure was investigated by Sahagun et al.
[37]. A model allowed one to develop an understanding of the cellular structure of
multiphase foams and to relate the deformation of the cell wall due to foaming to
the morphology of the HDPE phase elongated in the PP matrix.

Despite the formidable chances to develop and to tailor cellular polymers, the
literature describing the foaming behavior of blends is still rare. Critically analyzing
the existing studies, only a few publications systematically discuss the following
phenomena:

• Correlation between blend morphology, melt-elongation, and foaming
behavior — despite the significant influence only addressed for neat polymers
[38], miscible blends [4, 5], and some filled systems [39, 40]

• Knowledge of foaming multiphase blends of amorphous components
• Influence of compatibilization on the foam morphology – despite the significant

influence and relevance of compatibilization on the blend structure and interfacial
behavior, only partly discussed for polyolefins/styrenics blends [37]

• Foaming of nanostructured blends – so far, only the use of low contents of block
copolymers (up to 2 wt%) as nucleating agents was discussed [19]

1.2 Aim of Tailoring the Foaming Behavior
Via the Blend Structure

As demonstrated by the literature, multiphase blends potentially provide novel
chances to tailor cellular materials, e.g., high cell densities via heterogeneous nucle-
ation, open-celled characteristics by the presence of the second phase, and enhanced
properties by incorporating multiple components into the cell wall. Nevertheless,
controlling the foamability of such materials demands for understanding both the
foam processing and blending technology, as an improved performance, can only
be ensured by appropriate selection of the blend composition.

For this purpose, the present work aims at systematically exploiting the mul-
tiphase characteristics of blends for foaming, via controlling both the micro- and
nanostructure of melt-processed blends. The development of such tailored blend
morphologies can be a key factor for optimizing the foamability of complex blends
in general. It should be noted that the term foamability is often associated with a
high foam homogeneity and a sufficiently low cell size, but also with a low density.
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Fig. 4 General strategy for understanding and controlling the foaming behavior of blends

The general proceeding is demonstrated in Fig. 4: Following a detailed evaluation
of a binary, immiscible blend, pathways to control the nanostructure (interphase) as
well as the microstructure will be introduced. By combining both approaches, the
complexity will be further increased stepwise to ensure a superior blend system
for foaming. For all blend systems, relationships between structure, processing, and
properties will be established, aiming at developing descriptive models on the foam-
ing mechanism of multiphase blends.

Independent of the blend system, the following proceeding proved as ideal for
a systematic evaluation of foaming blend systems. Prior to the foaming step the
blend morphology, rheological, thermal, and gas transport properties are investi-
gated as factors relevant for foaming. Subsequent batch-foaming experiments using
carbon dioxide as the blowing agent are performed to prepare cellular materials
under various, accurately controlled processing conditions. It should be noted that
temperature-induced batch-foaming was performed, i.e. the materials were first sat-
urated with carbon dioxide (5 MPa, 40◦C), and subsequently foamed via heating in
an oil bath over a wide range of processing conditions. Finally, the structure and the
properties of the foam, as observed by electron microscopy and density measure-
ments, are correlated to the aforementioned blend characteristics and processing
parameters.

2 Immiscible Blend Systems (PPE/SAN Blends)

As previously discussed, multiphase blends consisting of at least two components
are particularly interesting for materials development, as an exploitation of the ad-
vantageous properties of each component appears feasible. In the present case,
binary blends of poly(2,6-dimethyl-1,4-phenylene ether) (PPE) and poly(styrene-
co-acrylonitrile) (SAN) have been identified as a promising system due to the
possible combination of the high heat distortion temperature and toughness of PPE
with the desirable properties of SAN such as the chemical resistance, good pro-
cessability, as well as low material costs. In addition, the amorphous nature of both
components is likely to allow foaming via common batch-foaming techniques.
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As binary PPE/SAN blends form the reference systems and the starting point for
the foaming analysis, their miscibility will be considered first. As demonstrated in
the literature [41, 42], both miscibility and phase adhesion of PPE/SAN blends are
critically dependent on the composition of SAN, more precisely on the ratio between
styrene and acrylonitrile (AN). Miscibility at all temperatures occurs up to 9.8 wt%
of AN in SAN, whereas higher contents above 12.4 wt% lead to phase separation,
independent of the temperature. Intermediate compositions exhibit a lower critical
solution temperature behavior (LCST). Taking into account the technically relevant
AN content SAN copolymers between 19 and 35 wt%, blends of SAN and PPE are
not miscible. As the AN content of the SAN copolymer, selected in this work, is
19 wt%, the observed PPE/SAN blends show a distinct two-phase structure and an
interfacial width of only 5 nm [42].

In the following, a systematic evaluation of the batch-foaming behavior of immis-
cible PPE/SAN blends over a wide compositional range is presented. In order to gain
a fundamental understanding of foaming immiscible blends, relationships between
the foaming behavior, the processing parameters, and the physical characteristics of
the neat components as well as the blend are established. Special emphasis will be
placed on the blend structure and on the rheological response of the blend systems
under shear and elongational flow.

2.1 Morphology Development and Factors Relevant for Foaming

In the case of two-phase blend systems, one can distinguish between two general
phase morphologies: (1) matrix-droplet structures, i.e., one phase is fully dispersed
in a matrix phase, and the blend behavior is dominated by this continuous phase,
and (2) co-continuous morphologies, i.e., both phases form a continuous network
and thus contribute equally to blend behavior. Between these two extremes, a phase
regime exists where a partially continuous phase is embedded in a continuous
matrix phase. The transition between the fully dispersed and partially continuous
structure is also referred to as percolation threshold, and depends – as the phase
morphology in general – on the physical characteristics and the processing of the
blend system [43, 44].

For controlling the microstructure of immiscible blends, one generally has to
consider the following key factors [2, 3]: (1) the content of the individual phases, (2)
their rheological behavior, and (3) the interfacial properties between the blend com-
ponents. In the case of PPE/SAN blends, the shear viscosity of PPE is significantly
higher over the complete temperature and shear rate regime (Fig. 5), typically used
for processing. As a result, the formation of SAN matrix structures is promoted up
to relatively high PPE contents. Following theoretical models, co-continuity of the
blend is predicted for PPE contents of around 70 wt% at a shear rate of 50–500s−1,
typical observed during melt-extrusion [46].

According to the theoretical considerations, the following phase morphologies
are expected for PPE/SAN blends: (1) PPE contents below the percolation limit
of around 19 wt% (according to Utracki [46]: SAN matrix, PPE fully dispersed,
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Fig. 5 Shear-rheological behavior of the PPE and SAN, respectively (reprinted from [45])

Fig. 6 Morphology of PPE/SAN blends following melt-extrusion: (a) PPE/SAN 40/60,
(b) PPE/SAN 50/50, (c) PPE/SAN 60/40 (binary images of SEM micrographs: PPE – dark, SAN –
bright)

(2) PPE contents from 19 to 70 wt%: increasing continuity of the PPE phase within
a continuous SAN phase, (3) PPE contents around 70 wt%: co-continuous blend
morphologies. At elevated contents, the opposite trend is expected.

Comparison with micrographs, taken from melt-extruded blends at elevated PPE
contents, indeed reveals the expected behavior (Fig. 6). Starting at a PPE content
of 40 wt%, the PPE phase does not appear fully dispersed, but already shows some
degree of continuity. While increasing the PPE content up to 50–60wt%, the con-
tinuity increases further. However, even at 60 wt%, the co-continuity of the blend
is not fully approached and SAN still forms the matrix phase. According to the
theoretical considerations and the morphological observations, a PPE matrix can
only be achieved at elevated contents of the high-viscous PPE on the one hand
(approximately 70 wt%). On the other hand, the stepwise increase of the PPE
content possesses a strong impact on the blend viscosity and would necessitate melt-
temperatures above 270◦C. However, as the thermal stability of the selected blend
components limits the processing temperatures, the use of PPE contents signifi-
cantly exceeding 60 wt% required for phase inversion is prevented. In the following,
we will therefore discuss only PPE/SAN blends up to 60 wt% of PPE.
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Fig. 7 Storage modulus behavior of PPE/SAN blends observed under oscillatory shear at 180◦C
(reprinted from [47])

While being a result of the viscosity behavior of PPE and SAN, the microstruc-
ture influences the rheological characteristics of the overall blend system again.
In the present case, rheological measurements were performed at 180◦C in order
to allow for a comparison to the foam morphologies shown later (Fig. 7). As the
investigated PPE/SAN blend system contains two phases with a significantly dif-
ferent glass transition behavior, it can be simplified to a suspension consisting of a
SAN matrix and a glassy-state PPE filler [2]. Dynamic shear measurements can thus
provide a detailed insight into the state of the filler dispersion and the filler—filler
interactions in polymeric matrices, including the geometry, the content, as well as
the interfacial properties of the filler [48–50].

The storage modulus, reflecting the melt elasticity, has proved to be a sensitive
measure for such microstructural features. In the present case, distinct differences
at lower frequencies are found when comparing systems up to 20 wt% PPE, reflect-
ing the expected percolation limit, to blends with higher PPE contents. Below the
percolation threshold, the melt elasticity is only slightly affected by the dispersed
PPE particles, as hydrodynamic forces dominate the overall flow behavior. Once the
filler content has reached a critical value, the storage modulus, in particular at low
angular frequencies, shows a significant increase; a behavior that can be related to a
transition from the liquid to a pseudo solid-like behavior as a result of pronounced
particle—particle interactions and eventual network formation. The occurrence of
a plateau-like regime characterizes pronounced particle—particle interactions [51].
Similar results have also been observed for other filled systems [52, 53].

Besides the blend morphology and the rheological behavior, the solubility of the
blowing agent is regarded as key criteria for the foaming behavior. As can be seen
in Fig. 8, both neat components reveal a high affinity towards carbon dioxide, as a
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Fig. 8 Solubility of carbon dioxide in PPE/SAN blends at 5 MPa and 40◦C

Fig. 9 Melt elongational behavior of PPE/SAN blends at 180◦C. (a) Rheotens curves.
(b) Apparent elongational viscosity, as calculated by [57] (reprinted from [47])

result of attractive interaction with the phenylene and ether groups of PPE, and with
the phenylene ring and the AN groups of SAN [54, 55]. For the immiscible blend
system, the solubility of carbon dioxide nearly scales with the blend composition, as
predicted by a simple rule-of-mixture approach. On a closer view, however, a small
positive deviation can be detected, an effect which is induced by the higher uptake
of carbon dioxide within the interfacial regions between PPE and SAN.

Besides the materials structure and its interaction with the blowing agent, nu-
merous studies on non-blended polymers verified the importance of the melt-
elongational behavior for cell growth and stabilization. Factors such as a sufficient
level of elongational viscosity, the presence of strain hardening, and a high drawa-
bility were frequently related to a homogeneous cell structure and low densities
[1, 4, 5, 10, 38–40, 56]. The melt-elongational behavior of the present PPE/SAN
blend is shown for a temperature of 180◦C (Fig. 9). The shown force vs drawing
rate curves are available by so-called Rheotens tests, where the polymer melt is
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extruded through a capillary die and continuously drawn by a roller unit, similar to
a fiber spinning unit. The draw down rate, as ratio between the draw down veloc-
ity and the die exit velocity, and the draw down force are continuously measured
at increasing drawing velocity. Figure 9 shows that the materials response under
elongational flow remains rather unaffected at low contents of PPE up to 10 wt%
(Fig. 9a). Only the melt strength shows a minor decrease with increasing PPE con-
tents [58]. However, the addition of 20 wt% PPE reveals a distinct behavior as the
melt strength significantly increases and the drawability simultaneously decreases.
Again, the percolation limit of the blend is likely to play a significant role for the
observed transition.

For further investigating such effects, the presented Rheotens curves can be
further evaluated by an analytical approach of Wagner et al. [57], allowing calcula-
tion of the elongational rate and elongational viscosity. As can be seen in Fig. 9b,
the addition of PPE, acting as solid-state filler at the selected experimental con-
ditions, leads to a continuous increase in zero elongational viscosity, as predicted
for particle-filled systems [59]. Furthermore, the onset of elongational thinning is
shifted to lower elongational rates with increasing PPE contents, previously re-
ported also for polyamide 6 (PA6)-clay nanocomposites [60]. More interestingly,
strain hardening of the melt, as reflected by the ratio between the maximum elon-
gation viscosity and the zero elongational viscosity, is increasingly suppressed by
elevating the PPE content.

The observed behavior is consistent with literature data on particulate-filled
polymers up to PPE contents of 10 wt%. As rigid PPE particles are not able
to follow the externally applied flow-field, a complex flow near and in-between
the particles is found, processes that also involve substantial shear components.
As the strain-hardening phenomenon only occurs in elongational flow, this par-
tial conversion to shear flow in the SAN matrix is responsible for the decreasing
strain-hardening parameter. Again, the blend with a PPE content of 20 wt% shows
a distinct behavior as the strain-hardening parameter is significantly higher as
compared to all other blends as well as to the neat SAN. This altered material re-
sponse under elongational flow is likely related to the onset of particle—particle
interactions at these elevated strain rates and to the more complex shapes of the
dispersed PPE phase, i.e., the flow behavior is no longer purely hydrodynamically
dominated.

2.2 Foaming Behavior

For analyzing the effect of blending on the foaming behavior, batch-foaming was
selected as a straightforward and well-established method, as well-defined process-
ing conditions can be ensured. The impact of blending on the cellular structure
is demonstrated in Fig. 10, showing SEM micrographs of batch-foamed PPE/SAN
blends up to 40 wt% of PPE. Comparing the neat SAN with the blended materi-
als reveals distinct differences in cell size and foam structure. Besides the obvious
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Fig. 10 Foam structure of PPE/SAN blends (foaming time 10 s, temperature 180◦C)

Fig. 11 Details on the cellular morphology of PPE/SAN blends (foaming conditions: time 10 s,
temperature 180◦C)

reduction in cell size, even by the addition of small PPE contents, the cellular ma-
terials become inhomogeneous at higher PPE contents, as can particularly be seen
at PPE/SAN 40/60 blends. In addition, the foam density increases at these elevated
PPE contents. Micrographs of blends PPE contents beyond 40 wt% are not shown
here, as the cell structure of blends becomes even more inhomogeneous and shows
macroscopic defects as well as nonfoamed regions.

A more detailed insight into the cellular structure is provided in Fig. 11. At low
PPE contents, the PPE phase is homogeneously embedded in the cell walls and is
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not affecting the expansion behavior. At increasing contents, however, the homo-
geneity deteriorates, morphological features occurring during the cell growth which
can be related to the melt-elongational behavior and the morphology of the blends.
While the addition of PPE to SAN increases the elongational viscosity, it also
reduces the strain-hardening behavior and, approaching 20 wt% of PPE, strongly
reduces the drawability. The impact of such phenomena on the foam and cell struc-
ture can clearly be detected. Besides the reduced homogeneity of the foam, the cell
walls tend to be less uniform and reveal coalesced as well as an open-celled struc-
ture for elevated PPE contents, both effects reflecting the increased phase size of the
blend and the deteriorated elongational behavior. These observations clearly demon-
strate that both the shear as well as the melt elongational rheological properties are
of significant importance for the cell growth of immiscible blends.

Nevertheless, blending can obviously lead to a significant increase in cell density,
indicating that the cell nucleation is strongly controlled by the dispersion of the PPE
phase and the overall morphology of the blend. The addition of small amounts of
PPE to SAN significantly increases the cell density, indicating a heterogeneous nu-
cleation effect of the PPE phase which dominates over the homogeneous nucleation
under the selected experimental conditions.

The efficiency of the PPE phase to nucleate foam cells can be attributed to two
phenomena. (1) The interface between PPE and SAN is energetically favored as
a nucleation site as a result of the weak interaction between the two blend compo-
nents, the PPE thereby acts in a similar manner as commonly used solid-state fillers.
(2) In contrast to solid-state fillers, the PPE phase solves a significant amount of the
blowing agent before the foaming step. During cell nucleation, the mass transfer
of the blowing agent to and across the blend interface is highly suitable to induce
thermodynamic instabilities which are beneficial for nucleation of foam cells.

The number of PPE particles dispersed in the SAN matrix, i.e., the potential
nucleation density for foam cells, is a result of the competing mechanisms of
dispersion and coalescence. Dispersion dominates only at rather small contents of
the dispersed blend phase, up to the so-called percolation limit which again depends
on the particular blend system. The size of the dispersed phase is controlled by the
processing history and physical characteristics of the two blend phases, such as the
viscosity ratio, the interfacial tension and the viscoelastic behavior. While a contin-
uous increase in nucleation density with PPE content is found below the percolation
limit, the phase size and in turn the nucleation density reduces again at elevated
contents. Experimentally, it was found that the particle size of immiscible blends, d,
follows the relation d∼φ+Cφ2, where φ is the content of the dispersed phase and C
is a material constant depending on the blend system. Subsequently, the theoretical
nucleation density, Nth, is given by

Nth ∼ φ below percolation (“absence” of coalescence)
Nth ∼ φ

(φ+Cφ2)3 above percolation (competition of dispersion and coalescence).

It should be noted that the transition is not a prompt as described, but smooth.
Nevertheless, an optimum content of the dispersed phase exists for each blend
system, where the potential nucleation density approaches its maximum. The



Foaming of Microstructured and Nanostructured Polymer Blends 215

Fig. 12 Nucleation density of foamed PPE/SAN blends vs number of theoretically available
nucleation sites (=particle density of the PPE phase). The dotted lines represent the theoretical
nucleation density at different phase sizes of PPE (reprinted from [47])

experimental values for the investigated PPE/SAN blend verify the described be-
havior, i.e., the nucleation density available by the dispersed blend phase first
increases, before decreasing again, having an optimum around 10 wt% of PPE. As
indicated by the full symbols in Fig. 12, the nucleation density of the foam, i.e., the
number of cells formed within the initial polymer volume, follows the same trend.
Nevertheless, the number of potential nucleation sites is still lower when compared
to the potential nucleation density.

Finally, evaluation of the foam densities as a function of the foaming tempera-
ture reveals further interesting phenomena. As can be seen by the contour plot in
Fig. 13, representing blend systems foamed for 10 s, the density appears to be inde-
pendent of the blend composition and is a function of the foaming temperature only
for low PPE contents up to 20 wt%. For the foaming time of 10 s, a distinct min-
imum in foam density is obtained at around 200◦C. In contrast, further increasing
the PPE content leads to increased foam densities, but also reduces the dependence
on the foaming temperature. In particular, the density of the PPE/SAN 60/40 blend
is nearly independent of temperature, but remains relatively high as compared to the
other foams.

The final foam density results of the complex interplay between the main pro-
cessing steps occurring during foam formation – cell nucleation, growth and sta-
bilization/coalescence. These phenomena can be related to distinct steps during
batch-foam processing. Prior to the foaming, the specimens are homogeneously sat-
urated with carbon dioxide under high pressure at a low temperature. After releasing
the pressure, the additional heating of the sample leads to thermodynamically insta-
ble state by lowering the solubility of the gas in the polymeric matrix. Due to the
adequately high heating temperature, the rapid demixing of the blowing agent, the
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Fig. 13 Foam density of PPE/SAN blends as a function of blend composition (foaming time 10 s)

cell nucleation, is provoked. The following, thermodynamically driven cell growth
is mainly controlled by the rheological behavior and the gas transport properties of
the immiscible blend system polymer, and determines both the final foam density as
well as the cellular morphology.

In the present case, the foam density relates perfectly with the previously ob-
served rheological properties, as a transition in the flow behavior was detected at
approximately 20 wt% of PPE (Fig. 13). In the viscoelastic case (below the perco-
lation limit), the PPE content neither significantly influences the foamability nor
the blend rheology. At elevated contents (beyond percolation), however, the PPE
content strongly affects the rheological response of the blend and, subsequently,
degrades the foaming behavior, which is verified by a reduced expandability.

It should further be noted that the onset of continuity of the dispersed blend phase
not only deteriorates the overall mobility of the SAN to form cellular structures, but
also increases the average phase size of PPE and, thus, sterically hinders the incor-
poration into the cell walls. In particular, for the PPE/SAN 60/40 blend, showing
some co-continuous features and solid-state characteristics at 180 ◦C, the foamabil-
ity is limited to such an extent that only local and less defined cell growth proceeds,
leading to the highly inhomogeneous foam morphologies.

2.3 Strategies for Enhancing the Foamability
of Immiscible Blends

The results demonstrate that, in contrast to blending of miscible polymers, which
allows tailoring of both foam morphology and foam processing via controlling the
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factors relevant for foaming by the blend composition and the blend partners, foam-
ing of immiscible blends poses a significantly higher challenge. For immiscible
blends, additional factors such as the blend morphology, the interfacial properties
between the components, and the respective processing characteristics of each phase
need to be considered. In addition, both the transport properties of the blowing agent
as well as the rheological behavior are not predictable by the simple additivity of the
individual components.

Several factors can be identified as being crucial for the foaming of immiscible
polymer blends: the blend morphology, the phase size of the blend constituents, the
interfacial properties between the blend partners, and, last but not least, the proper-
ties of the respective blend phases such as the melt-rheological behavior, the glass
transition temperature, the gas solubility, as well as the gas diffusion coefficient.
Most of these factors also individually influence the melt-rheological behavior of
two-phase blends.

While combining polymer blending and foam processing potentially allows the
development of novel cellular materials, the foaming of multiphase blends can still
reveal some serious drawbacks. As a result of the distinct processing window of each
polymer phase, the overall foamability can be strongly deteriorated, as reflected by
volume reduction and the foam homogeneity. These effects become especially obvi-
ous if strong differences in the glass transitional and viscosity behavior between the
blend phases are present, as exemplarily shown for PPE/SAN. Here, the limitations
of foaming blends become particularly evident at elevated PPE contents, leading to
a reduced expandability and foam processing window, close to the co-continuity of
the blend even resulting in a very poor foam homogeneity, as indicated by macro-
scopic pores and by nonfoamed regions.

In order to overcome these drawbacks, novel concepts for enhancing the foama-
bility of such immiscible blends need to be introduced. Using the PPE/SAN 60/40
blend as a reference system, the following concepts appear as most promising
(Fig. 14):

• Compatibilization/nanostructure formation for achieving a finer blend morphol-
ogy by the reduction of both the interfacial tension and coalescence, and for
ensuring an improved phase adhesion/nanostructure between the blend partners.
Thus, the incorporation of the dispersed blend phase into the cell walls should
be enhanced while the number of possible nucleating sites is simultaneously in-
creased.

• Selective blending for adjusting the foaming characteristics of each phase indi-
vidually, particularly reducing the high glass transition temperature and viscosity
of the PPE phase, and for controlling the overall blend morphology. Thus, the si-
multaneous foaming of both phases should be promoted, and the morphology
development in presence of the elongational flow during expansion can be tuned.

The fundamental relationships between compatibilization and selective blending on
the blend characteristics and the foaming behavior, as demonstrated in the following,
will not only be valid for this particular blend system, but will help to understand
and control the foaming behavior of multiphase polymer blends in general.
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Fig. 14 Potential strategies for enhancing the foaming behavior of immiscible blends

3 Nanostructured Blends Via Compatibilization
(PPE/SAN/SBM Blends)

Compatibilization is a well-accepted and efficient method for refining the blend
morphology and for enhancing the interfacial adhesion between blend partners
[2, 3, 61]. Block copolymers are commonly used as compatibilization agents due
to a selective miscibility of the blocks with either blend component [44, 62, 63].
The interfacial presence of such block copolymers not only allows increasing the
interfacial strength, but also hinders coalescence and reduces the interfacial ten-
sion between the blend partners, leading to more stable blend structures [61]. With
regard to PPE/SAN blends, polystyrene-block-poly(methyl methacrylate) diblock
copolymers (PS-b-PMMA, SM) were identified as highly suitable, mainly due to
the favorable enthalpic interaction between PS and PPE as well as between PMMA
and SAN, respectively [64–66].

Although a notable reduction of the phase size is reported for such compatibilized
blends [64–67], the overall mechanical toughness remains unsatisfactorily low [64].
As one reason, thermal stresses at the interface between PPE and SAN, occurring
as a result of the different thermal coefficients of expansion during solidification
following melt-processing, are identified as a crucial reason for the observed brittle
behavior [68].

In order to overcome the build-up of these stresses, the addition of triblock
terpolymers as compatibilizing agents with an elastomeric middle block and end
blocks of PS and PMMA, respectively, appears advantageous. One example is
the use of polystyrene-block-poly(1,4-butadiene)-block-poly(methyl methacrylate)
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Fig. 15 Schematic of the morphological arrangement in PPE/SAN blends compatibilized by SBM
triblock terpolymers – nanostructured “raspberry morphology” (reprinted from [45])

(SBM) as a compatibilizer. As a result of the particular thermodynamic interac-
tion between the relevant blocks and the blend components, a discontinuous and
nanoscale distribution of the elastomer at the interface, the so-called raspberry
morphology, is observed (Fig. 15). Similar morphologies have also been observed
when using triblock terpolymers with hydrogenated middle blocks (polystyrene-
block-poly(ethylene-co-butylene)-block-poly(methyl methacrylate), SEBM). It is
this discontinuous interfacial coverage by the elastomer as compared to a continuous
layer which allows one to minimize the loss in modulus and to ensure toughening
of the PPE/SAN blend [69].

The composition of the SBM triblock terpolymers was identified as a key factor
for ensuring compatibilization of PPE/SAN blends via melt-processing [45]. SBM
triblock terpolymers with equal weight contents of each block were successfully
used for melt-blending to give rise to nanostructured blend interfaces. For this rea-
son, the most promising SBM triblock terpolymer, S33B33M33

94, was selected as
compatibilizing agent, where the subscripts denote the weight content of the respec-
tive blocks and the exponent denotes the total molecular weight. In the following,
the S33B33M33

94 will only be referred to as SBM.
The aim of this section, therefore, is to correlate systematically the compatibi-

lization of PPE/SAN 60/40 blends by SBM triblock terpolymers with the foaming
behavior of the resulting blend. The reduction of the blend phase size, the improved
phase adhesion, a potentially higher nucleation activity of the nanostructured inter-
faces, and the possibility to adjust the glass transitional behavior between PPE and
SAN, they all promise to enhance the foam processing of PPE/SAN blends.

3.1 Controlling the Nanostructure

The blend morphology, as a potential factor for batch-foam processing, is shown in
Fig. 16. While the uncompatibilized PPE/SAN 60/40 blend reveals a rather coarse
morphology, the compatibilization step by SBM triblock terpolymers, in particular
at higher contents, allows one to reduce significantly the phase size and increase
in interfacial area. Moreover, a discontinuous interfacial coverage between PPE
and SAN can be detected for the compatibilized blend at higher magnification,
representing the aforementioned nanostructured raspberry morphology. As previ-
ously described for the immiscible PPE/SAN blends, the foam expansion behavior
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Fig. 16 Morphology of PPE/SAN blends compatibilized by SBM triblock terpolymers (TEM
micrographs: PPE – dark, SAN – bright, PB of SBM – black)

of blend systems including a high-Tg and a low-Tg phase, such as PPE and SAN,
can, respectively, depend strongly on the co-continuity of the blend. In the present
case, as demonstrated elsewhere [70], the co-continuity is strongly and similarly
pronounced for each blend system, both for the uncompatibilized and for the SBM-
compatibilized blends.

It should be noted that the morphologies of the highlighted compression-molded
blends differ from the extruded specimens [45], a phenomenon often reported for
multiphase blend systems [3]. During the compression-molding process, the blend
system aims at reducing its free energy by reducing the interfacial area between
the blend partners [3, 61, 71]. For the uncompatibilized PPE/SAN 60/40 blend, the
subsequent coalescence of the PPE phase leads to an increased phase size and an
almost co-continuous blend morphology. As mentioned earlier for compatibilization
agents in general, the interfacial presence of the SBM block copolymer is able to
stabilize the structure via inhibiting this coalescence and coarsening, resulting in
morphologies closer to the extruded samples [2, 61].

The solubility of carbon dioxide at the selected saturation conditions of 5 MPa
and 40◦C, is shown in Table 1. Both the uncompatibilized and the compatibilized
PPE/SAN blends absorb similarly high amounts of carbon dioxide in the range of
100,mgg−1. However, in contrast to one-phase systems, the solubility data of the
overall multiphase blend is not sufficient to describe the system, but the content of
carbon dioxide in each blend phases needs to be considered. In the case of PPE/SAN
blends compatibilized by the SBM triblock terpolymers, one can distinguish three
distinct phases, when neglecting interfacial concentration gradients (idealized case):
(1) the PPE phase intimately mixed with the PS block, (2) the SAN phase mixed
with the PMMA block, and (3) the PB phase located at the interface between PPE/PS
and SAN/PMMA.
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Table 1 Solubility of carbon dioxide in
PPE/SAN/SBM blends at 5 MPa and 40◦C.
The neat polymers are shown for comparison

Polymer
Solubility of carbon
dioxide (mgg−1)

PPE 102
SAN 94
PS 63
PMMA 121
PPE/SAN 60/40 99
+5 wt% SBM 100
+10 wt% SBM 99
+20 wt% SBM 98

Fig. 17 Effect of compatibilization via SBM triblock terpolymers on the glass transition temper-
ature of PPE/SAN blends, in absence and in presence of carbon dioxide (as predicted by [75] and
[76, 77])

In order to predict the solubility of each phase, the solubility of carbon dioxide
in the individual components was determined first, using desorption experiments
following saturation at 5 MPa and 40◦C. PS (63mgg−1) and PMMA (121mgg−1)
reveal the lowest and the highest solubility, respectively, while SAN (94mgg−1)
and PPE (102mgg−1) show an intermediate behavior. Due to the high diffusion
coefficient of PB, its solubility of carbon dioxide could not be determined by the
selected method, and only data from the literature is shown [72]. For binary PPE/PS
blends, a rather linear dependence between the solubility and the blend composition
has been reported [73]; for SAN/PMMA blends, a similar trend can be expected due
to the weak interaction between the blend phases [74]. Thus, the gas solubility of
each blend phase can be estimated, as a parameter decisive for the cell nucleation
and growth process.

The compatibilization activity of the SBM block copolymers significantly influ-
ences the glass transitional of the PPE/SAN 60/40, as shown in Fig. 17. The presence
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of the PS block (Tg = 104◦C) in the PPE phase (Tg = 216◦C) leads to a strong re-
duction of the glass transition of PPE, which can quantitatively be described by the
Couchman equation [77]. Similarly, the addition of the PMMA block (Tg = 135◦C)
to the SAN phase (Tg = 114◦C) promotes a slight increase in glass transition tem-
perature of SAN, according to the Fox equation [76]. In summary, the presence of
20 wt% SBM triblock terpolymers allows to reduce the difference in glass transition
between PPE and SAN from 100 to 80◦C.

When discussing the glass transitional behavior of polymeric samples saturated
with carbon dioxide, the pronounced plasticizing effect of gas further needs to be
taken into account [75]. In the case of simple polymers, the Chow equation has
proved to be a rather accurate calculation method for describing the glass transition
temperature, Tg, as a function of the weight content of carbon dioxide [56, 75]. The
main parameters of the equation are the molar mass of the polymer repeat unit, the
molar mass of carbon dioxide, the gas constant, the glass transition of the polymer
in the initial state, the heat capacity change associated with the glass transition of
the polymer, and the lattice coordination number that depends on the sizes of the
gas molecule and the polymer repeat unit, respectively.

For miscible blend phases, these parameters need to be described as a function
of the blend composition. In a first approach to describe the behavior of the present
PPE/PS and SAN/PMMA phases, these phases will be regarded as ideal, homoge-
neously mixed blends. It appears reasonable to assume that the heat capacity, the
molar mass of the repeat unit, as well as the weight content of carbon dioxide scale
linearly with the weight content of the respective blend phase. Moreover, a constant
value of the lattice coordination number for PPE/PS and for SAN/PMMA can be an-
ticipated. Thus, the glass transition temperature of the gas-saturated PPE/SAN/SBM
blend can be predicted as a function of the blend composition (Fig. 17). Obviously,
both the compatibilization by SBM triblock terpolymers and the plasticizing effect
of the absorbed carbon dioxide help to reduce the difference in glass transition tem-
perature between PPE and SAN.

Besides the blend structure and the interaction with the blowing agent, the rhe-
ological behavior can strongly influence the foam structure. While not explicitly
shown here, the melt-rheological behavior under shear and elongational flow remain
rather unaffected at high temperatures; at lower temperatures, the reduction in glass
transition temperature of PPE by SBM promotes a shift of the solid-state behavior
to lower temperatures and thus broadens the processing window of the blend.

3.2 Impact on the Foaming Behavior

As a next step, the effect of compatibilization on the foaming behavior will be dis-
cussed. While the density can only be slightly reduced by SBM, and remains at a
rather high level, the foam structure reveals distinct differences, exemplarily shown
for a foaming temperature of 160◦C and at a foaming time of 10 s (Fig. 18). As men-
tioned earlier, the uncompatibilized blend reveals a highly inhomogeneous structure,
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Fig. 18 Foam morphologies of PPE/SAN 60/40 blends as a function of the SBM content, as
observed by SEM (foaming time 10 s, foaming temperature 160◦C)

as reflected by macroscopic defects, such as pores of several 100μm, and also nearly
nonfoamed regions. The highly viscous PPE clearly restricts the expansion process,
while the induced expansion forces locally induce break-up of the foam structure.
In addition, the poor phase adhesion between PPE and SAN becomes evident.
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Fig. 19 SEM and TEM micrograph showing the foam morphology and structure of the cell walls
of foamed PPE/SAN/SBM 48/32/20 blends (PPE – dark, SAN – bright, PB of SBM – black, foam
cell – white; foaming time 10 s, temperature 180◦C)

Inhomogeneous foam morphologies can also be detected for PPE/SAN blends com-
patibilized by 5 wt% of SBM, while the overall cell size is notably reduced and
macroscopic defects are avoided. A further enhancement in foam morphology is
observed for 10 wt% and, in particular, for 20 wt% of the SBM triblock terpoly-
mer. Here, the cell size is in the range of a few microns or even below, down to
350–400 nm, while the homogeneity is high. Moreover, the adhesion between the
two blend partners appears to be significantly improved.

One further interesting feature is worth mentioning, becoming obvious at ele-
vated PPE contents: the cell walls partly form cobweb-like structures, contributing
to a significant open-cell content. Such morphological phenomena are likely to be
induced by both the thin cell structures formed during foaming, by high nucle-
ation densities and by the SBM block copolymer promoting cell wall opening [24]
(Fig. 19).

Analyzing the blend and foam structure via both scanning electron and transmis-
sion electron microscopy demonstrates that the matrix of the foam cells is formed
by the SAN phase, which previously formed the more continuous blend phase.
Therefore, it is reasonable to assume that the foam nucleation and growth process
proceeded initially in the SAN phase, due to its higher diffusivity and the lower vis-
cosity [78]. The PPE phase appears incorporated into the cell walls, and no foaming
within the PPE phase is detectable, an observation which promotes the conclusion
that PPE acts as a heterogeneous nucleation agent for the SAN phase. In addition,
the sufficiently high adhesion between PPE and SAN phase inhibits delamination of
both blend phases, and the nanostructured interface at the blend interface can still
be found (raspberry morphology). Thus, such cellular materials can be classified as
submicrocellular foams with nanostructured cell walls.

It appears that both compatibilization and the nanostructure formation at the
interface play a key role for nucleation. The supposed heterogeneous nucleation
activity will therefore be discussed in more detail. Heterogeneous nucleation in gen-
eral is strongly affected by the particle size and the interfacial properties [79, 80].
As the particle size of the PPE phase is well above the critical radius of nucleation
of several nanometers [80], the interface demands closer examination.
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Fig. 20 Proposed interfacial nucleation mechanism in ternary PPE/SAN/SBM blends

The nanostructured interface of this particular PPE/SAN/SBM blend, with a
highly diffusive, elastomeric, discontinuous coverage and five different polymers
is likely to easily create thermodynamic instabilities as a result of the gas transport
between the phases [81, 82]. Subsequently, nucleants can be formed which finally
lead to cell growth in the SAN phase. In order to describe more precisely these ef-
fects induced by the nanostructured interface, we will revisit the gas solubility of
the individual phases (Fig. 20).

Under saturated conditions, the gas solubility of the two major blend phases,
SAN/PMMA and PPE/PS, is rather similar, while the solubility of carbon dioxide
in PB is significantly lower, leading to a highly nonhomogeneous distribution of
the blowing agent along the interface. Without going into detail, we should briefly
mention that the gas content within the PPE/PS as well as the SAN/PMMA phase is
not absolutely constant. Due to the constraints on the SBM, induced by the chemical
bond between the different blocks, the content of both PMMA and PS is slightly
higher at the interface. As a result, the gas distribution at the interface may vary
slightly (see arrows in Fig. 20a).

As the polymer-blowing agent system is supersaturated by increasing the tem-
perature and reducing the pressure, the carbon dioxide is transported along the
concentration gradient, leading to an interfacial enrichment. As a result of this
higher gas content at the interface and due to the strong thermodynamic disequi-
librium, nucleation close to/within the PB phase is initiated. In addition, two further
factors promote this nucleation phenomena: (1) the lower surface tension between
the PB and the carbon dioxide compared to the other components [19], and (2) the
higher diffusion coefficient within PB [78]. It can be assumed that the cell nuclei
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are formed close to the PMMA/SAN phase, as the higher diffusion coefficient of
SAN/PMMA (compared to PPE/PS) leads to a stronger driving force.

However, as cell growth proceeds, the physical as well as chemical constraints
of the triblock terpolymers inhibit pronounced growth within the PB phase. Instead,
the nucleated cells tend to grow into the SAN/PMMA phase. As the PPE/PS phase
still stores a significant amount of carbon dioxide, the blowing agent is subsequently
transported along the interface towards the foam cells. Apparently the PPE/PS phase
still acts similar to a solid phase.

For evaluating the efficiency of the nanostructured interface for cell nucleation,
the particle density of PPE, as a measure for the number of nucleating sites avail-
able for nucleation, is plotted versus the nucleation density observed for the foam
(Fig. 21). For comparison, the previously found values of the uncompatibilized
PPE/SAN blend are added. For PPE/SAN, even the relatively high number of
PPE particles of around 5× 1011 cm−3 only leads to nucleation of approximately
2.5× 1010 cells cm−3, i.e., only 1/20 of the potentially available PPE particles act
as cell nucleating agents. Via compatibilization, however, not only the particle den-
sity of PPE and the nucleation density can be increased, but also the efficiency is
strongly enhanced. While the number of cells directly scales with particle density,
more than two foam cells are nucleated by one PPE particle.

In order to explain this effect, two phenomena can be hypothesized: (1) multiple
nucleation of the PPE phases, and (2) break-up the PPE phase and, subsequently an
increase of the particle density. Discussing the latter case first, it can be estimated
that the time scale for dispersion is not sufficiently high [3, 83]. Therefore, multiple
nucleation is likely to induce the higher nucleation densities, making SBM an ideal
candidate for nucleation by interfacial effects.

In summary, compatibilization of PPE/SAN blends via SBM triblock terpoly-
mers allows one to enhance significantly the homogeneity of the foam, while
simultaneously reducing the cell size by heterogeneous nucleation activity of the

Fig. 21 Nucleation density vs particle density of PPE/SAN blends compatibilized by SMB
triblock terpolymers, in comparison to uncompatibilized PPE/SAN blends
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interface between the blend components; effects induced by the refined phase size of
the blend, the adjusted glass transitional behavior, and the improved adhesion be-
tween the blend phases. Moreover, the nanostructured blend morphology of the
bulk material can successfully be transferred into the cell walls of the sub-micro-
to microcellular foam. However, both the higher number of cells and the multiphase
melt-structure also promoted the formation of open-cells. In view of these results,
SBM triblock terpolymers can beneficially be used as compatibilization agents in
polymer blends for yielding significantly improved foam morphologies.

4 Microstructured PPE/SAN Blends Via Selective Blending
(PPE/PS/SAN)

4.1 Controlling the Microstructure

As discussed in the previous sections, the blend morphology as well as the pro-
cessing window of the individual blend components can be identified as key fac-
tors for the foamability of multiphase blend systems [47, 84]. As a first step,
compatibilization via SBM triblock terpolymers was exploited for controlling the
blend morphology on a nanoscale, and for reducing the difference in processing
window between PPE and SAN. However, in order to exploit the benefits of all
blend phases, the properties of each blend phase and the overall microstructure of
the blend need to be controlled.

For bulk materials, a co-continuous blend structure is often desirable as it offers
synergetic effects [71, 85]. For this purpose, numerous investigations on the blend
morphology formation were performed, but the precise prediction of the final struc-
ture is still rather complex [86–90]. Nevertheless, based on numerous investigations
concerning the influence of the processing conditions and the blend composition on
the morphology development, two key factors can be deduced [43, 87, 91, 92] – the
blend composition and the viscosity ratio.

In order to adjust the viscosity ratio of immiscible blend systems, selective blend-
ing can be identified as a promising approach. From the literature it is known that,
for multiphase blends containing PPE as one blend phase, PS can be seen as mate-
rial of choice to adjust the viscosity ratio while only minor changes of the interfacial
tension can be observed [91, 92]. With regard to the discussed PPE/SAN blend sys-
tem, PPE and PS show miscibility over the complete compositional range, while PS
is immiscible with SAN, due to the AN content of 19 wt%. The viscosity behav-
ior of the PPE, PS and their miscible blends is compared to neat SAN in Fig. 22.
Via blending of PPE and PS, the complete viscosity range between the neat poly-
mers can be covered. Interestingly, the miscible PPE/PS 50/50 blend shows a shear
viscosity similar to SAN [93].

For predicting the phase inversion and co-continuous regime in immiscible blend
systems, various empirical and semi-empirical models exist [5]. A model, valid for
high viscosity ratios and elevated shear rates, was established by Utracki [46]:
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Fig. 22 Shear-rheological behavior at 260◦C. (a) Neat polymers. (b) Miscible PPE/PS blends
(reprinted from [93])

Fig. 23 Phase inversion as function of the shear rate and blend compositions, as calculated
by the Utracki model. The dots represent the investigated (PPE/PS)/SAN compositions of (a)
(60/0)/40, (b) (45/15)/40, (c) (36/24)/40, (d) (30/30)/40, (e) (24/36)/40, (f) (15/45)/40 (in accor-
dance with [93])

η1

η2
=

[
ϕm −ϕ2

ϕm −ϕ1

][η]ϕm

(1)

where φ1 and φ2 denote the volume content at phase inversion of the first and sec-
ond phase, while [η ] and ϕm indicate the maximum packaging density of spheres
(in vol.%) and the intrinsic viscosity.

The phase inversion composition of (PPE/PS)/SAN blends, as calculated by the
Utracki model, is shown by the ternary phase diagram in Fig. 23, highlighting the
influence of shear rate and blend composition [93]. The lines separate the regions,
where SAN and PPE/PS form the matrix. For example, SAN forms the continu-
ous phase at high SAN contents, while PPE/PS appears as the continuous phase at
elevated PPE/PS contents.
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Fig. 24 TEM micrographs of the prepared (PPE/PS)/SAN blend systems. (a) (60/0)/40, (b)
(45/15)/40, (c) (36/24)/40, (d) (30/30)/40, (e) (24/36)/40, (f) (15/45)/40 (reprinted from [93])

Comparison of the theoretical prediction with the microstructure of melt-
extruded blends, as observed by transmission electron microscopy, reveals good
agreement. While the PPE/SAN 60/40 blend system reveals a SAN matrix phase
(Fig. 24a), the blend system containing 15 wt% PS shows three distinct blend mor-
phologies (Fig. 24b), both regions showing SAN and PPE/PS as matrix, as well
as co-continuous blend morphologies can be found. By further increasing the PS
content beyond 30 wt%, PPE/PS forms the matrix, and SAN appears as dispersed
phase [93].
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Besides the viscosity behavior, blending of PPE with PS also alters the solubility
of the blowing agent, a further factor important for foaming [3]. As can be seen
in Table 2, PS shows a significant lower solubility of carbon dioxide when com-
pared to PPE. The solubility in the miscible PPE/PS blend systems shows almost
linear behavior with a slight negative deviation [73], typical for blends with strong
interactions between the blend partners. Such a behavior of miscible blends can be
predicted by a log-additivity rule [3]. Even though the solubility of PPE decreases
by addition of PS, all systems still reveal a solubility high enough to allow foaming.

The foam processing window of the blend systems is also controlled by the
glass transition temperature of the blend phases. With regard to the neat blend sys-
tem, the addition of PS continuously lowers the glass transition temperature of the
PPE/PS phase, as predicted by the Couchman equation [77] (Fig. 25). For the carbon
dioxide-laden case, the plastifying effect needs to be taken into account, which low-
ers the glass transition temperature of both PPE/PS and SAN.

For the PPE/PS phase, the previously described Chow equation can be combined
with the Couchman equation to estimate the Tg as a function of the blend compo-
sition. The results are highlighted in Fig. 25. For the prediction, the heat capacity
and the molar mass of the repeat unit of the PPE/PS blends is regarded to scale lin-
early with the mass content of the blend partners, and a constant lattice coordination
number of z = 2 is used [75]. While the addition of PS to PPE allows one to reduce
continuously the Tg in presence of carbon dioxide, the plasticization effect is less
pronounced, mainly driven by the decreasing solubility via addition of PS.

Table 2 Solubility of carbon dioxide in PPE/PS at 40◦C and 50 bar [73]

PPE/PS 0/100 25/75 50/50 75/25 100/0

Solubility
(mgg−1)

63 70 81 91 102

Fig. 25 Glass transition temperature of PPE/PS blends in absence and presence of carbon dioxide,
as calculated by the Couchman equation [77] and by the Chow equation [75]
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4.2 Influence of Microstructure on Foaming Behavior

As previously shown for PPE/SAN blends, the foaming behavior of immiscible
blend systems is affected by both the properties of the blend phases and the overall
blend structure [1]. In the present blend system, the viscosity of one specific blend
phase is varied; as a result, not only the foaming behavior of the blend phase is al-
tered but also the microstructure of the blend is affected [94]. By investigating blend
systems with constant PPE to PS ratios of 75/25 and 50/50, and varying the SAN
content in the range of 20–40 wt%, the influence of both the microstructure and the
viscosity ratio can be analyzed (Table 3).

The blend morphology is highlighted in Fig. 26, revealing a PPE/PS matrix phase
(dark phase) with dispersed SAN particles (bright phase) for all blend systems.
Comparing blend morphologies with constant SAN content, only minor differences
can be detected, with one exception: at a SAN content of 40 wt%, blends with a PPE
to PS ratio of 75/25 are closer to co-continuity compared to blend systems with a
PPE to PS ratio of 50/50, as indicated by the elongated SAN particles. In all cases,
independent of the viscosity ratio, decreasing the SAN content reduces the coales-
cence of the dispersed SAN particles, and in turn results in a finer dispersed SAN
phase and an increase in SAN particle density [94].

For all investigated blend systems, homogeneous foam structures across the sam-
ple thickness were achieved by foaming the carbon dioxide laden blends at 180◦C
for 10 s. Representative SEM micrographs of the core regions of each foam sample
are highlighted in Fig. 27, showing the influence of the PPE/PS ratio and the SAN
content. Evaluating the blend systems with a PPE/PS ratio of 75/25, i.e., with a ma-
trix more viscous than the dispersed phase, a bimodal cell size distribution can be
detected. In the case of the blend systems with a PPE/PS ratio of 75/25 and a SAN
content of 40 wt%, the larger cells are in the range of 10μm, while the smaller cells
are about 1–2μm in size (Table 3).

In order to understand the highlighted foaming behavior, both the blend morphol-
ogy and the properties of the individual blend phases need to be taken into account.
On the one hand, the less viscous, lower Tg SAN phase reveals a higher tendency to
nucleate foam cells, both by homogeneous nucleation within the SAN phase and by
heterogeneous nucleation at the interface to PPE/PS. Furthermore, the lower viscos-
ity of the SAN phase promotes rapid cell growth and expansion. As a result of the

Table 3 Blend compositions of the (PPE/PS)/SAN blend systems with
constant PPE to PS ratios of 75/25 and 50/50

PPE/PS ratio PPE (wt%) PS (wt%) SAN (wt%)

75/25 45 15 40
52.5 17.5 30
60 20 20

50/50 30 30 40
35 35 30
40 40 20
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Fig. 26 Microstructure of (PPE/PS)/SAN blend systems following compression-molding,
as observed by transmission electron microscopy (PPE/PS – dark, SAN – bright)

continuous nature and the high viscosity of the PPE/PS phase, expansion of SAN
is restricted to some extent, which limits the final cell size. On the other hand, cells
nucleated in the PPE/PS phase are restricted in growth due to the high viscosity
of PPE/PS, and form a large number of rather small cells incorporated in the cell
walls of the foam (Fig. 27). One can thus relate the two populations of the bimodal
cell size distribution to the respective blend phases, i.e., the larger cells are formed
within the SAN phase, while the smaller cells are induced by the PPE/PS phase.

Reducing the SAN content promotes a finer dispersed and more homogeneous
SAN phase, as can be seen by the TEM micrographs in Fig. 26. The altered mi-
crostructure shows a strong impact on the cell structure of the foamed blend systems:
at a PPE/PS ratio of 75/25 and a SAN content of 30 wt%, the cell size decreases,
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Fig. 27 Foam morphology of (PPE/PS)/SAN blends, as observed by scanning electron
microscopy (foaming temperature 180◦C, foaming time 10 s)

while the cell density and foam homogeneity is strongly improved. Nevertheless, a
bimodal cell size distribution with larger cells in the range of 3μm and smaller cells
below 1μm can still be detected (Table 4). When further reducing the SAN content
to 20 wt%, a detrimental effect on the foam structure is observed. The more vis-
cous PPE/PS phase almost completely restricts cell growth and expansion, resulting
in nonfoamed regions and an increase in overall foam density; nevertheless, some
cells below 1μm can still be found.

By foaming an immiscible blend system of a poly(ethylene glycol)PEG/
polystyrene (PEG/PS), Taki et al. detected a similar foaming behavior as well
as a bimodal cell size distribution [78]. While smaller cells formed in the more
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Table 4 Cell size and cell density as function of the PPE/PS ratio and SAN
content of the foamed (PPE/PS)/SAN blend systems. Foaming temperature:
180◦C, foaming time: 10 s

PPE/PS ratio SAN (wt%) Cell size (μm) Cell density (cm−3)
75/25 40 8.9/1.6 n.a.

30 2.8/0.65 6×1010/2×1012

20 0.71/– 2×1012/–

50/50 40 9.3/1.1 n.a.
30 3.3/1.0 6×1010/6×1011

20 1.6/0.66 1×1011/1×1012

viscous PS phase, larger cells are induced by the less viscous PEG phase. The
foaming behavior was related to the properties of the blend phases, more precisely
to the lower viscosity and higher diffusivity of the PEG phase compared to the
PS phase. The initial nucleation and enhanced cell growth within the PEG phase
leads to an early cell collapse and the formation of large cells. As a result, less
blowing agent is available for the PS phase, inducing the formation of smaller cells
[78].

A strong similarity is found for the present blends with a PPE/PS ratio of 50/50,
as reflected by a similar bimodal cell size distribution for all SAN contents. Small
differences can be related to the distinct foaming kinetics of the PPE/PS blend phase.
Compared to the PPE/PS 75/25 blend phase, the higher content of PS in the PPE/PS
50/50 phase leads to a cell nucleation and growth kinetics close to the SAN phase.
Nevertheless, the PPE/PS phase still appears to restrict the cell growth and expan-
sion in the SAN phase to some extent, and smaller cells are found within the cell
walls. Independent of the SAN content, cell growth within the dispersed SAN phase
proceeds under the constraints of the continuous, higher Tg PPE/PS phase.

Interestingly, the greater cell size of the bimodal cell size distribution is rather
independent of the PPE/PS ratio (Table 4). Although the rheological properties as
well as the cell nucleation kinetics differ for both PPE/PS ratios, the blend morphol-
ogy is likely to possess the strongest influence on foaming behavior, more precisely
on the cell structure.

As a further indicator for the foamability, the foam density is highlighted in
Fig. 28, showing the influence of the PPE/PS ratio, the SAN content, the foaming
temperature, and the foaming time. For a PPE/PS ratio of 75/25 and a foaming time
of 10 s, three distinct regimes can be detected:

1. Below 160◦C: the foam density increases with increasing PPE/PS content. As
the foaming temperature is below the glass transition temperature of the more
viscous PPE/PS phase, only a slight expansion appears, as a result of the plas-
ticization by the blowing agent. The density reduction by foaming the blend
systems is caused by the less viscous SAN phase. For lower PPE/PS contents,
a more continuous SAN phase and therefore an enhanced density reduction is
observed.

2. Between 160 and 180◦C: slightly above the glass transition temperature of the
PPE/PS phase, a similar expansion for all blend systems can be observed.
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Fig. 28 Foam density as function of the foaming temperature. (a) PPE/PS ratio of 75/25. (b) PPE
to PS ratio of 50/50 (foaming time 10 and 30 s, foam density in gl−1)

3. Above 180◦C: a further increase of the foaming temperature leads to a coales-
cence and collapse of the SAN phase, more pronounced for a continuous SAN
phase. An increase of the PPE/PS phase to 70 wt% stabilizes the foam structure
and therefore can be identified as the most promising system. Higher PPE/PS
contents still restrict the expansion and increase the overall foam density.

When increasing the foaming time to 30 s, the minimum in density is shifted from
a foaming temperature above 180◦C to temperatures between 160 and 180◦C. The
overall foaming behavior is similar to a foaming time of 10 s. Elevated SAN contents
still tend to collapse at elevated foaming temperatures, while an elevated PPE/PS
content stabilizes the foam structure. For a PPE/PS ratio of 75/25 the blend system
containing 30 wt% SAN shows the best compromise between the density reduction
and the cell structure.

As a result of the finely dispersed SAN phase for a PPE/PS ratio of 50/50, the
density reduction is almost independent of the SAN content for a foaming time
of 10 s. The foam density is generally lower compared to the blend systems with a
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Fig. 29 Blend morphology (left) and foam structure (right) of (PPE/PS)/SAN blend with a PPE/PS
ratio of 25/75 and a SAN content of 40 wt% (foaming temperature 180◦C, foaming time 10 s)

PPE/PS ratio of 75/25. The expansion of the SAN phase is less restricted, and the
PPE/PS phase tends to foam even at lower foaming temperatures as a result of the
lower viscosity and glass transition temperature. By increasing the foaming time to
30 s, again a shift of the minimum density to lower temperatures can be detected.

For further understanding the influence of the viscosity ratio on the foaming be-
havior, an additional blend system with a PPE/PS ratio of 25/75 and a SAN content
of 40 w% was investigated. Due to the high PS content, the PPE/PS matrix phase
shows a lower viscosity and a similar glass transition temperature when compared
to the dispersed SAN phase. As can be seen in Fig. 29a, the decrease in viscosity
of the PPE/PS clearly promotes the formation of elevated SAN phase in comparison
to the previously shown blends.

Foaming such materials reveals interesting features, as a completely collapsed
PPE/PS matrix phase and partially foamed SAN particles can be observed for all
investigated foaming conditions, as exemplarily shown for a foaming temperature of
180◦C and a foaming time of 10 s (Fig. 29b). The less viscous PPE/PS matrix phase
tends to nucleate first, and promotes rapid cell growth and collapse. The submicron-
sized foam cells within the SAN phase are preferentially found at the interface to
PPE/PS, as a result of nucleation by the transport of blowing agent out of the SAN
phase. The achieved densities of the foamed blend system are rather high and in the
range of 700–900gl−1.

4.3 Descriptive Foam Model Depending on the Microstructure
of the (PPE/PS)/SAN Blend

For establishing a descriptive foam model of such blend systems, the (PPE/PS)/SAN
blend with a PPE/PS ratio of 75/25 is exemplarily used (Fig. 30), as it further reveals
pronounced differences in microstructure:

1. At high SAN contents of 40 wt%, cell nucleation initially starts in the SAN phase
and rapid cell growth appears. The elongated phase structure and the generally
elevated phase size of SAN promote rapid cell coalescence, leading to an in-
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Fig. 30 Schematic foam model of (PPE/PS)/SAN blends with a PPE to PS ratio of 75/25

creased cell size in the SAN phase. Smaller cells are formed by nucleation in the
higher viscous PPE/PS phase. In addition, the PPE/PS phase restricts expansion
of the SAN phase, limiting the final density reduction.

2. At intermediate SAN contents of 30 wt%, a fully dispersed SAN phase can be
detected, leading to an optimum of cell growth in the SAN phase and stabilization
by the PPE/PS phase. The lower phase size of the dispersed SAN phase restricts
the formation of larger foam cells, while the high SAN particle density and the
concurrent nucleation in the PPE/PS matrix induce high cell densities.

3. At SAN contents of 20 wt%, a finer dispersed SAN phase and therefore an ele-
vated cell density is observed. Carbon dioxide is subsequently transferred from
the more viscous PPE/PS phase to the less viscous SAN phase showing a higher
tendency to nucleate. The PPE/PS phase rapidly vitrifies and cell nucleation is
suppressed.

In general, similar properties of the blend phases are beneficial to promote simulta-
neous nucleation and cell growth in both blend phases. In case of strong differences
between the blend phases, a matrix of the higher viscous phase is preferred, as it
ensures proper cell stabilization both for the matrix as well as for the lower viscous,
dispersed phase.
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5 Microstructured and Nanostructured Blend Systems
(PPE/PS/SAN/SBM)

In the previous sections the foamability of the PPE/SAN blend systems containing
elevated contents of the higher viscosity PPE phase were improved by (1) selective
blending with PS as well as (2) compatibilization with SBM.

Selective blending the more viscous PPE phase with PS allowed one to tailor
the processing window of the miscible PPE/PS blend phase and the microstructure
of the immiscible blend system. Following this approach, simultaneous foaming of
both blend phases and more homogeneous cell structures could be achieved. Addi-
tionally, the overall foam density could be reduced.

By compatibilizing the immiscible PPE/SAN blend with SBM triblock terpoly-
mers, the overall size of the dispersed PPE particles was reduced, increasing the
number of potential nucleating sites and easing the incorporation of PPE in the
cell walls. Moreover, nanostructured interface between PPE and SAN was formed,
which turned out to be highly beneficial for cell nucleation. As a result, a dramatic
increase of the cell density and reduction of the cell size was observed, keeping the
density reduction at a similar level.

Finally, the benefits of both strategies – controlling the microstructure by se-
lective blending with PS and controlling the nanostructure by compatibilizing with
SBM – will be combined in order to generate synergistic effects. Based on the pre-
vious results, a (PPE/PS)/SAN blend with a PPE to PS ratio of 75/25 and a SAN
content of 30 wt% was used as reference system, and subsequently compatibilized
with 5, 10, and 20 wt% of SBM triblock terpolymers. As the PPE/PS ratio of 75/25
and the SAN content of 30 wt% is fixed, in the following section the blend systems
will be described by their SBM content of 0, 5, 10, and 20 wt%.

5.1 Controlling the Microstructure and Nanostructure

Similar to the previously investigated blend systems, selective blending of PPE/SAN
with PS allows PPE/PS matrix structures to form in both the noncompatibilized as
well as in SBM-compatibilized blend systems (Fig. 31). Already the noncompatibi-
lized (PPE/PS)/SAN blend shows a finely dispersed SAN phase with a particle size
in the range of 1μm (Fig. 31a). The addition of small amounts of SBM to the ternary
(PPE/PS)/SAN blend has no significant effect on the particle size of the dispersed
SAN phase (Fig. 31b). By further increasing the SBM content to 10 and 20 wt%,
a remarkable refinement of the SAN phase can be detected (Fig. 31c,d). While the
particle size of the SAN phase is reduced to about 500 nm for 10 wt% SBM, SAN
particles far below 300 nm can be detected for the high SBM amount of 20 wt%.

As previously demonstrated, the shear rheological properties are an important
factor relevant for the processing and foaming. In addition, morphological features
of the blend system can be detected at low shear rates [95]. The shear viscosity
and the storage modulus of the present blends are highlighted in Fig. 32. An in-
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Fig. 31 Morphology of (PPE/PS)/SAN/SBM blends following compression-molding
(PPE/PS – dark, SAN – bright, PB block of the SBM triblock terpolymers – black)

creasing viscosity can be detected with increasing SBM content at low frequencies
(Fig. 32a). Similar behavior can be observed for filled systems with increasing filler
loading, due to network formation [96, 97]. Further evidence on the physical and
structural reasons is given by investigating the storage modulus as function of the
frequency (Fig. 32b). Again, distinct differences between the blend systems can be
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Fig. 32 Shear-rheological behavior at 240◦C of (PPE/PS)/SAN blends compatibilized with 0, 5,
10, and 20 wt% SBM. (a) Complex viscosity as function of frequency. (b) Storage modulus as
function of frequency

Table 5 Theoretically calculated solubility of carbon dioxide within the different blend
phases of the (PPE/PS)/SAN blend systems compatibilized by SBM

SBM content (wt%) Solubility in PPE/PS (mgg−1)
Solubility in
SAN/PMMA (mgg−1)

0 92.5 94.0
5 91.5 94.9
10 90.8 97.0
20 89.1 99.9

observed. At low frequencies the development of a plateau-like regime indicates
pseudo-solid behavior and network formation. As no co-continuous morphologies
can be detected via transmission electron microscopy, it is likely that the combina-
tion of the following two effects leads to the development of a physical network at
elevated SBM contents. (1) The SBM at the interphase reduces the mobility and in-
creases the interfacial elasticity due to the intimate entanglement of the end blocks
in the respective blend phases. (2) By the decrease of the phase size, the mean dis-
tance between the dispersed SAN phase approaches the radius of gyration of the end
locks of the block copolymer.

In addition to the blend morphology and the rheological behavior, the gas solubil-
ity of the blend phases changes by compatibilization with SBM. As the gas solubility
of the individual blend phases is not directly accessible via measurements, theoret-
ical calculations based on the blend phase compositions and on values determined
for the miscible PPE/PS and SAN/PMMA blends are presented (Table 5) [75, 77].
Increasing the SBM content results in a decreasing carbon dioxide content in the
PPE/PS phase, induced by the higher PS weight fraction. In contrast, the formation
of a SAN/PMMA blend by the addition of SBM increases the solubility as result of
the high affinity of PMMA to carbon dioxide.
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Table 6 Glass transition temperature of (PPE/PS)/SAN blend systems compatibilized
by SBM in absence and in presence of carbon dioxide

SBM content (wt%)
Glass transition temperature
of PPE/PS (◦C)

Glass transition temperature
of SAN/PMMA (◦C)

0 179 → 78 114 → 32
5 177 → 76 115 → 32
10 174 → 75 116 → 32
20 169 → 73 117 → 32

In order to estimate the plasticizing effect of the blowing agent, the change of the
solubility and the glass transition temperature of the respective blend phases by the
addition of SBM have to be taken into account. The glass transition temperatures of
the PPE/PS and SAN/PMMA phases as function of the SBM as well as the blow-
ing agent content are listed in Table 6. For both phases, concurrent phenomena on
the Tg reduction via addition of SBM can be detected. An increasing PS content of
the PPE/PS phase reduces the glass transition temperature of this phase, but also
lowers the solubility of carbon dioxide. As a result, only minor differences in glass
transition temperature of 5◦C can be detected between the noncompatibilized and
compatibilized blend systems. Similar effects lead to constant glass transition tem-
perature all over the compositional range. Here, the addition of PMMA increases
the initial glass transition temperature, but additionally increases the solubility of
carbon dioxide.

5.2 Correlation of the Microstructure and Nanostructure
to the Foaming Behavior

The cellular structure of the quaternary blend systems after foaming at 180◦C for
10 s is highlighted in Fig. 33. An excellent homogeneity down to the microscale can
be detected for all foamed blend compositions. As already discussed in the previous
section, simultaneous foaming of the PPE/PS and the SAN phase in the non-
compatibilized blend leads to a bimodal cell size distribution. Besides larger cells
induced by the highly expanded SAN phase, smaller cells are formed in the PPE/PS
phase (Fig. 33a).

While the bimodal cell structure is still present for low SBM contents of 5 wt%
(Fig. 33b), it vanishes at elevated contents. In parallel, the overall cell size is
strongly reduced from 1μm to several 100 nm (Fig. 33c,d). Similar to the discussed
PPE/SAN/SBM blend systems, the interfacial structure developed by the SBM
appears highly effective for cell nucleation. Therefore, a dramatic increase in nu-
cleation density can be detected with increasing SBM content (Fig. 34).

As a further feature, an increasing formation of open-cells with increasing SBM
content can be detected. As discussed in the literature [24, 26], thin cell walls,
appearing by low densities and/or high cell densities, and melt-heterogeneities
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Fig. 33 SEM micrographs of the foam morphology of the (PPE/PS)/SAN blend systems compat-
ibilized with SBM (foaming temperature 180◦C, foaming time 10 s)

promote the development of such open-celled foams. As cell nucleation is initiated
and cell growth proceeds, the blend system undergoes biaxial stretching. Due to the
network-like behavior of the SAN particles, as the mean distance between the dis-
persed particles is in the range of several ten nanometers, this expansion is strongly
hindered. Therefore local failures of the cell walls additionally form an open-cell
structure. The cell structure can thus be directly related to the blend morphology as
well as to the rheological behavior.
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Fig. 34 (a) Mean cell size and (b) nucleation density as function of the SBM content of the
(PPE/PS)/SAN/SBM blend systems (foaming temperature 180◦C, foaming time 10 s)

Fig. 35 Foam density of the (PPE/PS)/SAN/SBM blends as function of the foaming temperature
and the SBM content. (a) Foaming time 10 s. (b) Foaming time 30 s

The foam density as function of SBM content and foaming the temperature is
highlighted in Fig. 35, showing results at a foaming time of 10 and 30 s. At the
shorter foaming time of 10 s, only a minor influence of compatibilization by SBM on
the foam density is observed. While a slight decrease in foam density with increas-
ing SBM content can be detected for low temperatures, an increase of the foaming
temperature shifts the minimum in foam density to lower SBM contents.

At a foaming time of 30 s, the differences in expansion behavior become more
evident. The increase in SBM content leads to an increasing foam density for all
foaming temperatures. Besides the previously mentioned reduction of the glass tran-
sition temperature of the more viscous PPE phase by the selective blending with PS,
subsequently reducing the stabilization effect, the fine blend structure is responsible
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for the observed behavior. While a great number of cells is nucleated as result of the
micro- and nanostructure, cell rupture and cell coalescence are simultaneously pro-
moted at longer foaming times. As a result, shorter foaming times or lower foaming
temperatures are preferable to stabilize the foam structure.

5.3 Descriptive Foam Model of the Microstructured
and Nanostructured Blend Systems

As previously shown, simultaneous foaming of both PPE and the SAN phase can
be achieved by controlling the microstructure, more precisely via selective blending
with PS, allowing adjustment of the foaming kinetics of PPE. The compatibiliza-
tion of the PPE/SAN blends with SBM triblock terpolymers result in a significant
reduction of the phase size and an increase in the number of suitable heterogeneous
nucleation sites. As a result, the nucleation density of the foamed blend sys-
tems is dramatically increased. Additionally, the nanostructured interphase strongly
enhances cell nucleation by combining selective blending with PS and, compatibi-
lizing with SBM, the advantages of both approaches can be exploited.

The excellent foamability of the quaternary blend also relates to the microstruc-
ture. All selected quaternary blend systems revealed a PPE/PS matrix phase able to
stabilize the formed cells, as a result of the higher glass transition temperature and
viscosity compared to the dispersed SAN.

A comparison between experimentally observed values of the present thesis and
literature data is shown in Fig. 36, summarizing the cell size and the nucleation

Fig. 36 Cell size and nucleation density as reported in literature, and comparison with the results
observed in this study. The lines indicate the relative foam density, as theoretically calculated
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density of batch-foamed polymers over a broad range. As can be seen, the nucleation
density of our foams even exceeds 1013 cm−3 leading to cell sizes down to 1μm,
while most other studies reveal significantly lower values in nucleation density. It
should be noted that a third parameter, the foam density, is related to both values.
As the density of the nonfoamed polymers varies from study to study, the relative
foam density as density ratio between the foamed and the neat polymer is selected
as an appropriate parameter. Thus, incorporating this interrelated value as a third
parameter allows one to verify the quality of the data generally observed in the
literature. As can be seen, our data show excellent agreement with theory and reflect
the accuracy of our evaluation methods, in contrast to some other studies.

Along with all the advantages, the refined blend structure is more sensitive to-
wards the foaming parameters as foaming temperature and time. The higher number
of cells and the elastomeric PB block promote rapid cell coalescence and collapse
at elevated foaming temperatures and times. These phenomena can result in an in-
crease in foam density and open-celled or inhomogeneous foam structures.

6 Summary

Controlling the morphology over multiple length scales is regarded as a key factor
for the successful development of advanced materials. Tailoring the structure – from
macro over micro to nano – allows one to derive materials with superior or even
novel properties. In this regard, concepts for developing and foaming micro- and
nanostructured polymer blends were established in order to exploit their multiphase
characteristics for deriving novel cellular materials. Special emphasis was placed on
correlating the blend morphology and the characteristics of the individual phases to
the structure of the cellular material.

Even foaming of simple immiscible blends of PPE and SAN turned out to be
complex, as a multitude of factors such as the blend morphology, the interfacial
properties, and the processing characteristics of each phase need to be considered.
For example, the addition of small amounts of PPE to SAN significantly increases
the cell density via heterogeneous nucleation activity, which is again controlled by
the content and the size of the PPE phase. Depending on the blend composition, the
overall foamability, as indicated by the density reduction and the homogeneity of the
cell structure, can be strongly deteriorated, as each polymer phase shows a distinct
processing window. Such effects become especially evident if the difference in the
glass transitional and viscosity behavior between the blend phases is pronounced,
e.g., for PPE/SAN blends. While the density reduction of SAN is not influenced by
low PPE contents, higher amounts of PPE strongly reduce the foam expansion and
homogeneity, in particular close to co-continuity of the blend. In order to overcome
these drawbacks, new concepts for enhancing the foamability of such immiscible
blends were introduced, using the PPE/SAN 60/40 blend as a reference system.

Melt-compatibilization and nanostructure formation by SBM was identified as
a first promising route, significantly enhancing the homogeneity of the foam, and
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simultaneously reducing the cell size by heterogeneous nucleation activity at the in-
terface. These effects were related to a refined phase sizes of the blend, an adjusted
glass transitional behavior, and an improved adhesion between the blend phases PPE
and SAN. In particular, the nanostructured interface between the blend components
was identified as an excellent heterogeneous nucleation site, and sub-microcellular
and even nanocellular polymeric foams could be derived. However, the density re-
mained rather high due to the absence of cell formation in the highly viscous and
high-Tg PPE phase.

In order to overcome this drawback, the concept of selective blending was ex-
ploited. Selective blending of PPE with low-viscous PS allowed one to control the
microstructure, to refine the phase size, and to adjust the foaming characteristics of
the individual phases of PPE/SAN blends. Appropriate blend compositions allowed
simultaneous nucleation and cooperative expansion of both phases, generally lead-
ing to bimodal cell size distributions in the micron range. Due to cell nucleation and
growth in both blend phases, the density could be further reduced when compared
to PPE/SAN blends. Moreover, the presence of coalesced foam structure and partic-
ularly macroscopic defects could be avoided, and the matrix of the foamed structure
was formed by the heat resistant PPE/PS phase.

Finally, both approaches were combined for controlling both the micro- and the
nanostructure, for increasing the nucleation density, and promoting simultaneous
foaming of quaternary (PPE/PS)/SAN/SBM blends. An excellent foamability was
observed, as indicated by nano-sized cells, a remarkable density reduction, and cell
densities beyond 1013 cm−3. Besides these advantages, the refined blend structure is
more sensitive towards processing parameters. The development of polymer foams
down to the nanocellular range therefore presents demands not only for establishing
suitable material concepts, but also for carefully considering the processing charac-
teristics of these multiphase polymers.

In summary, foaming of blends poses a significant challenge, as the number of
influencing and interacting factors increase significantly. Nevertheless, it also pro-
vides novel chances to tailor cellular materials, e.g., showing high cell densities,
open-celled characteristics, and nanostructured cell walls. The fundamental rela-
tionships between the influence of compatibilization and selective blending on the
blend characteristics and the foaming behavior demonstrated herein should not only
be valid for this particular blend system, but can also help to elucidate the foam-
ing behavior multiphase polymer blends in general and provide guidelines for an
appropriate material selection.

7 Perspectives

While the potentials and challenges of foaming multiphase blends were demon-
strated for some reference systems, this knowledge now needs to be transferred to
other systems and processes, in order to establish general guidelines for foaming
polymer blends, all finally aiming at the development of industrial applications and
market products.
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7.1 Guidelines to Foam Blend Systems

While the foaming behavior of PPE/SAN as well as the effects of compatibiliza-
tion and selective blending were analyzed in detail, using batch-foaming processing
and carbon dioxide as blowing agent, the experience need to be adopted for foam-
ing further blends. These studies should particularly include, but not be limited to,
commercially successful blends such as, e.g., PC/ABS, PA/PPE, and PA/ABS. In
addition, the transfer to alternative, larger-scale foaming techniques such as foam
extrusion and foam injection molding, is highly demanded.

The selection of alternative blowing agents also promises to adjust the foaming
behavior of blend systems, which is particularly interesting for multiphase blends.
Exploiting the selectivity of the blowing agent, the differences in solubility, diffu-
sivity as well as plasticizing effect of the different phases, they all can contribute
to tailor the processing window and foam structure [1, 98–100]. Hydrocarbons, al-
cohols, and inert gases are promising examples for such blowing agents, which are
currently under investigation [1, 98–100]. As an example for the PPE/SAN blend
system, selective solubility of n-pentane in the more viscous PPE phase can be
exploited. As a result, significant density reductions are observed when foaming
PPE/SAN blends with an elevated PPE content; in contrast, high SAN contents lead
to nonfoamed blends. A similar trend is found for ethanol, due to its low diffusivity
and high plasticizing effect in PPE, which allows significant density reductions of
PPE/SAN blends with high PPE contents [100].

7.2 Potential Applications of Foamed Blend Systems

Beside the development of new strategies for controlling cellular structure, the po-
tential of foamed blend systems needs to be transferred into industrial applications.
As demonstrated, blending allows one to reduce the cell size and to increase the
cell density, beneficial for thermal insulation applications, while the mechanical or
barrier properties can be improved via multiphase cell walls.

The thermal conductivity of polymer foams is generally composed of four
factors: heat conduction by the matrix polymer and the cell gas, heat convection
within the cells, and heat irradiation. Regarding standard foams used for insulation
in the density range around 15–40gl−1 and a cell size of tens of microns; the heat
convection can be neglected, while the heat conduction only depends on the foam
density. Strategies for further enhancing the thermal barrier properties therefore aim
at reducing the contribution of irradiation (e.g., by IR-adsorbing materials such as
graphite) or reducing the cell size down to the nanocellular range. Approaching such
fine-celled structures, the heat conduction of the cell gas, the most significant factor
in the overall heat conduction, is strongly reduced due to the Knudsen effect. The
concepts developed in this work allow the formation of such nanocellular structures,
identifying efficient nucleation as key criteria. The next steps should aim at verify-
ing the expected low lambda values and at reducing the still rather high density of
such systems.
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Besides beneficial aspects in terms of reducing the thermal conductivity, foaming
of multiphase blends also promises to control the mechanical response and the bar-
rier properties of cellular polymers. The multiphase characteristics of the cell walls
can be exploited to set the mechanical properties or to establish cellular barrier ma-
terials. For deriving the desired properties of an otherwise weak or highly permeable
matrix, the following criteria need to be satisfied. (1) A second phase with signifi-
cantly higher mechanical properties or a lower permeability towards the gaseous or
liquid permeating species is added. (2) As this polymer often shows higher material
costs, its content should be reduced to a minimum level. (3) For ensuring a simi-
lar processing behavior, the second phase should form the dispersed phase. (4) The
dispersed material needs to be incorporated in the cell walls as a highly elongated,
platelet-like structure. For this purpose, the elongational behavior, the thermal char-
acteristics and the plasticization effect by the blowing agent need to be carefully
adjusted.
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